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The 1961 Howe Memorial Lecture—lron and Steel Division 
Role of Chemistry in Metallurgical Research 


Lawrence S. Darken 


In view of the antiquity of metallurgy, which dates 
back at least four-thousand years, it might seem 
more appropriate to consider the effect of metallur- 
gy on chemical research than that of chemistry on 
metallurgical research. The coke blast furnace was 
in existence almost a hundred years prior to Dal- 
ton’s atomic theory. Roughly contemporaneous with 
Bessemer’s first converter and Siemens’ open hearth 
were the statement of the Second Law of Thermody- 
namics by Clausius, of the Law of Mass Action by 
Guldberg and Waage, and of the Periodic Law of the 
Elements by Mendeléeff. 

The founding of physical chemistry as an exact 
science is usually considered to date from Gibbs’ 
paper “On the Equilibrium of Heterogeneous Sub- 
stances”—this famous work received little attention 
until it was put into less severe language by Rooze- 
boom, who, interestingly enough, also wrote in 1900 
a well-received paper on “Iron and Steel from the 
Point of View of the ‘Phase Doctrine’.” This period 
in physical chemistry coincided with the early pro- 
fessional life of Henry Marion Howe. His remark- 
able ability to comprehend and integrate the best of 
what was then known not only of physical chemistry 
but also of metallography and engineering, to aug- 
ment this and to transmit it in a lucid style in his 
lectures and writings, was a major factor in the 
foundation of modern metallurgy. Although we may 
speculate about what his reactions would be to today’s 
metallurgical scene, we may also envy Howe the sa- 
tisfaction of working in this field at a time when it 
was possible for his exceptional mind to encompass 
essentially all known aspects of the metallurgy of 
iron and steel. 

Since that time the cumulative effect of all branches 
of metallurgical research and the wide transmission 
of this, especially through our schools and universi- 
ties, has indeed been tremendous. Twenty-five years 
ago it was frequently a mutually discouraging experi- 
ence for a scientist to meet operating people, but 
within that period much progress has been made in 
bridging the gap, both by the increase in scientific and 
technical knowledge and, importantly, by a change in 
climate of opinion, leading to a warmer reception of 
new ideas and techniques. In many respects the sci- 
ence has still not caught up to the art, but in others 
it is leading—and all indications are that this tendency 
will continue strongly in the future. I will avoid the 
temptation to say that a new day is dawning, recalling 
the inherent gradual nature of research and of its in- 
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corporation into technology, as well as one of Howe’s 
less cautious comments to this effect in 1917 that, 
“Pure science in its relation to engineering seems 
today to be in an intermediate stage of its asymptotic 
evolution from the state of a follower to that of an 
absolute dictator.” The last two words may have 
been in better repute then than now. However, it 
does seem predictable that the evolution, if not rev- 
olution, in practice will continue—aided rather than 
dictated by advances in fundamental knowledge and 
understanding —and that the trial and error method 
of designing new alloys, sometimes known as stir- 
ring the witch’s cauldron, will continue to yield 
ground though never completely be displaced. 

I shall briefly outline the role of physical chemis- 
try in the understanding of metallurgical phenomena, 
especially in the high-temperature field and in the 
area related to iron and steel. I shall remind you of 
the dominant and continuing role played by thermody - 
namics and the thermodynamic viewpoint, and the 
lack of any other unifying conceptual scheme of com- 
parable scope—from either fundamental atomistics 
or empirical correlation. Then I shall outline the 
usefulness and limitations of the thermodynamic ap- 
proach in areas where its validity is less generally 
recognized; these areas include metastable equlibria, 
partial equilibria, local equilibria, coupled equilibria, 
and irreversible thermodynamics. I shall also men- 
tion other types of kinetics problems and other areas 
where the chemical viewpoint plays an important role, 
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stressing the importance of the integration of ap- 
proaches to metallurgical problems from many differ- 
ent fields. 


TRADITIONAL THERMODYNAMIC APPROACH 


A large part of the earlier metallurgical research 
after Gibbs was concerned with the establishment of 
temperature-composition diagrams—phase diagrams. 
Metallography came into its own. This chapter is by 
no means closed—nor does it show any signs of be- 
coming so. The monumental compilation of phase 
diagrams of binary alloys by Hansen and Anderko,' 
while illustrating the tremendous accumulation of in- 
formation, still leaves disconcerting gaps and discrep- 
ancies. And this is in spite of such modern techniques 
as the electron microscope, X-ray and electron dif- 
fraction, electron microprobe, and internal friction. 
Even that most investigated system iron-carbon still 
has several unsolved features, perhaps most notably 
the solubility of cementite in ferrite below the eutec- 
toid. How often we find in conducting an experiment 
or investigating a process that the requisite equilib- 
rium data are unavailable or inadequate! The zone 
melters might optimistically expect that solidus 
and liquidus curves were handily awaiting them, but 
major discrepancies still exist. The more interest- 
ing and important phenomena are involved with sys- 
tems of several components—ternary and multicom- 
ponent systems. Here reliable information is even 
less plentiful. Investigations of this sort can be con- 
ducted only when the need becomes obvious, for the 
number of combinations of the elements in groups of 
three or more is just too vast. 

The parallel thermodynamic formulation of the 
manifold metallurgical reactions has proceeded over 
a long period. The many compilations of free ener- 
gies, heats and entropies of phases of fixed composi- 
tion give ample evidence of great activity in this 
area and of the changed climate of opinion, in which 
the present day metallurgist easily thinks in these 
terms. 

The number of compounds of metallurgical interest 
such as oxides, sulfides, nitrides, carbides, halides, 
Silicates is indeed large, but the number of conceiva- 
ble reactions involving these with each other and 
with the elements is even larger. The great and 
simple contribution of thermodynamics here is the 
fact that for additive chemical reactions the cor- 
responding free energies are also additive. An exam- 
ple by Rosenqvist and Hynne? serves as an illustra- 
tion. It had been suggested that iron-sulfide ores 
might be converted to iron oxide and elementary 
sulfur by making use of the reaction of pyrrhotite 
with sulfur dioxide. The standard free-energy change 
for this reaction may be found as an algebraic sum 
from the three known free energies of formation as 
follows (a slight departure of the pyrrhotite from 
stoichiometry is ignured). 


1) 3Fe+ 20, = Fe,O, 
2) 280, =S, +20, 
3) 3FeS = 3Fe+ 3/28, 
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AF? = 257,700 +71.17T 
= 173,240 - 34.627 
= 107,730 - 37.687 


Sum) 3FeS + 2SO, = Fe,0O, + 5/258, 

AF® = 23,270 - 1.13 T 
The equlibrium sulfur content of the gas (at one at- 
mosphere total pressure) is then found from the 
standard free energy via the equilibrium constant in 
the usual way. 


= -RT In K = -RT In p??/po, 


Equil. Pct S, 
Calc. Obs. 
700 1.0 1.47 
800 1.6 2.2 
900 2.3 3.4 


It is found that the efficiency of the reaction is ther- 
modynamically limited to an unfortunately low value. 
The agreement of the calculated values with those of 
direct experiment is not atypical. 

In this example the condensed phases were con- 
sidered to be of substantially fixed composition, 
about which we first learned in our earliest contact 
with chemistry and upon which Dalton based his 
atomic theory. It has since turned out that though the 
assumption of fixed composition is a very good ap- 
proximation in some cases, it is nevertheless always 
an approximation and we find to our delight or con- 
sternation, as the case may be, that we must deal 
with phases of variable composition. These compo- 
sition ranges are in general greater at more elevated 
temperatures and are usually greater in liquid than 
in solids. All such phases are properly viewed as 
solutions. Thermodynamic investigations of solutions 
usually consist of the experimental determination 
of the partial molal free energy, which is conveniently 
called the chemical potential and is directly related 
to the activity and activity coefficient; the Gibbs- 
Duhem relation provides an exceedingly useful inter- 
relation. For ideal solutions the activity is propor- 
tional to the concentration in accord with Raoult’s 
law and the activity coefficient is a constant, 
usually taken as unity. Although departures 
from ideality have long been recognized in prin- 
ciple, it has dawned on us only slowly that ex- 
ceedingly great departures are by no means rare. 
Activities in the tin-gold system, as measured by 
Kleppa,* are shown in Fig. 1. Here the departure 
from ideality in the behavior of tin reaches a factor 
of about ten thousand. Fig. 2 shows a similar chart 
for the activity of silicon in liquid iron-silicon alloys 
at 1600°C (Chipman and Elliott).4 Here it is seen 
that the activity coefficient of silicon at low percent- 
age is less than one-hundredth. We would be in error 
by this factor in computing the amount of silicon nec- 
essary for a given degree of deoxidation of steel if 
this low activity coefficient were ignored. 

It is with some trepidation that I touch on the physi- 
cal chemistry of iron and steelmaking. The fine fruit- 
ful research in this area has been so vast and so well 
reported and organized, especially by John Chipman 
and his group in this country, that anything I can say 
would be but a travesty. This work, though bedevilled 
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Fig. 2—Activity of silicon in liquid iron at 1600°C. (From 
Chipman and Elliott.) 4 


by the large number of difficulties inherent in high- 
temperature research, has occupied an appreciable 
fraction of the pages of our Transactions as well as 
giving rise to important symposia and books. Never- 
theless, I feel compelled to say a few words on this 
subject in which my interest has affectionately been 
involved for a quarter of a century. In that period 

a large part of the work was concerned principally 
with the equilibria underlying the refining reactions 
of steelmaking, including the primary carbon-oxygen 
reaction and the distribution between slag and metal 
of various elements, such as oxygen, sulfur, manga- 
nese and phosphorus; with deoxidation equilibria; 
with the solubility of various substances, especially 
of gases, in liquid iron and alloys. It became evident 
that true ternary effects are involved; for example, 
higher amounts of carbon influenced not only the ac- 
tivity coefficient of carbon but also that of oxygen 
and other elements, thus altering the carbon-oxygen 
solubility product. The fact that blast-furnace con- 
ditions are more favorable than those of the open 
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Fig. 4—Limits of decarburization of iron-chromium al- 
loys at atmospheric pressure. (Lines calculated, Chipman;® 
points, data of Hilty.) 


hearth for desulfurization, depends not only on the 
difference in temperature and nature of the slag and 
the difference in oxygen potential but also on the ef- 
fect of carbon in altering the activity coefficient of 
sulfur. This is shown along with similar effects of 
other elements in Fig. 3 from the work of Sherman 
and Chipman.® Such interaction effects are found for 
all elements in solution. Their magnitude, which may 
be measured by the slopes of these curves, may be 
large or small. The net effect may be quite signifi- 
cant at the higher alloy ranges. For example, the ef- 
fect of chromium on the activity coefficients of both 
carbon and oxygen gives rise to a pronounced increase 
in the carbon-oxygen solubility product, leading to a 
much higher carbon content than in the absence of 
chromium, as shown in Fig. 4 from Chipman.® It was 
the realization of this phenomenon which led to the 
development of the process in which carbon is oxi- 
dized preferentially from chromium steel at a very 
high temperature. 

In view of the large amount of data now accumulated 
on the stable equilibria involving liquid iron and steel, 
it would appear that we are now approaching the end 
of an era. But the end of one era heralds the begin- 
ning of another. Although crystal gazing ig very haz- 
ardous, the indications in this area are of continued 
increased attention to kinetics including various types 
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Fig. 5—Ferrite corner of Fe-N system. Showing stable and 
metastable equilibria. 
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Fig. 6—Sulfurization of iron silicate melts by CO-CO,-SO, 
gas. (1550°C, 40 pet SiO,.) (Data of Turkdogan.)® 


of departures from complete equilibrium and espe- 
cially of an evolution of practice based on sound re- 
search, engineering and inventiveness. 

Some parallel researches have been carried out 
in the solid state but these are by no means so nu- 
merous. No one working in this area need be re- 
minded how frequently our understanding of the phe- 
nomena involved is hampered by the absence of bas- 
ic thermodynamic knowledge. The need for such 
background is imperative in view of the increased 
attention to solid-state phenomena and the demand 
for tailor-made alloys. 

Metastable Equilibria. In addition to the stable 
equilibria so far explicitly considered, we are also 
concerned with a variety of metastable equilibrium 
phenomena, which thermodynamics is equally capable 
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Fig. 7—Schematic energetic relations in two types of reac- 
tion rate control. 
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of handling. These merit more attention than they 
have received, not only because of the numerous 
metastable phases encountered, but also because 
they are necessary for the integration of our ther- 
modynamic knowledge. Such equilibria are typified 
by that of supercooled water with its vapor, which 
may be treated like any other equilibrium as long as 
ice does not actually form in the circumstances 
under consideration. As we all know, the cementite 
in low alloy steels is metastable with respect to 
graphite under nearly all conditions. Similarly, the 
iron nitrides commonly encountered are metastable 
with respect to gaseous nitrogen. The solubility of 
gaseous nitrogen and of two nitrides in ferrite is 
shown in Fig. 5. A higher degree of metastability is 
always associated with a higher solubility. A natural 
or artificial suppression of the stable equilibrium is 
always involved in such cases of metastability. In 
this case the suppression of the stable equilibrium 
lies in the slow diffusion of nitrogen at these lower 
temperatures where nitride phases are found. 
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Fig. 9—Solute distribution near solid liquid interface during 
zone melting. (From Johnston and Tiller.) " 
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Before leaving the subject of stable and metastable 
equilibria, I cannot resist the temptation to mention 
the recent surprising finding of Elliott and Lemons’ 
on the cerium-cadmium system. These investigators 
found an amazing array of several dozen stable and 
metastable phase regions within a composition range 
of only 1 pct. The significance of this and the ques- 
tion as to whether similar phenomena will be re- 
vealed by careful investigation of other systems re- 
mains to be seen. 

Metastable equilibria and the relations between 
these and the stable equilibria constitute an interest- 
ing and important area on which I must now forego 
further elaboration. 

Partial Equilibria. There are a variety of situa- 
tions departing drastically from the dead state usu- 
ally considered typical of thermodynamic equilibri- 
um, where nevertheless the thermodynamic approach 
including the equilibrium concept proves useful. 

One such category involves the partial equilibrium. 
I use this term to cover situations in which a sys- 
tem may be out of equilibrium in some respects and 
yet be close to equilibrium in others. For example, 
the open hearth may be out of equilibrium with re- 
spect to the carbon-oxygen reaction yet close to 
equilibrium with respect to the distribution of man- 
ganese, sulfur, or phosphorus between slag and 
metal. In some cases the approach to a partial equi- 
librium leads to rather unusual effects, including 
reversal of the direction of a reaction. An example 
of this occurs in the simultaneous oxidation and 
sulfurization of a ferrous silicate melt by a gaseous 
atmosphere, as shown in Fig. 6, from data of Turk- 
dogan.® Under these conditions sulfurization occurs 
more rapidly than oxidation; as shown by the top 
curve the ferrous melt initially picks up sulfur from 
the gas very quickly, to an extent greatly in excess 
of that in equilibrium with the final melt. After this 
initial stage the sulfur content drops, following the 
equilibrium corresponding to the actual state of oxi- 
dation. The corresponding “normal” type of sulfur 
absorption by a preoxidized melt is shown by the 
lower curve. The ultimate equilibrium is of course 
the same in both cases. I shall return shortly to 
other types of situations removed from complete 
equilibrium where, nevertheless, we may make use 
of the thermodynamic approach. 


KINETICS 
The foundation of present rate theory goes back 
to Arrhenius who found that for many reactions the 
natural logarithm of the reaction rate is a linear 
function of the reciprocal of the absolute temperature. 
Many of us were introduced to the kinetics of chem- 
ical reactions through collision phenomena in mole- 
cular gases. The basic idea of the classical treat- 
ment is that the number of collisions of an A mole- 
cule with a B molecule is proportional at constant 
temperature to the number of B molecules present 
in a unit volume and that a certain fraction of these 
collisions are successful in forming, for example, 
an AB molecule. For the simplest cases this leads 
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Fig. 10— Zone melting of a Pb—10 pct Sn alloy. In(1/k-1) 
= In(1/k -1) — (6/D)f (From Johnston and Tiller.) 


to the well-known mathematical expressions corre- 
sponding to the order of the reaction, and to the Ar- 
rhenius expressions for the temperature dependence 
of the rate constant. This approach has not proved 
fruitful in most metallurgical systems because they 
are usually not molecular in nature and because the 
concept of frequent unsuccessful collisions is not 
valid in most high-temperature metallurgical sys- 
tems of interest. 

Modern reaction rate theory or the activated 
state theory has been elaborated by a number of in- 
vestigators, amongst whom H. Eyring is prominent. 
This is a field of flourishing activity far too involved 
to be considered in detail here. Also we hear whis- 
pers of criticism from other sophisticated quarters 
as to the validity of its basic postulates; but there is 
no question that the activated complex theory has 
had outstanding success in a very wide range of ap- 
plications. Its two basic principles, both concerned 
with the activated complex are 1) that the activated 
complex, though of exceedingly short life, may be 
treated as any other chemical species (e.g., as hav- 
ing a definite set of thermodynamic functions) and is 
in equilibrium with the reactants; and 2) that the spe- 
cific rate of decomposition of the activated complex 
is a universal rate, RT/Nh, independent of the nature 
of the particular reaction or of the particular activat- 
ed complex. It might be noted that corresponding to 
this universal rate the average life of an activated 
complex at 1600°C is about 107-'* sec. Successful as 
this theory has been, we find it of only limited use in 
metallurgical reactions, especially at high tempera- 
ture; here inherent reaction rates are usually so 
fast that the overall reaction rate is controlled not 
simply by the activated complex at the site of reac- 
tion but by transport phenomena—that is, by the time 
required for the reactants to arrive at the site or for 
the products to be dissipated. I purposely avoid the 
area of nucleation phenomena. 


LOCAL EQUILIBRIUM 


In considering such transport-controlled cases, it 
is convenient to think in terms of what we may call 
the concept of local equilibrium. Where this concept 
is applicable, we assume that any small volume ele- 
ment of the system, whether homogeneous or hetero- 
geneous, may be considered as being substantially in 
true equilibrium within itself even during the course 
of a rapid reaction, and is thus characterized by an 
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Fig. 11—‘‘ Parabolic’’ growth of scale on iron oxidized in O5. 
(From Davies, Simnad, and Birchenall.)2° 


unambiguous temperature and by a chemical potential 
of each element of species. Fig. 7 may help to visual- 
ize this situation in the vicinity of a two-phase boun- 
dary. If interface control, a special case of chemical 
reaction rate control prevails, the situation is as illus- 
trated on the left; the slow step is at the interface 
and is concerned with the high energy to form the 
activated complex and the consequent small number 
of these. The transport process, diffusion, is rela- 
tively rapid; correspondingly, as seen in the lower 
left, the chemical potential undergoes a discontinuity 
at the boundary. If, however, local equilibrium pre- 
vails, the situation is quite different, as illustrated 
on the right, where the activation energy at the 
boundary is depicted as not significantly different 
from that for the diffusion process at relatively great 
distances from the boundary. The corresponding 
curve for the chemical potential on the lower right 
thus goes smoothly through the boundary and exhib- 
its no significant discontinuity. In this case the 
change in the chemical potential may be spread over 
an appreciable fraction of a centimeter, perhaps 
over one million atomic distances; the overall change 
in chemical potential may be of the order of ten 
thousand calories. This change occurs over about 
one atomic distance in the chemical rate control 
case; however it is spread over perhaps a million 
atom distances in the local equilibrium case so that 
the difference in chemical potential between two ad- 
jacent atoms is only one-hundredthof a calorie. 

Thus the difference between the two cases usually 
lies in the answer to the question, “Is the change in 
chemical potential at the interface many thousand 
calories or is it a small fraction of a calorie?” 

The concept of local equilibrium or of transport 
control of a process is by no means new; it was sug- 
gested by Noyes and Whitney® in 1897 for the growth 
of crystals from supersaturated aqueous solutions, 
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and by Nernst’® in 1904. This concept and its limita- 
tions have received considerable attention from many 
investigators, especially Carl Wagner and coworkers; 
Kahlweit'! has recently shown that in the precipitation 
of various sparingly soluble salts from aqueous solu- 
tion, silver chloride provides the only case of simple 
diffusion control; Rickert!* has found that the rela- 
tively rapid growth of silver sulfide on silver is only 
partly transport controlled at 200° to 400°C, the more 
dominantly so at the higher temperature. Others 
have considered the role of transport control either 
explicitly or implicitly in a wide variety of cases. It 
has been reported that the dissolution of sodium 
chloride or benzoic acid in water may be satisfac- 
torily explained in terms of transport control'* as 
may that of copper in liquid bismuth and lead** but in 
the dissolution of lead in tin the interface reaction 
was found to be partially controlling except in the 
absence of convection. In 1955 Eldred'® reviewed 
the then available observations on interactions be- 
tween solid and liquid metals and alloys. 

Transport control can be used as a unifying con- 
cept for metallurgical reactions in somewhat the 
same way as gravity is for the motion of bodies. 
Many forces other than gravity may act, yet gravity 
is ever present and frequently dominant and certainly 
serves as a unifying concept. Analogously, for reac- 
tion to occur, the species must come together by 
some transport process, although other factors may 
also influence the overall rate. In general there are 
hindrances to the reaction such as an intervening 
adsorbed substance or a high activation energy or 
electric field effects. However, in metallic systems 
these are of less significance than in systems involv- 
ing covalent bonds, and in any event these hindrances 
very generally become of much less significance as 
the temperature is raised and local equilibrium is 
more closely approached. In somewhat oversimpli- 
fied language, reaction rates become so fast at suf- 
ficiently high temperature that the significant time 
is that taken by the reactants to arrive at the scene; 
the temperature which may be regarded as “suffi- 
ciently high” depends very strongly on the system 
under consideration. 

I shall now give a few metallurgical examples 
which I hope you will find interesting illustrations of 
the utility of the local equilibrium concept in aiding 
our understanding of kinetic behavior. 

Uphill Diffusion. The so-called uphill diffusion 
phenomenon provides a rather clearcut case of local 
equilibrium. A concentration profile from a diffusion 
weld experiment involving two ternary alloys is shown 
at the top of Fig. 8.'® Both alloys were iron base, 
one containing silicon, and the other manganese. The 
initial carbon contents were nearly equal, being a lit- 
tle higher on the manganese side of the weld than on 
the silicon side. If one thought merely in terms of 
concentration as a driving force for diffusion, only a 
very small flux of carbon would be expected. How- 
ever, the experimental finding is seen to be quite dif- 
ferent. There has been very substantial migration of 
carbon from the silicon side of the weld to the man- 
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Fig. 12—Growth of wiistite layer during oxidation of iron. 


ganese Side and in the opposite direction to what 
might have been anticipated from the small difference 
in the initial carbon content. In simple language car- 
bon hates silicon and loves manganese. From thermo- 
dynamic measurements of these systems, we may 
evaluate the activity of carbon along the concentration 
gradient in the vicinity of this diffusion weld, ob- 
taining the curve in the bottom half of Fig. 8. Now 

it is seen that the carbon does indeed flow to a re- 
gion of lower activity or chemical potential, and that 
within the experimental error there is no discon- 
tinuity in the carbon activity even at the interface 
itself. There is only a slight change in the slope of 
the curve at this point corresponding to a change in 
the diffusivity of carbon. This relatively rapid dif- 
fusion of carbon and other interstitials as compared 
to the substitutional elements thus leads to an under- 
standing, in terms of local equilibrium, of banding 
and other effects wherein carbon concentration fails 
to equalize even on rather lengthy heat treatment. 
Equalization of the carbon content would require a 
vastly longer time governed by the low diffusivity of 
the substitutional elements involved. 

Zone Melting. In zone melting the prevalence of 
local equilibrium has been generally taken for 
granted. In fact, in Pfann’s original conception and 
invention of this process, the concept of local equi- 
librium is inherent. Schematic representation of the 
concentration profile in the vicinity of the advancing 
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solid interface during motion of the zone is shown in 
Fig. 9. The solute, such as Sn in Pb, is rejected by 
the solid and accumulates in the liquid. Diffusion in 
the solid is usually negligible, and mixing in the liq- 
uid is sufficient that the liquid is uniform in compo- 
sition at appreciable distances from the interface. 
However, such convective mixing cannot take place 
immediately adjacent to the interface and we now fo- 
cus attention on the peak in the concentration curve. 
The width of this peak, 6, is normally small—some- 
times a small fraction of a millimeter—and is diffi- 
cult, if not impossible, to determine directly. If local 
equilibrium prevails, then the concentration in the 
liquid at the peak, Cy (0), and in the solid, Cg (0), 
will correspond respectively to that of the liquidus 
and of the solidus in the equilibrium diagram at the 
corresponding temperature. As a matter of fact, 
careful thermocouple measurement shows'that the 
temperature of the interface within the error of meas- 
urement (0.01° to 0.1°C) does correspond to the soli- 
dus, the composition of the solid being determined 
by analysis of the frozen ingot. The verification that 
the composition of the liquid immediately adjacent to 
the interface does indeed correspond to that of the 
liquidus on the phase diagram is more difficult and 
must be done indirectly. Such analysis and experi- 
ment have been carried out by Johnston and Tiller'’ 
using a magnetic stirring technique to vary 6. On 
the hypothesis that local equilibrium is obtained, 
they show that a linear relation should exist be- 
tween a function of the effective partition coefficient, 
k = Cg(0)/Cyz(«), and the freezing velocity for a 
given 6. Their experimental data shown in Fig. 10 
give striking and impressive evidence that this is 
indeed so. Each magnetic field strength corresponds 
to a given rate of stirring and hence to a fixed value 
of 56. It will be noted first that all the curves extra- 
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polate back at zero rate of freezing to a value of the 
effective partition coefficient, k, which is identical 
with the equilibrium value (Rk, = 0.55). Moreover, at 
each rate of stirring the points fall on a straight 

line exactly as called for by the theory, thus giving 
it strong support and indicating that local equilibrium 
does prevail at the interface even for relatively ra- 
pid freezing rates. The marked effect of magnetic 
stirring in bringing the apparent distribution coeffi- 
cient closer to the equilibrium value is most strik- 
ing. Burton and coworkers'*®!® carried out a very 
detailed mathematical analysis of the growth of a 
rotating crystal from the liquid. Their experimental 
work with alloys of Sb, Ga, or As in Ge agrees very 
well on the basis of local equilibrium at the freezing 
interface. The wide successes of the theory in pre- 
dicting the results of zone refining strongly indicate 
that the concentration ratio at the interface generally 
corresponds to the equilibrium ratio. Thus the prev- 
alence of local equilibrium is amply though in part 
indirectly demonstrated in these cases. It is impor- 
tant to note that the width, 6, of the diffusion boun- 
dary layer though large compared to atomic dimen- 
sions is small compared to ordinary macro dimen- 
sions and that the bulk of the liquid is by no means 
in equilibrium with the solid at finite freezing rates; 
the bulk liquid does not have the composition.corre- 
sponding to the liquidus on the phase diagram. 

Since the vast majority of all the metal we use has 
undergone freezing at some Stage of its history and 
since this history leaves its indelible imprint on the 
product in a variety of ways, sometimes called “mem- 
ory effects,” it seems apparent that research in this 
area will continue to prove fruitful from both the 
theoretical and practical aspects. 

Oxide Growth. Diffusion-controlled growth of oxide 
layers during the oxidation of a metal provides anoth- 
er example of the usefulness of the local equilibrium 
concept. In many cases it is found that dense oxide 
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layer growth follows the well-known parabolic law— 
the square of the layer thickness being proportional 
to the time of oxidation. The rate of growth may be 
deduced from the diffusivity and the assumption that 
the oxide has a composition corresponding to equilib- 
rium with the metal on one side and to either the gas 
or higher oxide at the other interface. Birchenall 
and coworkers?°~** conducted an extensive series 

of experiments on iron oxide showing first that the 
growth rate of relatively thick scales on iron fol- 
lowed the parabolic relation characteristic of diffu- 
sion control as shown in Fig. 11. Utilizing radioac- 
tive silver as a tracer they further showed that iron 
is the mobile constituent in both wtistite and magne- 
tite, the mobility of oxygen being very small. They 
then determined the diffusivity of iron in both these 
oxides using a radiotracer technique; they were able 
to show that the rate of scaling computed on the basis 
of this diffusivity and thermodynamic properties, on 
the assumption of local equilibrium at the boundaries, 
agrees very well indeed with the observed rate. 

By no means can all oxidation phenomena be inter- 
preted so simply. In the case of iron, Hauffe and 
Pfeiffer? found a linear relation between scale thick- 
ness and time of exposure in certain ranges. More 
recently, Smeltzer?* has presented further convincing 
evidence of this linear growth rate for very thin wiis- 
tites in the submicron range. He used CO, or CO- 
CO, mixtures as oxidizing agent in order to prevent 
the formation of any oxide other than wiistite. The 
marked contrast with the high parabolic oxidation 
rate when a magnetite layer forms is shown in Fig. 
12. These investigators attribute this slowness to 
the high activation energy for the dissociation of car- 
bon dioxide, a factor which does not enter when oxy- 
gen is the oxidizing agent. 

We are forever confronted with the reaction of met- 
al with its environment; it is evident that all aspects 
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of these reactions warrant even increased attention, 
especially since the avenues of pertinent basic re- 
search are now much clearer than ever before. The 
local equilibrium concept, in a limited way, provides 
a helpful starting point in understanding these pheno- 


enter. 
Cementite Growth. I should next like to consider a 
slightly more involved and perhaps surprising exam- 


rium. This involves the growth of grain boundary ce- 


may be interpreted in terms of local equilibrium. 
The thickness-time relation for the growing cemen- 
tite layer as computed for a pure iron-carbon alloy 
from the postulate of local equilibrium and the well- 
known diffusion laws is shown in Fig. 13, from Hec- 
kel and Paxton”® whose measurements are also 
shown. Obviously there is a very wide discrepancy 
between the observations and the calculations based 
on the foregoing hypothesis. The lower curve per- 
tains to a carbon steel containing 0.91 pct Mn and 
0.23 pct Si and indicates a growth rate about one- 
tenth of that anticipated; the upper experimental 
curve pertaining to a relatively high purity alloy 
shows growth at only about one-fifth the anticipated 
rate. At first it may not seem reasonable to blame 
such a large effect on such a small amount of im- 
purity; however, I shall show that a careful analysis 
of the impurity effect does indeed lead us to antici- 
pate this decreased rate as indicated by the calcu- 
lated tangent shown in the figure. The diffusivity of 
substitutional elements, such as silicon, is so small 
compared to that of carbon, and the distribution coef- 
ficient of silicon between cementite and ferrite is so 
small that a very tall peak in the concentration pro- 
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Fig. 17—Effect of oxygen on the rate of solution of nitrogen 
in liquid iron. (From Pehlke and Elliott.)?8 


file of silicon and similar elements may be antici- 
pated, as shown in Fig. 14. In fact, calculations indi- 
cate that the silicon concentration may be about a 
hundred times as great in the austenite at the mov- 
ing interface as in the bulk specimen of relatively 
pure alloy. This effect is somewhat analogous to the 
wave-like rise of water as a shallow puddle on the 
floor is rapidly pushed back by a broom or yard- 
stick. Even so, the interpretation of the relatively 
large effect is still not apparent. The key to under- 
standing the situation lies in the thermodynamics of 
ternary systems. The condition of local equilibrium 
in the immediate vicinity of the interface would re- 
quire that the activity product, a},a-, be constant 
(even in the presence of other components, provided 
these do not enter the cementite). The effect of sili- 
con in decreasing the activity of iron and corresponc- 
ingly increasing that of carbon leads to a higher per- 
centage of carbon just outside the silicon peak, as in- 
dicated by the dashed curve in Fig. 14. The flux of 
carbon through the austenite and hence the rate of 
growth of cementite is much smaller than would 
otherwise be anticipated, as may be inferred from the 
smaller siope. This is a rather striking illustration 
not only of the utility of the local equilibrium concept 
but also of the effect of rather small amounts of im- 
purity of the appropriate kind. It will be noticed that 
the width of the silicon peak region is much smal- 
ler than is the region of appreciable carbon gradient 
—even though this distance is small, it is still larger 
than atomic dimensions. The influence on the growth 
rate of impurities insoluble in cementite, as calcu- 
lated on the basis of these considerations by Kirk- 
wood,”® is shown in Fig. 15. The computed relation, 
which is shown as a band on account of the uncer- 
tainty in the diffusivity of the impurity, is in reason- 
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ably good agreement with the observations, espe- 
cially at the higher impurity level. This agreement 
is also indicated by the calculated initial slope shown 
in Fig. 13. The local equilibrium concept permits us 
to deal with this type of phenomenon in a definite 
way instead of speaking vaguely of the reaction kine- 
tics at interfaces. 

If conditions are altered in such a way, as by low- 
ering the temperature, it is apparent that the width 
of the peak becomes smaller and smaller, we even- 
tually come to the case where its width approaches 
atomic dimensions. 

A similar analysis in the rate of growth of pear- 
lite shows that these same considerations enter here 
and that the effects of alloying elements may ade- 
quately be explained in terms of local equilibrium 
concept, thus aiding us substantially in understanding 
hardenability effects. As mentioned previously, I 
feel that this type of interpretation may be capable of 
extension to a variety of other cases. 

It is also of some interest to note that the exam- 
ples I have mentioned, especially that of cementite 
and of pearlite growth, serve well to expose the fal- 
lacy of the loose but rather common way of thinking 
that the driving force derives directly from the over- 
all free energy change. The analysis of these cases 
makes it amply clear that the effective driving force 
is the gradient of the partial molal free energy or 
chemical potential of the mobile constituent rather 
than that of the overall free energy. It is for this 
reason that in discussing rates I have spoken princi- 
pally of the chemical potentials rather than the over- 
all free energy change. 

Open Hearth Reactions. The primary reaction of 
the open hearth—the transfer of oxygen from slag to 
metal and its subsequent evolution as oxides of car- 
bon—can also be understood in terms of the local 
equilibrium concept. The chemical potential of oxy- 
gen in the slag is very high compared to that in the 
metal, which is well stirred under conditions of nor- 
mai boil by the evolution of oxides of carbon. One 
of the main barriers to the transport of oxygen is a 
thin boundary layer in the metal immediately adja- 
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cent to the slag; diffusion of oxygen through this 
must occur before the general turbulence of the met- 
al distributes the oxygen throughout the bath to pro- 
mote the normal boil. This boundary layer normal- 
ly has a thickness of a few thousandths of a centi- 
meter. The flux of oxygen through this layer may 

be computed from Fick’s law of diffusion and the 
known boundary conditions of the layer. Since sub- 
stantially all the oxygen so transferred is evolved as 
oxides of carbon, we may thus compute the rate of 
carbon drop. Good agreement with observed rates 

is found. A similar computation permits us to esti- 
mate the rate of transfer of sulfur or manganese 
from slag to metal or vice-versa; again agreement 
with open hearth experience is found. The transfer 
of heat from slag to metal may also be treated in 
terms of a boundary layer though in this case it isa 
layer in the slag which offers the principal resis- 
tance. In a pseudo steady state such as this, we have 
to be very careful in drawing conclusions as to the 
rate controlling step. In an open hearth the overall 
rate is drastically increased by oxygen injection 
which supplies heat in a much more direct way and 
increases the carbon evolution rate which in turn in- 
creases the interfacial area and decreases the thick- 
ness of the boundary layer, so that these and other 
factors are interrelated in a very complex way. 


INTERFACE CONTROLLED REACTIONS 


Although I have elaborated on the usefulness of the 
local equilibrium concept, even in cases (as previ- 
ously cited) where its validity is not immediately 
obvious, there is no question that there exists a num- 
ber of cases even at relatively high temperatures 
where local equilibrium does not prevail and the 
dominant rate controlling factor is interfacial. A 
rather clear-cut case of this is the nitrogenizing of 
iron in the austenite region. Even when this nitrogen- 
ization is performed in nitrogen gas to which suffi- 
cient hydrogen has been added to prevent or remove 
oxide film (which is known to hinder markedly nitro- 
gen penetration), it is found that the surface of the 
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specimen rises only very slowly toward the equilib- 
rium nitrogen content. This is illustrated in Fig. 16,7’ 
showing the nitrogen profile at a series of times; it 

is seen that even after nine days there still exists a 
marked contrast between the nitrogen content at the 
surface and the ultimate equilibrium content, which 

is well established. This shows very clearly that 
local equilibrium does not prevail at this metal-gas 
interface where covalent bonds are broken, and that 
the interface reaction itself is rate controlling under 
these circumstances. 

Even more surprisingly it has now been found by 
Pehlke and Elliott?® that a similar effect prevails 

in the nitrogenizing of liquid iron by nitrogen gas. 
They found, as shown in Fig. 17, that the presence 

of relatively small amounts of oxygen well below the 
solubility limit decreased the rate of nitrogen absorp- 
tion by a factor as high as 20. Clearly we must con- 
tend here with an interface control problem undoubt- 
edly involving the adsorption of oxygen on the sur- 
face and the hindrance to the dissociation thereon 

of the nitrogen molecule. However, at very low oxy- 
gen content the rate of nitrogen absorption may well 
be controlled by diffusion through the boundary layer 
as indicated by the much smaller activation energy. 
A rather spectacular example of marked departure 
from local equilibrium is the phenomenon of the in- 
ternal burning of graphite. If a cube of graphite is 
heated in air, it is found that in a time interval when 
the apparent volume changes by only a few per cent 
the weight loss may be about twenty per cent. Clearly, 
oxygen or CO, penetrates the entire specimen through 
small channels wherein the oxidizing gas molecules 
collide very frequently with the walls but seldom 
react, in spite of the large difference in chemical 
potential between the carbon in the graphite and that 
in the gaseous phase. 

Another perhaps less clear-cut example of lack of 
local equilibrium is the dissolution of a rotating 
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tungsten carbide specimen in molten cobalt. It was 
shown by Skolnick**that the velocity of rotation had 
little effect on the rate of dissolution—contrary to 
the expected behavior for simple diffusion control. 

In fact, the observed rate is slower by a factor of a 
hundred than that computed. Whether this process is 
indeed chemically controlled, as suggested by Skol- 
nick, or is limited by impurity or by the occurrence 
of another phase, this type of phenomenon would ap- 
pear to warrant further attention in relation to a num- 
ber of metallurgical problems—perhaps most notably 
in the refractory field where reduction of the disso- 
lution rate by such a large factor would certainly be 
appreciated. 

Iron Oxide Reduction. Interface control plays a 
major role in iron oxide reduction. In spite of the 
large number of previous investigations of these 
reduction reactions, McKewan* has been able to 
demonstrate an underlying simplicity. In the reduc- 
tion of dense spheres of hematite by hydrogen he 
finds that, under fixed conditions of temperature 
and gas composition, the rate of advance of the inter- 
face between reduced iron and unreduced oxide is 
constant throughout the experiment. A partially re- 
duced sphere is shown in Fig. 18. The intermediate 
layers are relatively thin so that the weight loss is 
a good measure of iron reduced. The linear rela- 
tion between the position of the interface and time 
of reduction is illustrated by Fig. 19. This linear 
relation is by no means limited to spherical shapes 
but applies to all boundaries; apparent anomalies 
may occur for porous or cracked specimens but 
here also the linear relation apparently applies to 
all surfaces to which the gas can penetrate—and the 
gas penetrates with surprising ease through the por- 
ous reduced iron. The effect of diluting the hydrogen 
with nitrogen or water vapor is shown in Fig. 20. 
This phenomenologically simple type of behavior for 
the reduction of hematite prevails over a wide range 
of temperatures and hydrogen pressures. It is found 
however by experiments at elevated pressure that a 
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ceiling is eventually reached; above a certain pres- 
sure, at a given temperature, the reduction rate no 
longer increases. 

In the corresponding reduction of magnetite below 
the eutectoid temperature, the metal-oxide interface 
again advances at constant rate. This rate however, 
as shown in Fig. 21, is decreased by the presence of 
water vapor much more than might have been antici- 
pated—firstly, zero rate is approximately approached 
not at the water vapor content corresponding to the 
stable equilibrium Fe-Fe,O, but at that correspond- 
ing tothe metastable equilibrium FeO-Fe,O, ; and 
secondly, there is a strong curvature which can be 
explained quantitatively in terms of adsorbed oxygen. 

This whole series of phenomena has been inter- 
preted, in part quantitatively, in terms of interface 
control; however the interpretation is by no means 
complete. It would seem that if the overall reduction 
is controlled by the reaction at the interface of me- 
tallic iron in wiistite then some type of local equilib- 
rium must prevail in the intervening region between 
the metallic iron and the unreduced hematite. 

From these examples it is apparent that in metal- 
lurgical reactions, we deal with both transport and 
interface control and mixtures of these, as well as 
with a host of nucleation phenomena which I have 
entirely omitted from discussion. The unraveling 
of these phenomena will undoubtedly continue to 
prove a fruitful research area for some time to 
come. 


COUPLED REACTIONS 


I should now like to call attention to another type 
of reaction and associated equilibrium which would 
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seem to merit more metallurgical attention than it 
has received. This may be called “coupled” reac- 
tion. The corresponding coupled equilibrium may 
be viewed as a Special type of partial equilibrium. 

It involves the separation of the system into parts in 
such a way that there is a limited but definite con- 
nection or communication between these parts. 

The connection may be a diaphragm with properties 
such that, although the chemical potentials do not 
equalize, a definite relation prevails amongst them. 
The reaction is then analogous to the seesaw or the 
simple pulley or the water ram wherein the gravita- 
tional potential of one mass is increased at the ex- 
pense of the other. 

The phenomenon may be illustrated by a concep- 
tually simple example involving the uphill pumping 
of sulfur at the expense of oxygen. This is shown 
schematically by Fig. 22. The partial pressure of 
oxygen is continually maintained higher on the left 
than on the right. The partial pressure of sulfur is 
initially uniform throughout. The oxide-sulfide 
diaphragm is essentially of purely ionic nature and 
contains no elements which can undergo a valence 
change under the conditions of the experiment. The 
motive force is the tendency of oxygen to migrate 
from the side of higher partial pressure to that of 
lower. However, the potential gradient of oxygen can 
actually effect a migration of oxygen only if sulfur 
moves in the opposite direction; this follows from the 
necessity of maintaining electrical neutrality; the 
charge carried in one direction by the O* ions can, 
under the stipulated conditions, be returned only by 
S* ions. Thus sulfur could be pumped uphill by the 
motive power of oxygen. The limit of this effect 
would indeed be an example of partial equilibrium 
where the membrane is of uniform composistion and 
satisfies on each side the equilibrium 
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’ so that the ratio of the partial pressure of sulfur to 
that of oxygen is the same on each of the two sides 
even though the partial pressures themselves may 
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Fe-S-O MELT 
-50 -50 
7 
Fe-S-O MELT Mn-MnS PELLET 
= 7 
100 -100 


Mn-MnS-MnO PELLET 


-150 ' Kcal/mol -150 Kcal/mol 


Fig. 25—Energetics of coupled transfer of oxygen and sulfur 
through ionic diaphragm. 
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the usual meaning of the word, are referred to as 


CENTER HOT FACE 
705°C 
Fig. 26—Thermal diffusion of carbon ina@ iron. (60 hr; 
Gradient 545°C/cm) (From Shewmon.)*? 


be vastly different on the two sides. Thus, if the 
partial pressure of oxygen were one hundred times 
greater on one side than on the other, that of sulfur 
would tend to the same ratio. 

I was inclined to feel a bit pessimistic about the 
feasibility of a convincing laboratory demonstration 
of such an effect. However, Turkdogan and Grieve- 
son*! devised a series of experiments which were 
carried out by the latter. The nature of these experi- 
ments is shown in Fig. 23. Here the solid Mn-MnS 
mixture on the bottom provides the low oxygen and 
sulfur potential whereas the FeO-FeS melt on the 
top provides the higher oxygen and sulfur potentials. 
Soda-lime glass, which is a viscous liquid at this 
temperature, serves as the diaphragm (actually as 
two diaphragms); the intervening gas space is an 
experimental convenience. The course of the reac- 
tion on the FeO-FeS side is shown in Fig. 24. Here 
it is seen that the oxygen lost is replaced atom for 
atom by sulfur gained—the sum remaining constant; 
the corresponding opposite change was found in the 
portion of the manganese pellet near the diaphragm. 
The change in the chemical potentials of the oxygen 
and sulfur transferred is shown in Fig. 25. The de- 
crease in the chemical potential of oxygen just 
slightly overbalances the increase in that of sulfur 
thus driving the sulfur “uphill” through the ionic 
diaphragm. On this diagram one can visualize the 
seesaw effect of the sulfur rising in potential as the 
oxygen decreases in potential. There is only a small 
net decrease in the free energy of the whole system. 
The net effect is the apparent anomaly of the desul- 
furization of manganese by iron, but actually this is 
accomplished at the expense of the deoxidation of 
iron by manganese. 

It is quite possible that we would find actual or 
potential couplings in a variety of circumstances, 
especialiy in slag-metal reactions, if we search for 
them. 


IRREVERSIBLE THERMODYNAMICS 


Another important area that has been receiving 
increasing attention in various quarters is that of ir- 
reversible thermodynamics. In this field the phenom- 
ena to which I have referred as thermodynamic, in 
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Fig. 27—Blade shaped platelets formed by the oxidation of 
an iron wire in water vapor. (From Gulbransen®®, Pub- 
lished by permission of the Faraday Society). 


thermostatic; the word thermodynamic is reserved 
for an entirely different set of phenomena. The 
foundation of the concepts in this field goes back to 
Onsager’s formulation of the principle of microsco- 
pic reversibility, from which he deduced, in a very 
general way, the equality of certain cross-effect 
coefficients when two fluxes occur simultaneously. 
He thus evolved a formulation to represent the effect 
of one flux on another. The best known example is 
the thermoelectric effect, wherein the flux of heat 
gives rise to an electric potential—as in the case of 
the thermocouple. The general principle is very 
broad in scope and includes all sorts of fluxes of 
matter such as those occurring in diffusive proces- 
ses, as well as fluxes of energy such as thermal and 
electrical. 

The Soret effect, also known as the thermal diffu- 
sion effect, is another well-known example. An inter- 
esting illustration of this is due to Shewmon.* He 
held an iron-carbon alloy in a thermal gradient; the 
cementite was initially uniformly distributed; the re- 
sult, as seen in Fig. 26, shows that carbon has mi- 
grated to the hot side of the specimen and formed 
more cementite there at the expense of that on the 
cooler side. This is the reverse of what might have 
been expected if one thought only in terms of con- 
centration. Thus we see clearly that there is a strong 
pumping effect of the thermal gradient in pushing the 
carbon uphill against its own concentration gradient. 

A major advance in this field of irreversible ther- 
modynamics was made by Prigogine who showed that 
the Onsager principle is equivalent to the statement 
that, on a linear approximation, the rate of production 
of entropy by the system at steady state is a minimum. 
This means, loosely and especially near equilibrium, 
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Fig. 28—Sn-Sb System, 412°C. (From Yanko, Drake and 
Horvorka*4, Published by permission of the Electrochemi- 
cal Society). 


that nature in general behaves in such a way as to 
conserve energy in useful form and to minimize its 
dissipation. She carefully conserves this currency 
on her own, within her ability to do so, consistent 
with the conditions that may be imposed. In a grandi- 
ose and perhaps exaggerated sense we might be 
tempted to say that if the second law of thermodynam- 
ics appears to call for the universe eventually to go 
to hell, the Prigogine principle tells us that it is cer- 
tainly not doing so on greased skids. Examples of 
this or analogous minimization principle are present 
on nearly every hand; the idea provides a very useful 
adjunct to what might be called a common sense or 
intuitive way of thinking about many phenomena. A 
dropped piece of paper does not streamline itself 
and dive to the floor but rather flutters back and 


04 05 06 O07 08 
NFe203 * NFeo— 

Fig. 29—Miscibility gap in calcium sulfate-calcium fer- 

rite melts. (Po, = 0.21 atm.; 1500°C.) (Data of Grieveson 


and Turkdogan.) ® 
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forth thus decreasing its rate of fall; similarly, a 
rising gas bubble in a liquid is not spherical but 
shapes itself so as to decrease its velocity. It is 
perhaps an aid to our intuitive thinking to view some 
of the cases I mentioned previously in this light. 
Thus in the case of the growing cementite we see 
that nature has very cleverly taken advantage of a 
small trace of impurity to decrease markedly the 
rate of growth. This is also true in the case of 
pearlite growth. The effect of alloying elements in 
increasing the hardenability of steel—that is, in de- 
creasing the rate of transformation—may be viewed 
as arising from the cleverness of nature in utilizing 
these elements to maximum advantage to slow the 
transformation. On the cosmic scale we see that the 
high temperature energy of the sun is not exclusively 
absorbed and reradiated at a low temperature but 
rather that nature has evolved a complicated scheme 
whereby she manages to save some of this in living 
things, and even to pack some of this energy away as 
coal and oil. The growth of filaments or whiskers, 
the study of which has enjoyed considerable popular - 
ity, presents another example of nature’s hesitancy 
to plunge a system into its lowest free energy state; 
for example, Gulbransen** has demonstrated an odd 
phenomenon in the very early stages of the oxidation 
of iron. He encountered a variety of whiskers, blades, 
and fan shaped growth. Some of these are shown in 
Fig. 27. The development of these, which he inter- 
preted in terms of imperfections in the base metal, 
clearly involves storage of some of the free energy 
of oxidation as surface free energy rather than dissi- 
pation as heat. 

The detailed and highly mathematical treatment 
involved in irreversible thermodynamics so far deals 
exactly only with so-called linear cases involving 
small departures from equilibrium. I do not wish to 
give the impression that theorists can at present 
handle cases such as some I have cited, or that we 
are warranted in jumping to too broad conclusions as 
to the applicability of the theory. The pessimistic 
thought has also been expressed that in order to com- 
plete the formulation of a problem in these terms, it 
must first be stated in terms of appropriate laws 
from other fields; but if these are completely known 
then the formulation in terms of irreversible thermo- 


dynamics may, in a sense, be regarded as superfluous. 


But, just as in earlier days, the relations of conven- 
tional thermodynamics were less useful because da- 
ta were relatively unavailable and related fields 
were less well understood, so in irreversible ther- 
modynamics it is found that fruitful application calls 
for as yet unknown quantities and parameters. James 
Li has recently succeeded in dealing with the theory 
of irreversible thermodynamics in another way, 
based on the postulate of the separability of indivi- 
dual processes; this treatment leads to a variety of 
interesting results, especially an extension to larger 
departures from equilibrium. 

It is to be hoped that this promising area of irre- 
versible thermodynamics will develop in future years 
to be as sound a mainstay as Classical thermodynamics. 
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ELECTROCHEMISTRY 


No discussion of chemistry in metallurgy, no mat- 
ter how individual the viewpoint, can ignore the large 
role of electrochemistry and recent advances in our 
understanding in this field. Both practically and ex- 
perimentally metals are frequently in contact with an 
ionic environment. The environment may be an aque- 
ous solution as in electrodeposition, corrosion, or 
laboratory cell, or it may be a molten slag as oxide 
or halide, or a solid ionic phase as oxide or sulfide. 
Much use has been made of reversible cells and the 
well-known relation AF = - "€5 to determine the 
chemical potential of more active elements in a liq- 
uid alloy. This method, usually utilizing molten elec- 
trolyte, is one of the most precise. The high preci- 
sion obtainable is beautifully illustrated by Yanko, 
Drake, and Hovorka’s** determination of the activity 
of tin in the tin-antimony system, as shown in Fig. 
28. The approach to Raoult’s law as a limiting law is 
shown very nicely. The Gibbs-Duhem equation is 
used to give the activity of the other component, and 
hence the free energy of formation of the alloy. This 
method may also be used for ternary and more com- 
plex systems,* though the thermodynamic treatment 
to obtain the activities other than that which is meas- 
ured is a bit more complex. Many variations have 
been used, noteworthy among which are the sophisti- 
cated and fruitful techniques of Carl Wagner for solid 
state cells. 

Work in electrochemistry in aqueous solutions has 
undergone a drastic change in the last decade or two. 
Previously, fundamental experimental work was in- 
volved principally with the potentials of reversible 
cells. Today, irreversible electrochemistry is com- 
ing into its own on a sound basis, though the num- 
ber of groups interested in this field, especially in 
this country, is rather small. The basic mechanism 
of the cathodic deposition of metals and hydrogen 
and of the anodic dissolution, as well as inhibition 
by adsorption or protection, are being investigated. 
Corrosion theory has been stimulated by Wagner’s*® 
theory of mixed electrode potentials as’well as by 
local cell theory. A major driving force toward the 
understanding of fundamental electrode processes 
has been the development and use of electronic in- 
struments such as oscilloscopes and pulse genera- 
tors with response times of less than a microsecond. 
This area serves as a beautiful illustration of the 
correlation of scientific advances with the art of the 
instrument maker. From such measurements®’ it 
has been possible to show, for example, that the slow 
and hence controlling step in the evolution of hydro- 
gen from acid solution on mercury is the formation 
from the electrolyte of an adsorbed hydrogen atom 
on the surface. In the case of the electrodeposition 
of silver**3° at low current density it has been shown 
the diffusion of adsorbed silver atoms on the surface 
to kink sites is the rate controlling process. The 
theory of adsorbed atoms known as adatoms has been 
worked out rather thoroughly on both a thermodynamic 
and a kinetic basis. The pioneering work of David C. 
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Grahame on the electrode double layer has extended 
our understanding of adsorption under the influence 

of an electric field. The formation of the electrode 
double layer at the solution interface in a matter of 

a few microseconds can now be followed and its ca- 
pacitance determined. This capacitance, which is 
greatly affected by adsorbed species, provides a means 
of understanding corrosion inhibition. 

The ionic theory of aqueous electrolytes was clear- 
ly propounded by Arrhenius in 1883 and rather gene- 
rally adopted after many misgivings a few decades 
later. However, the ionic nature of molten oxides in- 
cluding silicates and slags has become generally ac- 
cepted only during the past decade although the mole- 
cular model has not been tenable since the early thir- 
ties. Measurements of the electrical conductivity and 
of transport numbers have firmly established the 
highly ionic nature of molten oxides. In some cases 
there is also substantial electronic transport. In sili- 
cates, electronic transport is usually small. Viscosity 
data are also available, contributed largely by Bockris 
and coworkers. He“ has presented a rather satisfac- 
tory model of silicate melts involving oxygen ions 
on the low silica side of systems such as CaO-SiO,; 
the first additions of silica produces SiOj* ions; at 
higher silica content first rings and then more com- 
plex silicate ions are formed; at about 90 pct silica 
the complexity becomes so great that the melts con- 
sist of a silica network similar to that of solid silica. 
This model in terms of discrete ions accounts satis- 
factorily for a number of features of silicate systems. 

An interesting illustration of electrochemical ef- 
fects in slags is the recent demonstration by Ohtani 
and Gokcen* that the passage of current from a 
graphite electrode through a blast furnace type slag 
to a molten iron-carbon-sulfur alloy, has a very 
pronounced effect in enhancing the removal of sulfur 
from the metal. 

Thus, we are well advanced from the situation of 
not SO many years ago when corrosion research was 
almost purely empirical, seeming in large part a 
black art, and when the nature of slags was beyond 
comprehension. Although major problems remain, 
methods of attack are now much clearer. 


NEWER AND OLDER APPROACHES 


Some of the subjects I have mentioned would not 
have sounded strange in general tenor, to at least 
some ears, a quarter or even a half century ago. 
There certainly are areas in metals research that 
would have. Iam reminded of a comment in a popu- 
lar article on education to the effect that a liberal 
education used to be considered one which produced 
a gentleman—and that this definition is still true ex- 
cept that our idea of a gentleman has changed consid- 
erably. Similarly, the physical chemist has changed 
and, in part, the nature of his contribution to metals 
and metallurgy has changed accordingly. 

The physical chemist has entered fields that might 
once have appeared to be pure physics. This whole 
area including semiconductors, electronic behavior 
of metals, and the vast field of imperfection phenom- 
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ena and of structure, I have purposely excluded from 
the present discussion. Here the chemist’s and the 
physicist’s approach have quite properly merged to 
become almost indistinguishable. 

The pursuit of high-pressure research is in effect 
leading us into a new dimension. It is quite possible 
that we may develop a technology of pressure treat- 
ing analogous to that of heat treating. 

The development of instrumentation, especially 
electronic instrumentation, has had a very strong 
impact on these and on nearly all areas of research. 
The interesting and significant parallelism between 
instrumentation and research and, in broader terms, 
between instrumentation and civilization in general, 
could fruitfully be elaborated at considerable length 
and, in fact, has been.” There seems an inevitability 
about this, not without industrial repercussions. 

In spite of the rather rapid rate of progress in 
many of these areas, it is a bit disappointing that 
this progress has not led to any broad generaliza- 
tions in the areas considered earlier. The heart of 
equilibrium and kinetic problems lies in the free 
energies of the substances involved; these must still 
be found by experiment. Very few valid generaliza- 
tions have been made. Let us consider for a moment 
that a given atom and hence element knows exactly 
how to behave in all situations with a knowledge of 
only a single parameter—its atomic number. We may 
excuse ourselves, as mere men for not yet being 
able to predict its behavior from such a small bit of 
information. However, we might hope that with a few 
more parameters we could integrate our knowledge 
sufficiently to do reasonably well at prediction. The 
periodic table, which in essence furnishes two para- 
meters per element (row and column) is of course a 
beginning, but progress in predicting the properties 
of alloys and other systems from this has been very 
disappointing. We have turned to other parameters— 
notably the atomic radius and the electronegativity 
and although these have been helpful they leave us a 
long way from such a goal. If it were not well estab- 
lished by experiment I doubt if anyone would have 
predicted that the alkali metals are generally miscible 
with their halides slightly above the melting point of 
the latter or, at the other extreme, that liquid lithium 
and sodium would be nearly immiscible. 

Several years ago we were investigating some of 
the thermodynamics of the behavior of sulfur in melts 
of calcium-iron oxides. At the time, it seemed rea- 
sonable to suppose that the sulfate ion (or calcium 
sulfate) would behave nearly ideally in these solutions. 
On this basis we computed the activity of calcium ox- 
ide. However, subsequent work from other sources 
indicated a disagreement with these activities by a 
very large factor. If all the experimental work were 
simply accepted at face value, then we would be forced 
to the conclusion that the activity coefficient of calci- 
um sulfate which we had thought to be near one would 
be closer to one hundred. This would imply a large 
miscibility gap in the system. At first this seemed so 
intuitively unreasonable that it was hardly worth 
considering, but Grieveson and Turkdogan* inves- 
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tigated this system and did indeed find a very large 
miscibility gap, as shown in Fig. 29. At the lowest 
point of this gap the percent sulfur in the liquid fer- 
rite is about one-third of a percent. After register- 
ing due surprise one might perhaps venture the pre- 
diction that similar gaps are likely to appear in sim- 
ilar systems; though this is so, the prediction is 
merely qualitative. 

It is quite apparent that there is nothing indicated 
on the horizon to take the place of such experimental 
work; free energies must still be determined the 
hard way making use of the thermodynamic relations. 
The predictability of kinetic phenomena from known 
basic parameters seems even more remote. The 
integration of our knowledge on a grand scale so that 
we could predict the properties of an uninvestigated 
system from a few basic parameters is entirely be- 
yond our grasp at present and apparently for the 
foreseeable future. We need to remind ourselves 
that it is still true, as we learned in school, that the 
very heart of chemistry is that reactions are specific. 

But if we cannot bring all together on a grand scale 
we certainly can and do achieve a bringing together 
in a more limited way. Fuller understanding of met- 
allurgical problems, as of all problems, and the con- 
sequent evolution result from new insights into inter- 
relations between newly found or previously known 
phenomena or ideas. The term “coupling” seems to 
express adequately this fruitful process of bringing 
together two or more independently developed con- 
cepts, ideas, effects or areas to form a new one. 
Thus metallurgy, which may be regarded as a coup- 
ling of chemistry, physics, and engineering, has been 
an interdisciplinary science longer than that term 
has been in common use. Many of the ideas I have 
mentioned here represent couplings: the thermody- 
namic couplings in multicomponent systems; the 
coupling of thermodynamics and kinetics as for sys- 
tems where local equilibrium prevails; the coupling 
of fluxes of mass and energy in the sense of irrever- 
sible thermodynamics; the coupling of chemical reac- 
tions; the coupling of atomistics with macro proper- 
ties; the coupling of advances in instrumentation with 
advances in research and in industry. 


Fundamental research in metallurgical fields, as 
other fundamental research, can be viewed ambiva- 
lently. On the one hand it is easy to look back and 
make a list of advances; on the other hand it is easy 
to belittle much of the voluminous maze of publica- 
tions. From the viewpoint of the individual research- 
er disappointment and frustration is the rule. Kel- 
vin commented, “One word characterizes the most 
strenuous of the efforts for the advancement of sci- 
ence that I have made perseveringly during fifty - 
five years; that word is ‘failure’.” Even Newton, 
probably the greatest scientific genius of all time, 
said toward the end of his life, “I do not know what 
I may appear to the world, but to myself I seem to 
have been only like a boy playing at the seashore, 
and diverting myself in now and then finding a 
smoother pebble or a prettier shell than ordinary, 
whilst the great ocean of truth lay all undiscovered 
before me.” At any given time our aims and goals 
always far exceed our ability and accomplishments. 
It is only with the passage of time that some meas- 
ure of perspective is gained and we find “our scien- 
tific structure is indeed a sturdy one, so sturdy that 
we may replace even a major stone from the foun- 
dation without tumbling the structure as a whole.” 

It is the sum of the gradually acquired knowledge and 
understanding by the combined efforts of all of us 
which in future retrospect will be even more im- 
pressive than those of the past now are. 
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Density-Pressure Relationships in Powder Compaction 


R. W. Heckel 


A method is described whereby the relationship 
of both the ‘‘at-pressure’’ powder compact density 
and the ‘‘zero-pressure’’ compact density to the 
applied pressure may be obtained from continuous 
measurements of punch movement during a single 
compaction operation. The rate of density increase 
with applied pressure for the metal powders is 
found to be proportional to the volume fraction of 
pores for pressures exceeding a lower limit which 
varies from 15,000 to 30,000 psi, depending on the 
powder. 


Tue compaction of powdered materials is carried 
out primarily to increase the density of the mate- 
rial. If the ultimate goal of the over-all process is 
the attainment of minimum porosity, compaction is 
responsible for most of the densification. For ex- 
ample, loose powdered metals have porosities of 
about 65 to 75 pct. Axial loading in a die or hydro- 
static pressure may effectively reduce the porosity 
of most powders to 20 pct or lower with pressures 
of 50,000 psi and greater. 

The relationship between the density of a powder 
compact and the pressure needed to achieve that 
density is most commonly obtained by pressing sev- 
eral compacts, each at a different pressure. Meas- 
urement of the densities of the individual compacts 
when they are removed from the die then provides 
the density-pressure relationship. However, this 
method suffers from several disadvantages. Be- 
cause a large number of compacts and pressing 
operations are required, it is inherently slow. Fur- 
thermore, since density measurements are made 
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after the specimens are removed from the die, data 
obtained refer only to pressures greater than those 
necessary to form a coherent compact. The third 
disadvantage is the inability of this method to pro- 
vide information about the compact density at the 
applied pressure in the die. 

Because the determination of density-pressure 
relationships has been a slow, tedious process, in- 
vestigators have sought to express the compaction 
behavior of powders by other means. The general 
terms ‘‘compactability’’ and ‘‘compressibility’’ have 
been used to rank powders qualitatively according 
to their compaction characteristics. To restore a 
quantitative nature to the subject and to prevent 
confusion, Schwarzkopf’ has proposed that compac- 
tibility be defined as the minimum pressure needed 
to produce a given green strength, while compres- 
sibility should be used to indicate the extent to which 
the density of a powder is increased by a given pres- 
sure. Probably the most widely used of the compac- 
tion parameters is the ‘‘compression ratio,’’ which 
is generally defined as the ratio of the compact 
density obtained by pressing at a given pressure to 
the apparent density of the loose powder.” However, 
the description of the compaction behavior of a 
powder by these parameters provides only limited 
information about the process because of their ap- 
plicability to just one specific condition such as a 
given green strength or a given pressure. 

The method of obtaining density-pressure rela- 
tionships which will be described in the present 
paper was designed to eliminate the shortcomings 
of the previous techniques while maintaining equiv- 
alent accuracy and precision. 


EXPERIMENTAL TECHNIQUES 


The general principle employed makes use of the 
fact that the linear movement of the punch during a 
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Fig. 1—Schematic representation of data curves along 
with pertinent values for calculating densities. 


single die compaction may be used to calculate the 
change in volume of the powder as a function of 
pressure, if the cross-sectional area of the die is 
known. The density-pressure relationship over the 
entire range of pressures used in the compaction 
operation may then be calculated from a knowledge 
of the weight of the powder and the volume-pres- 
sure relationship. (It should be noted that the term 
‘‘density’’ as used here refers to the average den- 
sity of the compact.) Since only the change in the 
volume of the powder may be obtained as a function 
of pressure, the data must be referred to a known 
powder compact volume. Two volumes may be used: 
zero die volume, which corresponds to the readings 
taken when the top and bottom punches of the die are 
in physical contact, or the volume of the compacted 
specimen after completion of the compaction opera- 
tion. 

Since the linear movement of the punches during 
the application of pressure to the powder is the 
algebraic sum of the change in height of the compact 
and the elastic compressive strains in the punches, 
the latter changes must be measured experimentally 
by a blank pressing operation in order to separate 
the two effects. These punch-elasticity data are 
used in the reduction of the linear punch-movement 
data to allow the calculation of compact density at 
the applied pressure. This will be referred to as 
‘‘at-pressure’’ density. The densities measured 
after the compacts are removed from the die will 

be known as ‘‘zero-pressure’’ densities. 

Thus far, consideration has been given to die com- 
paction only. However, the method is adaptable to 
hydrostatic compaction by suitable measurements 

of volume decrease as a function of hydraulic pres- 
sure. Corrections for the compressibility of the 
hydraulic fluid and elastic deformation of the hydrau- 
lic cylinders would be necessary. 
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Die compaction of powdered materials may be 
carried out under one of many possible experimental 
conditions. In particular, a tensile bar die of 1.00- 
Sq in. cross-sectional area with cavity dimensions 
specified by the Metal Powder Association® and 
having the die body supported by springs so that the 
die behaved in a double-action manner was used in 
the present investigation. The choice of die was 
arbitrary; any die of interest could have been used. 
Die lubrication was carried out by painting the body 
and punches with a 3 pct solution of stearic acid in 
carbon tetrachloride. The die was cleaned after 
each compaction operation. One-half cubic inch 
(0.50 in. depth) apparent volume’ of powder was used 
for the compacts, which averaged about 0.20 cu in. 
in volume after pressing to 100,000 psi. The loading 
was accomplished on a 120,000-lb capacity Baldwin 
tension-test machine. A loading rate of 6000 psi 
per min was used throughout. The measurement of 
the amount of punch movement in the die was car- 
ried out with the dial gage and lever assembly hav- 
ing a precision of 0.0001 in. The base of the as- 
sembly was fixed to the table of the testing machine 
and the lever contacted the crosshead. As the table 
moved upward, pressing the punches of the die into 
the die body, the relative movement of the cross- 
head and table, identically equal to the amount of 
punch movement, was indicated on the dial gage. 


ANALYSIS OF THE EXPERIMENTAL DATA 


If the scale on the dial gage is chosen so that the 
dial-gage readings decrease as the load is applied 
to the die, the experimental data, when plotted, take 
the form shown schematically in Fig. 1 by the curves 
RS and ST. These curves represent the data taken 
on the application and removal of the pressure dur- 
ing the pressing operation, respectively. 

The mathematical reduction of the experimental 
data into curves relating the average density of the 
powder compact and the applied pressure requires 
the following information: a) The weight of the pow- 
der in the die, b) the cross-sectional area of the die 
cavity, c) the elastic changes which take place in the 
die itself as a function of the applied pressure (if 
the at-pressure densities are to be calculated), and 
d) either the dial-gage reading at zero die volume 
without an applied pressure or the thickness of the 
powder compact when removed from the die. The 
weight of the powder and the dimensions of the die 
cavity may be measured directly, the die elasticity 
may be measured by a blank run (without powder), 
the zero-volume gage reading may be taken before 
placing the powder in the die, and the compact thick- 
ness may be measured after the pressing operation 
when it is removed from the die. Because of the 
extremely small difference in cross-sectional area 
between the die cavity and the compact when it is 
removed fron the cavity, the areas of the two may 
be assumed to be equal without affecting the accu- 
racy of the analysis. 
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The reduction of the dial-gage readings vs ap- 
plied-pressure data to give average compact den- 
sity at zero pressure vs pressure may be obtained 
through the use of Fig. 1. The relationship between 
zero-pressure density and the applied pressure in- 
dicates the compact density, measured after re- 
moval from the die, which may be obtained by pres- 
sing at the given pressure. In terms of Fig. 1, by 
loading the die to the point S, a density character- 
istic of the point T is obtained. Thus, we may con- 
sider the curve ST to be a curve of constant zero- 
pressure density. The zero-pressure density of the 
compact may be calculated for any pressure P up 
to P,..,, assuming that, if we would have unloaded 
the die after having reached, for instance, point M 
(pressure P), we would have proceeded along curve 
MN, such that 


and, by vertical displacement, curves MN and OT 
can be brought into coincidence. The average zero- 
pressure compact density, Pp» may be calculated 
from the general expression 


Pp, = W/ Vp, [2] 


where Wis the weight of the powder in the compact 
and Vp, is the calculated compact volume which 
would be measured experimentally if the pressure 
were dropped from the value P to zero; 7.e., the 
volume of the compact at point N. 

Actually, the volume of the compact at point N 
may be expressed as 


Vp, = (x ty): A 
Substituting from Eq. [1], 
Vp, = (p —Up + ty) “A 

Thus, from Eq. [2], 


PPo” —up + ty) [3] 
If a calculation based on a zero-volume reading, a, 
is desired, the substitution 


to =Uy —a [4] 


may be made in Eq. [3]. In general, experimental 
data and calculations based on ¢f, will be made more 
easily and will have greater inherent accuracy, 
especially in the more important high-pressure 
range, since actual measurement of the compact 
establishes the density value at P,,,,. However, for 
materials whose compacting characteristics are 
desired, but whose poor interparticle cohesion, even 
at the maximum pressure, does not permit their re- 
moval from the die intact, the density calculations 
must necessarily be based on a zero-volume meas- 
urement. 


At-pressure densities may be obtained from punch- 


movement data as a function of the applied pressure 
by modifying Eq. [3] to take into account the axial 
elastic compressive strains in the punches. In 

terms of the notation used previously, the at-pres- 
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Fig. 2—Zero-pressure density-pressure relationships for 
-200 +250 mesh electrolytic iron, -140 +200 mesh chem- 
ically precipitated copper, -250 mesh nickel, and ~ 15u 
tungsten powders. 


sure density, pp, may be shown to be: 


W 
PP (Ip + €p — Ug + bo) °A [5] 


where @p is the elastic strain in the punches at the 
applied pressure, P. It should be noted that Eq. [5] 
differs from Eq. [3] in the substitution of (ep — up) 
for up. If the at-pressure density calculation is to 
be based on a zero-volume reading, a, Eq. [4] may 
be substituted into Eq. [5]. 


EXPERIMENTAL RESULTS 


To test the accuracy of Eqs. [3] and [5] in the 
calculation of density-pressure curves, compacts 
were pressed from an electrolytic iron powder and 
a chemically precipitated copper powder at pres- 
sures of 10,000, 25,000, 50,000, 75,000, 100,000, and 
120,000 psi. The data obtained from each pressing 
was used to calculate both zero-pressure and at- 
pressure densities at lower pressures using Eqs. 

[3] and [5]. The 90 pct confidence intervals, de- 
termined from a ‘‘t’’ distribution,* on zero-pres- 
sure densities at pressures in the range investigated 
averaged about +0.05 g per cc. Comparisons of den- 
sities of compacts pressed at 10,000, 25,000, 50,000, 
75,000, 100,000 psi with densities calculated from 
data obtained by compacting at higher pressures 
gave an average error of about 0.06 g per cc. It may 
therefore be concluded that Eq. [3] is valid for the 
powders used and for the range of pressures em- 
ployed in the present investigation. Further, it is 
probable that this equation would also apply for all 
powders having pressing characteristics similar to 
those of the iron and copper powders used. 

The results of calculations of at-pressure den- 
sities for both the iron and copper powders did not 
yield as good reproducibility as those for zero- 
pressure values because of the difficulty in obtain- 
ing values of uy in Eq. [5]. The double-action fea- 
ture of the die caused the unloading curve to level 
out at about 200 lb, the force of the supporting 
springs. This prevented the zero-pressure data 
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Fig. 3—At-pressure and zero-pressure density-pressure 
relationships for artificial graphite powder. 


point from being obtained directly and necessitated 
an extrapolation to obtain u,. The at-pressure den- 
sities (p p) for both iron and copper powders aver- 
aged slightly greater than the zero-pressure den- 
sities (p Po)? but the dispersion of the data, as in- 
dicated by 90 pct confidence intervals, averaged 
about twice as large as that for the zero-pressure 
values. Relative at-pressure densities* could not 


*Relative density is defined as the ratio of the density of the 
compact (p) to that of the metal without porosity. 


be obtained because an unequivocal measurement of 
the change in density of iron and copper free of voids 
under the state of stress imposed by the die could 
not be made. 

Fig. 2 shows the zero-pressure relative density- 
pressure curves for iron, copper, nickel, and tung- 
sten powders. The maximum applied pressure for 
the copper, nickel, and tungsten powders was re- 
stricted to avoid extraction difficulties which were 
encountered with the iron powder. 

The high elastic moduli of most metals render 
the difference between at-pressure and zero-pres- 
sure densities quite small. However, graphite, hav- 
ing a modulus of about 1 x 10° psi, should exhibit a 
sizeable différence. Fig. 3 shows both at-pressure 
and zero-pressure density-pressure relationships 
for an artificial graphite powder. The lack of reli- 
able data on the density of void-free graphite neces- 
sitated the expression of density as g per cc. It 
should be noted that a 14 pct decrease in density 
comes about by releasing the applied pressure from 
75,000 psi. This is almost twice the change in den- 
sity which should occur on the basis of elastic 
changes in the graphite particles if a modulus of 1 
x 10° psi is assumed correct for these conditions. 
This information would seem to indicate that the 


674—VOLUME 221, AUGUST 1961 


ah. 


2 4 6 8 10 12 14x10 
PRESSURE, psi. 


Fig. 4—In (1/1-D) vs pressure for -200 +250 mesh elec- 
trolytic iron, -140 +200 mesh chemically precipitated 
copper, -250 mesh nickel and ~15p tungsten powders. 


volume of the specimen increased upon release of 
the pressure as a result of both elastic expansion 
of the graphite particles and sliding of particles 
over each other, thus bringing about a condition of 
poorer packing. 

DISCUSSION 


If the compaction of powders is considered to be 
analogous to a first-order chemical reaction, the 
pores being the reactant and densification of the 
bulk of the product, the ‘‘kinetics’’ of the process may 
be described by a proportionality between the change 


in density with pressure and the pore fraction. 


(1-D) 


— =K (1-D) [6] 


where: 
D is the relative density, 
P is the pressure, 
1-D is the pore fraction, 
and K is a proportionality constant. 


In order to reduce this to a more usable expression: 


aD 

D 
dD 
= K | dP 

1—D) 


where D, is the relative density of the loose powder 
at zero pressure. Therefore: 


In (1-D,) (1-D) = KP 


or 
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Table 1. Values of Constants A and K from Eq. [11] for Various 
Metal Powders Along with the Lower Limit of Linearity of the Data 


Lower 
Limit, 
Powder A K, psi psi 
Iron (electrolytic -200 + 250 
mesh) 0.79 L716" 25,000 
Copper (chemically precipi- 
tated -140 +200 mesh) 0.71 1.65 x 107° 30,000 
Nickel (-325 mesh) 0.85 1.22% 166" 25,000 
Tungsten (~ 0.60 8.18: 10-° 15,000 


In «P+ In [7] 


The validity of this analysis was checked by plotting 
In (1/1-D) vs P for the metal powders already dis- 
cussed. The results are shown in Fig. 4. Although 
the data do not lie on a straight line over the entire 
pressure scale, linearity exists over 65 to 80 pct of 
the pressure range studied and would seem to in- 
dicate that extrapolation of the values to even higher 
pressures would be justified. The nonlinearity in the 
early stage of compaction is probably due to the ef- 
fect of rearrangement processes in the powder and 
the general behavior of the powder as individual 
particles rather than a coherent mass. 

Since the curves in Fig. 4 exhibit some curvature 
at low pressures, Eq. [7] does not describe the 
process quantitatively. The replacement of the term 
[In (1/1—D,)] in Eq. [7] with a constant, A, gives an 
expression, Eq. [8], which is quantitatively valid 
except at the lowest pressures. 


+a [8] 


To see if the transition from nonlinear to linear 
behavior in Fig. 4 can be associated with bonding, 
a —80 +140 mesh alumina powder (which densifies 
by crushing) was compacted in the same manner as 
the metals. In this case there was little interparti- 
cle bonding and the plot of ln (1/1—D) vs P did not 
have a linear region over the pressure range studied 
(0 to 75,000 psi). All of the densification came about 
as a result of crushing and rearrangement of the 
individual particles. This is shown by the fact that 
65 pct of the alumina particles after pressing were 
less than 140 mesh, the minimum size of the orig- 
inal powder, and 38 pct were less than 250 mesh. 
From this information it is concluded that the 
curved region in a plot of In(1/1—D) vs Pis asso- 


ciated with densification which takes place by a mech- 


anism of individual particle movement in the absence 
of interparticle bonding. It was also found that the 
transition from curved to linear behavior in the 
powders whose compaction curves are shown in Fig. 
4 corresponded closely with the minimum pressure 
necessary to form a coherent compact. Therefore, 
it is concluded that the densification which is rep- 
resented by the linear region of a plot of In (1/1-D) 
vs P occurs by plastic deformation of the compact 
after an appreciable amount of interparticle bonding 
has taken place. 
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It is postulated that in Eq. [8] the constant 4, 
which is always somewhat larger than [In (1/1—D,)], 
represents the degree of packing achieved at low 
pressures as a result of rearrangement processes 
before appreciable amounts of interparticle bonding 
take place. It is also postulated that the constant K, 
the slope of the linear region, gives a measure of the 
ability of the compact to density by plastic defor- 
mation. 

The values of A and K from Eq. [8] for the metal 
powders are given in Table I along with the lower 
limit of linearity of the data. 

The ability to express the compaction behavior of 
powders in terms of the constants A and K has sev- 
eral advantages. The mathematical expression of 
the density-pressure relationship of a given powder 
necessarily permits the analytical determination of 
the density values in the range of pressures investi- 
gated and also permits extrapolation to pressures in 
excess of those available experimentally. Most im- 
portant, though, is the fact that the constants quan- 
titatively describe the compaction behavior of a 
given powder. The evaluation of the constants A and 
K in terms of powder properties and the manner of 
compaction is currently underway at this Laboratory. 
The ultimate goal of this research will be the quan- 
titative determination of the density-pressure curves 
from basic data on powders and the compaction 
process. 


CONC LUSIONS 


1) Both zero-pressure and at-pressure density- 
pressure curves for a given powder may be deter- 
mined from punch-movement data for a single pres- 
sing operation. 

2) Density-pressure data indicate that the rate of 
change of density with pressure at any pressure is 
proportional to the pore fraction in the compact at 
that pressure. 

3) There is little difference between zero-pres- 
sure and at-pressure densities for iron, copper, 
nickel, or tungsten powders, since they are char- 
acterized by relatively high elastic moduli. On the 
other hand, there is a large decrease in density of 
graphite compacts upon releasing the applied 
pressure. This may be accounted for both by elastic 
expansion of the compact and sliding of particles as 
the pressure is removed. 

4) Density-pressure curves may be described by 
two parameters. It is postulated that one is related 
to low pressure densification by interparticle mo- 


‘tion and the other is a measure of the ability of the 


compact to densify by plastic deformation after ap- 
preciable interparticle bonding has taken place. 
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Strengthening of Iron-Base Alloys Containing Columbium 


E. E. Underwood, E. M. Stein, and G. K. Manning 


Columbium, carbon, and nickel additions were 
made to iron-base alloys with 20 pct Cr. The effects 
on microstructure, precipitation-hardening charac- 
teristics, and high-temperature properties were in- 
vestigated by means of metallographic, hot-hardness, 
and magnetic measurements. An austenitic alloy con- 
sisting of Fe-20Cr-14Ni-0.8C-2.5Cb had higher hot- 
hardness at 1700°F than the other alloys investigated. 
Its favorable standing is attributed to an enhanced 
interaction of Cb and Cr4C particles dispersed within 
a stable austenitic matrix. 


For the past 20 years, cobalt- and nickel-base 
alloys have been used for the more stringent high- 
temperature applications because of their excellent 
creep resistance. Although their performance is 
quite satisfactory, other base materials must be 
considered for large tonnage, low-cost applications 
such as for the automotive gas turbine. 

Iron-base alloys are also used extensively, but at 
somewhat lower temperatures, primarily because of 
the instability of particles or because precipitation 
occurs at relatively low temperatures. Since un- 
usual stability has been reported for Fe-Cb and Cb- 
C compounds,’*~* it was hoped that effective amounts 
of these compounds could be taken into solution at 
temperatures just below the melting range, then 
precipitated upon reheating. Actually, strengthening 
was found to occur by both precipitation hardening 
in some alloys and by phase transformations in 
others. Among the alloys investigated, that with the 
best high-temperature properties owes its strength- 
ening to a combination of carbide particle interac- 
tion and a relatively stable austenitic matrix. 


EXPERIMENTAL PROCEDURES 


Small preliminary melts of about 100 g were made 
in a vertical Glotube furnace, using alundum cruci- 
bles and an argon atmosphere. Alloys weighing 35 
lb were melted in a basic-lined induction furnace, 
also under argon. The compositions of the alloys are 
given in Table I, The nickel-free alloys were usu- 
ally ferritic, while those containing nickel were gen- 
erally austenitic. Depending upon the particular heat 
treatments, or the combination of alloying elements, 
two-phase alloys of ferrite and austenite could be 
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obtained. In the following text, however, the nickel- 
free or nickel-bearing alloys are referred to simply 
as either ferritic or austenitic alloys respectively. 

The small ingots were swaged at 2000°F, in steps, 
to rods of approximately 3/16-in. diam. The large 
ingots were forged at 2100°F to 1-in. sq bars. No 
difficulties were encountered in swaging or forging 
any of the alloys to as much as 90 pct reduction in 
area. 

For heat treating at temperatures above 2000°F, 
specimens were sealed in quartz tubes under a par- 
tial pressure of helium. No special precautions were 
found to be necessary at lower temperatures. 

Intermetallic compounds in the preliminary alloys 
were identified by means of X-ray diffraction meas- 
urements. Correlation of these results with micro- 
structural characteristics (such as color, shape, 
size, and location) of the compounds aided in their 
identification. Magnetic susceptibilities were also 
obtained at room temperature with a Magne Gage 
instrument after the various heat treatments. To 


Table |. Composition of Alloys* 


iid Weight Composition, Wt Pct Cb:C 
nation of Melt & Mn Si Cr Ni Cb OW Ratio 
Nickel-Free (Ferritic) Alloys 
1 100g (¢«0.03) (0.1) (0.1) (20) - - - 0 
2 100g (<0.03) (0.1) (0.1) 200 - 0.92 - 30-46" 
3 100g (K0.03) (0.1) (0.1) (20) - 168 - 56-84 
4 100g (<0.03) (0.1) (01) 198 - 2.58 —- 86-129 
5 100g (0.03) (0.1) (0.1) (20) =- 320 = 107-160 
6 100g 0.03) (0.1) (01) 192 - 3.92 - 130-196 
A-1 150¢ 0.15 (0.1) (0.1) (20) - 142 - 9.5 
A-2 150g 0.28 (0.1) (0.1) (20) - 2.40 - 8.6 
A-3 0.20 (0.1) (0.1) (20) = 33: 15.6 
A-4 150¢ 0.28 (0.1) (0.1) (20) - 2.42 - 8.6 
A-5 150¢ 0.30 (0.1) (0.1) (20) = 157 — 52 
A6 150¢ 0.46 (0.1) (0.1) (20) - 098 —- | 
C-1 35 Ib 0.82 0.32 042 21.1 - 2121 - 15 
C-2 35 Ib 0.80 (0.3) (0.4) 20.9 -— 1.21 1.82 LS 
C-3 35 Ib 0.82 (0.3) (0.4) 21.0 —- 1.82 2:2 
C-4 35 lb 024 0:32 0:47 222 = $02 — 20.9 
Nickel-Bearing (Austenitic) Alloys 
B-l 150g (<0.03) (0.1) (0.1) (18) (14) - 0 
Be2 150g (<0.03) (0.1) (0.1) (18) (14) 1.04 - 34-52 
B3 150g (<0.03) (0.1) (0.1) (18) (14) 1.76 —- 59-88 
B-4 150g = (<0.03) (0.1) (0.1) (18) (14) 2.50 — 83-125 
B5 150g (<0.03) (0.1) (0.1) (18) (14) 3.98 - 133-199 
B-6 150g (<0.03) (0.1) (0.1) (18) (14) 3.39 - 113-169 
D-1 35 Ib 0.41 0.36 0.43 21.2 3.96 2.57 - 6.3 
D-2 35 Ib 0.40 (0.4) (0.4) 21.2 7.00 2.28 —- S37 
D-3 35 Ib 0.39 (0.4) (0.4) 21.3 13.49 2.39 - 6.1 
D-4 35 Ib 0.81 0.37 0.38 20.9 13.71 2.48 - 33 


*Parentheses denote nominal composition; other values obtained by chemical 


analysis. 


tTo be read as, for example, from 30:1 to 46:1, because of the uncertainty 
in the carbon content. 
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(2) Alloy 2: 0.92 pet Cb. 


(b) Alloy 4: 2.58 pct Cb. 


(c) Alloy 6: 3.92 pet Cb. 


Fig. 1—Effect of niobium on swaged low-carbon, iron-20 pct Cr alloys. Large particles: Fe,Cb. Picral etch. X500. 


Enlarged approximately 4 pct for reproduction. 


simplify the operation of the Magne Gage instrument, 
one of the weights was removed from the counter- 
balance arm, and only the no. 1 magnet was used. In 
this way, the complete range of ferromagnetism en- 
countered in these alloys could be assessed with only 
one magnet. The limits of the dials between the up- 
per and lower stops read from 5 units (no ferromag- 
netism) to 849 units (very strongly ferromagnetic). 

Hardnesses were measured at both room and ele- 
vated temperatures, The room-temperature data 
were obtained with a Rockwell machine using the 
R30-N or R30-T scales on specimens mounted in 
Bakelite. The results were converted to Vickers 
hardness numbers, Vhn, and equivalent Brinell hard- 
ness numbers for the 10-mm ball and 3000-kg load. 
Specimens used for the hot-hardness tests were pol- 
ished, but not mounted, then heated to the desired 
temperature in a vacuum of less than 5u. Vickers 
hardness was measured with the conventional 15- 
sec time of indentation at temperatures up to 1700°F; 
or, in special cases, at constant temperatures with 
variable indentation times. The temperature and 
time dependence of hardness could then be utilized 
in a parametric plot in order to gain some idea of 
the relative strengths at elevated temperatures.* 


EXPERIMENTAL RESULTS 


Microstructural Observations— The low-carbon 
ferritic alloys (Alloys 1 through 6) showed a pro- 
gressive increase in the amount of iron columbide 
(Fe2Cb) particles as the columbium content in- 
creased. Fig. 1 shows microstructures of alloys 
2, 4, and 6 after swaging at 2000°F. The Fe2Cb par- 
ticles appear to be well dispersed and relatively 
spherical, while small black dots (presumably CgC) 
favor the grain boundaries. 

The Fe2Cb particles in the alloy with 0.92 pct Cb 
were completely dissolved in the 5-phase after 1/2 
hr at 2500°F, or 2 hr at 2400°F. A small amount 
of Fe2Cb was still present in the alloy with 1.68 pct 
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Cb after 16 hr at 2400°F. For all practical purpo- 
ses, the maximum solubility of columbium in the 6- 
phase appears to be about 1.5 pct in an iron-base, 
20 pet Cr alloy. Genders and Harrison’® reported a 
maximum solubility of 2.6 pct Cb in the 5-phase of 
the binary Fe-Cb system. Thus, the introduction of 
20 pct Cr lowers the columbium solubility appreci- 
ably. Metallographic evidence indicates a eutectic 
temperature of about 2440°F at the iron-rich corner 
of the Fe-Cr-Cb system. 

There is also an increase in the amount of FezCb 
with increasing columbium content in low-carbon 
austenitic alloys (Alloys B-1 through B-6). However, 
the columbium solubility is lower in austenite than 
in ferrite, since 4 hr at 2400° F failed to dissolve 
completely all the Fe2Cb in the alloy containing 1.04 
pet Cb. Thus, it appears that nickel additions have 
the same effect as chromium with regard to lower- 
ing the columbium solubility. Evidence obtained in 
connection with precipitation hardening also reveals 
the low solubility of Fe2Cb in austenite. 

Carbon additions to the ferrite alloys resulted in 
the formation of columbium carbide (CbC) particles. 
Depending upon the ratio of columbium to carbon, 
CbC would either form alone, or with Cr,C. When the 
ratio was less than the stoichiometric ratio for CbC, 
i.e., 7.7 to 1, both CbC and Cr4C were found; at 
greater ratios, the excess columbium combined into 
Fez2Cb, and just the one carbide, CbC, appeared. 

For example, Alloy C-4 had a Cb:C of 21 to 1, and 
CbC and Fe2Cb particles were identified. The mi- 
crostructure of this alloy is shown in Fig. 2(a). On 
the other hand, the very low ratio of 1.5 to 1 in Alloy 
C-1 resulted in CbC and Cr.C particles, but no 
Fe2Cb. Figure 2(b) illustrates a typical microstruc- 
ture for Alloy C-1. The matrix of this alloy is fully 
austenitic after the quench from 2300°F because of 
the excess carbon. Alloy C-3 with a low Cb:C ratio 
of 2.2 to 1, also revealed CbC and Cr.C particles. 
This alloy had a higher columbium content than Alloy 
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proximately 4 pct for reproduction. 


C-1 so there was relatively less carbon available 
for solution. Consequently, the partially austenitic 
matrix shown in Fig. 2(c) was obtained. 

Much the same state of affairs was noted when 
carbon was added to the austenitic alloys—CbC par- 
ticles were always found. When the Cb:C ratio was 
low (as in Alloy D-4), Cr.C was also present. Fig. 3 
displays microstructures observed in Alloys D-2, 
D-3, and D-4. Alloy D-2 apparently has insufficient 
nickel for a fully austenitic matrix. 

There was little or no solution of the CbC parti- 
cles in either the ferritic or austenitic alloys up to 
a temperature as high as 2400°F. The particles 
were elongated when forged and they remained so 
after heat treatments up to the eutectic temperature, 
see Figs. 2(c) and 3. This behavior, in itself, sug- 
gests that the CbC particles had a very low degree 


(F), and CbC. 


Fig. 3—Partially and fully austenitic alloys. Two hours at 230 
X500. Enlarged approximately 4 pct for reproduction. 
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Ferrite, Fe,Cb (larger (b) Alloy C-1: Austenite, Cr,C (larger (c) Alloy C-3: Austenite (A), Ferrite 


(a) Alloy C-4: 

particles), and CbC. particles), and CbC. 


Fig. 2—Partially and fully ferritic alloys. Two hours at 2300°F and water quenched. Picral etch. X500. Enlarged ap- 


Me De ue & fj aes y 

(a) Alloy D-2: Austenite (A), Ferrite (4) Alloy D-3: Austenite and NbC. (c) Alloy D-4: Austenite, Cr,C (larger 


(F), Cr,C (larger particles), and CbC. 


of solubility under the experimental conditions en- 
countered here. 

Precipitation and Transformation Hardening—In 
general, the alloys were aged by holding for 1 hr at 
various temperatures, then water quenched to room 
temperature. The property changes were followed 
by hardness measurements as well as by Magne 
Gage readings in some cases. 

None of the austenitic alloys gave any evidence of 
precipitation hardening. Prior treatments encom- 
passed quenching from 2100° to 2350°F, followed by 
aging between 800° and 2000°F. Even Alloy D-1, 
which was approximately 50:50 ferrite and austenite 
after quenching from 2300°F, failed to harden by 
precipitation. However, this alloy did exhibit trans- 
formation hardening when tempered between 1200° 
and 1600°F. The Magne Gage curve followed the 


particles), and NbC. 


0°F and water quenched. Picral plus Kalling’s reagent. 
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Fig. 4—Effect of columbium: carbon ratio on the harden- 
ing mechanism of iron-base, 20 pct Cr alloys quenched 
from 2300° or 2400°F and aged 1 hr at 1200°F. 


same pattern as the hardness curve, so it is pos- 
sible that the increased hardness was associated 
with the formation of martensite. 

The ferritic alloys underwent a substantial degree 
of hardening at Cb:C ratios either greater than or 
less than the stoichiometric value for CbC (7.7 to 1). 
The results for an aging temperature at 1200°F are 
portrayed in Fig. 4, where the change in room-tem- 
perature hardness, AH (between the solution-treated 
state and the aged condition) is plotted vs the Cb:C 
ratio. The appearance of this curve would be ex- 
pected to change somewhat for other aging tempera- 
tures, é.g., at higher aging temperatures there 
would be a decrease in the hardness increment, AH. 

Over most of the diagram, the AH is positive; 
however, at Cb:C ratios close to that for stoichio- 
metric CbC, AH becomes negative. The latter phe- 
nomenon is not so much the result of softening 
during aging at 1200°F, as it is the result of an un- 
usually high hardness in the quenched alloy. An ex- 
amination of the microstructure of Alloy A-1 after 
quenching revealed a practically continuous border 
of austenite at the grain boundaries. The high hard- 
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Fig. 5— Effects of aging temperature on hardness of micro- 
constituents in alloy A-6. 
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ness of the quenched alloy could thus be ascribed to 
the strengthening at the grain boundaries in addition 
to a profuse distribution of CbC particles through- 
out the matrix. 

Hardening at Cb:C ratios greater than about 10:1 
was due primarily to precipitation hardening. Both 
CbC and Fe-C particles contributed to the AH for 
Alloys A-3 and C-4. However, in the other alloys 
(with ratios greater than about 30 to 1), only Fe2Cb 
was present in any quantity, since the carbon level 
was negligibly low. 

The microstructures of Alloys 2, 4, and 6, which 
were shown in Fig. 1, were analyzed by quantitative 
metallography in order to gain some insight into 
their hardening capabilities. The more important 
characteristics of the large spherical Fe2Cb parti- 
cles are tabulated below. 


Mean© 
Wt Vol? Spac- Mean Hardness, 
Pct Ch:e* Pct ing,S, Radius, r, Equivalent 
Alloy Cb Ratio Fe,Cb Microns Microns S/r Bhn 
2 0.92 30 to 46 4.26 66.7 1.24 53.5 225 
4 2.58 86 to 129 9.92 20.0 1.17 17.1 232 


6 3.92 130 to 196 18.3 11.9 1.48 8.1 247 


“Calculated for carbon contents of 0.02 to 0.03 pct. 
>Measured by point counting. 
°S= 1/P,, where P, = particles per mm. 


(P,/P,) where P, = particles per mm’. 


Although these alloys are in the swaged condition, 
some general observations may be drawn from the 
results. There is a linear decrease in log (hard- 
ness) vs both log (S) and the dimensionless parame- 
ter, log (S/”). When plotted against log (volume frac- 
tion) or log (Cb), log (hardness) increases linearly. 
The latter increase has been noted before and is 
close to linear in many alloys. Furthermore, there 
is an implied reciprocity between log (S) and log 
(volume fraction). Experimentally, this relation- 
ship is found to be approximately linear as in the 
present case. 

An improvement in the linearity observed between 
log (hardness) and log (S) is effected by using S/7, 
instead of S, as a measure of the particle spacing. 
This dimensionless ratio may be thought of as the 
spacing per unit length of the particle radius. As 
such, it attempts to account for the undoubted effect 
of particle size on the simple relation between 
strength and particle spacing. For example, for the 
same interparticle spacing, a smaller particle would 
permit a sharper radius of curvature in the ob- 
structed dislocation. ‘‘Extrusion’’ would be easier in 
such a case. There is not sufficient quantitative data 
available with these alloys to test this idea further. 

Returning to Fig. 4, a sharp increase in AH is 
seen at Cb:C ratios less than 10 to 1. In these alloys, 
the hardening mechanism is not attributable prima- 
rily to precipitation hardening, but is associated 
with the transformation of austenite. The behavior 
of Alloy A-6 may be quoted in this regard. The so- 
lution-treated specimen consisted of austenite plus 
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Fig. 6—Tempering effects on hardness and magnetic sus- 
ceptibility of alloy C-1. 


ferrite, but upon heating between 1200° and 1400°F, 
the austenite grains progressively transformed to 
bainite, beginning at the grain boundaries. Raising 
the temperature to about 1450°F initiated the further 
transformation of bainite to ferrite. 

Knoop hardness measurements of the microcon- 
stituents in Alloy A-6 helped to analyze the changes 
that occurred. The hardnesses of the ferrite grain 
and of the edge and center of the austenite grain 
were followed as a function of the aging temperature. 
The three hardness curves are given in Fig. 5 vs the 
aging temperature. At 1300°F, the austenite grain 
was converted completely to bainite, at about 1450°F, 
the bainite was further transformed to ferrite with 
a consequent marked loss in hardness. The hard- 
ness of the ferrite grains on the other hand, re- 
mains relatively unaffected over the same tempera- 
ture range. At aging temperatures even higher than 
1450°F, it is possible that the ferrite would emerge 
as the hardest microconstituent in this alloy. 

In Alloy C-1, with a Cb:C ratio of 1.5 to 1, the ma- 
trix was completely austenitic at 2300°F. Transfor- 
mation hardening started at an aging temperature 
of about 1150°F and reached a high point at 1200°F, 
as shown in Fig. 6. A drop in hardness at 1400°F 
was followed by another sharp increase after aging 
at 1600°F. Magne Gage readings coincided qualita- 
tively with the hardness curve. 

In certain respects, the behavior of Alloy C-1 is 
analogous to some precipitation-hardening stainless 
steels. In the latter alloys, as well as in Alloy C-1 
at 1500°F, chromium carbides precipitate out at an 
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Fig. 7—Hot hardness of ferritic and austenitic alloys. 


500 


elevated ‘‘conditioning’’ temperature. As a result 
of the depletion of the matrix in carbon and chro- 
mium, the M; temperature is raised, and martensite 
is formed upon cooling to room temperature. Inter- 
preted in this light, it would appear that the 1200°F 
hardness peak in Fig. 6 can be traced to the forma- 
tion of bainite, while the hardness increase at 1600°F 
is probably due to the formation of martensite. At 
about 1900°F, the Cr,C in Alloy C-1 goes back into 
solution, and at 2300°F, the matrix is fully austenitic. 

Behavior at Elevated Temperatures—In recent 
years, there has been an accumulation of evidence 
that the hot-hardness test is a reliable one for in- 
dicating high-temperature strength.**®"3 For the 
purposes of this research program, hot-hardness 
measurements were adopted to reveal relative 
strengths of the alloys over a range of temperatures. 

Fig. 7 presents typical hot-hardness curves for 
three ferritic alloys (dashed lines) and three auste- 
nitic alloys (solid lines). They conform to the shape 
usually encountered with high-purity alloys when the 
data are plotted on semilogarithmic coordinates."* 
The curves consist of two straight-line portions—a 
relatively flat, low-temperature segment and a 
steeper, high-temperature segment. The tempera- 
ture of intersection represents the equicohesive, or 
break, temperature, and divides the region of low- 
temperature deformation from that for high-tempe- 
rature deformation. In general, the data points fall 
fairly well along the straight lines. 

Other features of interest in these curves concern 
the slopes of the two segments. Although the low- 
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temperature portions of these curves are roughly 
the same, there is a marked divergence between 
those for austenitic and ferritic alloys at the higher 
temperatures. In fact, the ferritic alloys have much 
the same (steep) slope, and the austenitic alloys 
have almost identical (but flatter) slopes. Moreover, 
break temperatures for each of the two groups of 
alloys are grouped closely together—1000° and 
1400°F, respectively. 

Although the ferritic alloys in Fig. 7 are generally 
harder at low temperatures than the austenitic alloys, 
the opposite is true at higher temperatures. Alloy 
D-4 (containing Fe-20Cr-14 Ni-0.8 C-2.5Cb) is 
clearly superior to the other alloys at higher tem- 
peratures. In fact, as Manning’ has emphasized 
recently, Alloy D-4 compares favorably with several 
commercial high-temperature alloys. 


DISCUSSION 


Observations drawn from the hot-hardness curves 
are in accord with findings made by Underwood, *® 
who proposed relationships among break tempera- 
tures and slopes of hardness and creep curves. He 
showed that the break temperature bears a direct 
relationship to the high-temperature slope of the 
curve. The slope is related to the ‘‘stability’’ of an 
alloy, in the sense that a flat slope represents little 
change in strength with temperature, and a steep 
slope means a rapid loss in strength. The term 
‘‘stability’’ is expressed numerically as the value of 
the slope of the curve and is directly proportional to 
the break temperature. Qualitatively, this is seen 
here—the austenitic alloys have a higher break tem- 
perature and a higher stability while the ferritic 
alloys have a lower break temperature and a lower 
stability. The ferritic alloys are harder at low tem- 
peratures, but they soften sooner and faster than the 
more stable austenitic alloys. 

The close parallelism of the high-temperature 
portions of these curves, and the approximate in- 
variance of their break temperatures, suggest a 
means for obtaining the same curve with less ex- 
perimental data. The product of the absolute value 
of the break temperature and the high-temperature 
slope is nearly constant for each of the two groups 
of alloys. Thus, it may be possible to establish the 
slope if the break temperature is known, or, to cal- 
culate the break temperature once the slope is 
known. For the alloys in Fig. 7, the constant equals 
-2.3 for ferritic alloys and —2.1 for austenitic al- 
loys. The temperature is expressed in °A, and the 
Slope is obtained from the plot of log (hardness) vs 
temperature, °F. 

Interestingly enough, Nisbet and Hibbard*® found 
that their cobalt-containing alloys (which consisted 
of Fe-Cr-Co-Ni) had a common slope in the high- 
temperature region, and that their cobalt-free alloys 
(consisting of Fe-Cr-Ni) also had a common slope, 
but steeper. A comparison between their slope val- 
ues and these is not feasible, because they plotted 
strength vs a time-temperature parameter. The 
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fact that they obtained this invariance for such a 
large number of alloys is quite striking. 

For the iron-base alloys studied here, the con- 
stancy of high-temperature slopes seems associated 
either with the alloy composition or crystal struc- 
ture. The effect of crystal structure may be second- 
ary, however, since Nisbet and Hibbard’® found, 
within an alloy group, that the same slope obtained 
regardless of the crystal structure. The composi- 
tional factor (that is, the presence, or absence, of 
nickel, in the iron-base alloys; and of cobalt, in 
Nisbet and Hibbard’s alloys) appears to be pre- 
eminent. 

An attempt was made to relate the different con- 
stant slopes to values of activation energy, but 
failed because of insufficient data. One would sus- 
pect that the influence of cobalt in Nisbet and Hib- 
bard’s alloys was decisive; it is not as clear-cut 
that nickel plays the decisive role in the present 
alloys. 

In an effort to determine why the relatively simple 
Alloy D-4 performed so well, the microstructures 
and other pertinent data were reviewed. Reference 
to Table I reveals that the main difference between 
Alloys D-3 and D-4 lies in the carbon level; Alloy 
B-1 has still less carbon and no niobium. All three 
alloys, however, have about 14 pct Ni. 

It was noted previously that ferritic alloys with 
low Cb:C ratios possess both CbC and Cr parti- 
cles. This was also true in Alloy D-4 but not in 
Alloy D-3, which only had CbC particles. Quantita- 
tive measurements on the microstructure of Alloy 
D-4 revealed that the relative amount of CbC was 
about twice that of Cr,C, i.e., 8.8 to 4.1 vol pct. The 
presence of these two types of carbides, and their 
joint contribution to strengthening, may well explain 
the strength observed in Alloy D-4. 

Also present in the grain matrix was a fine dis- 
persion of black dots which were too small for meas- 
urement. It is not believed that these objects had an 
appreciable effect on the strength of Alloy D-4, be- 
cause a Similar fine dispersion was also present in 
Alloy D-3. Furthermore, larger particles and spac- 
ings are frequently found to be more stable and ef- 
fective at high temperatures than small particles and 
spacings. 

The fairly continuous dark lines delineating the 
austenitic grain boundaries in Alloy D-4 appear to 
be due to small black particles. Since the grain 
boundaries in Alloy D-3 are not as extensively out- 
lined, it is conceivable that the boundaries constitute 
a strengthening factor in Alloy D-4. 

Another consideration in evaluating an alloy con- 
cerns the contribution of the matrix to the over-all 
strength. Nickel probably has the greatest effect on 
stiffening the matrix in Alloy D-4, and the chromium 
and carbon are also effective. Increases in the latter 
element, up to 0.8 pct, produced a linear increase in 
the hot hardness of austenitic alloys. The amount of 
niobium not tied up in carbides is probably small, but 
the matrix solid solution should be saturated in nio- 
bium. A columbium content of 1.04 pct was found to 
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give the maximum hardening in austenitic alloys. 
Kornilov’’ has demonstrated particularly clearly 
how the strength is augmented as the saturation 
limit is approached. It is possible that a similar 
beneficial effect is obtained in Alloy D-4. 

The factors enumerated above are known to be im- 
portant in many high-temperature alloys, and have 
been established by conventional long-term testing. 
Although the hot-hardness test is a short one, it ap- 


Thus, Alloy D-4 can be expected to perform just as 
favorably when tested under the customary creep or 
tensile conditions. 

The presence of two kinds of particles, with dif- 
ferent stabilities, may be responsible for a ‘‘com- 
plexity’? effect as suggested by Cottrell.’*** This 
effect can arise in an alloy stressed at elevated tem- 
peratures, in which the first type of particle that ap- 
pears maintains a high strength level in the alloy. 
As testing is continued, these early particles start 
to redissolve and lose their effectiveness. However, 
the second, more stable precipitate then makes its 
appearance and continues the high-strength level 
established by the earlier, more transient, particles. 
This situation may be paralleled by Alloy D-4, in 
which two types of carbide particles, CbC and CrC 
are present. Here, too, the CbC is extremely stable, 
and the Cr. particles are relatively unstable. From 
the metallographic analysis, it was found that the 
volume ratio of CbC to Cr4C was about 2 to 1 in 
Alloy D-4 in the solution-treated condition. This 
ratio may be the optimum one for maintaining the 
alloy strength at the higher testing temperatures. 


SUMMARY 


One of the alloys studied in this investigation, 
Alloy D-4 (Fe-20 Cr-14 Ni-0.8 C-2.5 Cb) appears to 
possess excellent high-temperature strength, based 
on hot-hardness measurements. It is believed that 
the nickel, carbon, and columbium additions contrib- 
ute to a strong, stable matrix, while two kinds of car- 
bide particles interact to enhance their individual 
strengthening effects. The stable CbC and relatively 
unstable Cr<C particles may cooperate in maintain- 
ing a high strength level, somewhat as described by 
Cottrell in the ‘‘complexity”’ effect. 

The manner in which columbium promotes the 
strength of aged alloys can be described in terms of 
the Cb:C ratio. At low ratios, hardening occurs by 
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pears to give a reliable indication of relative strength 


the decomposition of austenite into bainite, or through 


particle hardening with CbC or Cr. At higher ratios, 
hardening is due primarily to the precipitation of 
Fe2Cb particles. In between, near the stoichiome- 
tric Cb:C ratio for CbC, aged alloys can be softer 
than solution-treated alloys, probably because of a 
strong grain-boundary structure formed during solu- 
tion treatment. 

In austenitic alloys, precipitation hardening is not 
observed, but strengthening by stable CbC particles 
can become appreciable. Carbon and nickel additions 
impart definite hardness increases to the solid solu- 
tion. The amount of columbium in solid solution, al- 
though slight, may be significant through the satura- 
tion effect, whereby large strength increases are 
noted near the phase limits. 

A marked invariance in the slope of hardness vs 
temperature curves is noted for both ferritic and 
austenitic alloys at elevated temperatures. The dif- 
ference in slopes between the two types of alloys is 
attributed more to the presence, or absence, of 
nickel, than to differences in crystal structure. A 
Similar invariance in high-temperature slopes were 
reported by Nisbet and Hibbard for alloys with and 
without cobalt. 
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The Heats of Solution in Liquid Tin of the Group Ill 


Elements Aluminum, Gallium, Indium, and Thallium 


J. B. Cohen, B. W. Howlett, and M. B. Bever 


The partial molar heats of solution at infinite di- 
lution in tin of aluminum at 300° and 350°C and of 
gallium, indium, and thallium at 240°, 300°, and 
350°C have been measured by tin solution calori- 
metry, Aluminum, gallium, and thallium are endo- 
thermic on solution; indium is exothermic, Any 
temperature dependence of the heats of solution lies 
within the experimental scatter. Over the dilute 
vanges investigated, only aluminum has a measur- 
able change in its heat of solution with composition, 


Hears of solution of one element in another re- 
flect the interaction between them. The investiga- 
tion of partial molar heats of solution in dilute al- 
loys is of particular interest as the properties of 
the solvent are altered to only a limited extent by 
the presence of the solute and also as the interac- 
tion between solute atoms is small. When the heats 
of solution of a related series of elements in a sol- 
vent are known, a systematic comparison may be 
made. 

In the investigation reported here, the partial 
molar heats of solution of the Group III elements 
aluminum, gallium, indium, and thallium in dilute 
solution in tin were measured. This work follows an 
investigation of the heats of solution in tin of the 
Group IB elements.’ 


EXPERIMENTAL PROCEDURES 


Materials. Samples of gallium, indium, and thal- 
lium were obtained from Johnson, Mathey and Co., 
Ltd. Indium and thallium were supplied as wire, 1.6 
mm in diam; gallium was in the form of irregular 
pieces. The supplier reported the following mini- 
mum purities: gallium—99.95 pct; indium—99.99 
pet; thallium—99.99 pct. The aluminum, obtained 
from Alcoa Research Laboratories, was reported 
to be 99.995 pct pure. The tin was supplied by Baker 
and Co., Inc.; the reported analysis indicated a tin 
content of at least 99.96 pct with lead as principal 
impurity. 

Calorimeter. This description will cover only the 
essential features of the calorimeter with special 
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attention to modifications made since an earlier de- 
scription was published.’ A Dewar flask containing 
the tin bath was held in a constant-temperature bath 
of a near-eutectic mixture of lithium, sodium, and 
potassium nitrates. This bath, which was stirred 
vigorously, was heated by a primary resistance 
winding in the container wall and by a secondary 
winding immersed in the salt. The voltage supplied 
to both windings was stabilized. The temperature of 
the salt bath was controlled by means of a platinum 
resistance thermometer in one arm of a Wheatstone 
bridge. The light from a mirror galvanometer in the 
bridge circuit fell on a photocell which controlled 
the current in a saturable reactor in series with the 
secondary winding. In this manner, the temperature 
of the salt bath was controlled to + 0.003°C and that 
of the tin bath to at least +0.002°C. Each of these 
temperatures was measured by two iron-constantan 
thermocouples in series, coiled in a helix to mini- 
mize heat loss and immersed in the salt and tin 
baths in protective sheaths. The temperature of the 
laboratory was kept constant to +1°C during a run. 

Specimens were dropped into the tin bath from an 
addition arm held at 0°C which was part of the cal- 
orimetric system. The system was evacuated to 
about 0.02 u to minimize oxidation and to reduce 
transfer of heat. The bath was stirred by a glass 
stirrer introduced through a double Wilson seal. 

The samples were scraped clean before weighing, 
which was carried out as rapidly as possible. Each 
sample was immediately placed in the evacuated ad- 
dition arm to minimize contamination. These pre- 
cautions were especially necessary with aluminum. 

After the runs with gallium and thallium at all 
temperatures and with indium at 240° and 350°C 
(Series I) were completed and before the runs with 
indium at 300°C and.aluminum at 300° and 350°C 
(Series II) were begun the following changes were 
made. The shape of the Dewar flask was changed so 
as to result in a lower surface to volume ratio of the 
bath and at the same time the amount of tin was re- 
duced from 500 to 400 g. The paddle type stirrer 
was replaced by a helical screw and the rate of stir- 
ring was increased to about 150 to 200 rpm. 


Table |. Published Enthalpy Values, cal/g-atom 


Hs13.15 Hoo3.15 15 Ref. 
Tin 3386 3806 4148 3,4 
Aluminum ~ 1858 2193 a 
Gallium 2931 3329 3661 a5 
Indium 2426 2861 3224 4 
Thallium 1582 2045 3383 4 
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Table Il. Measured Partial Molar Heats of Solution at 
Infinite Dilution, cal/g-atom 


240° C 300° C 350° C 
Aluminum - +6075 + 25* +6080 + 25* 
Gallium + 700 + 30 + 710 + 30 + 700+ 50 
Indium - 140 + 30 - 150+ 30 - 150+ 50 
Thallium +1950 + 50* +1950 + 50* + 960+ 90 


*These values refer to solid solutes. All other values refer to liquid 
solutes. 


Calibration and Calculations. The calorimeter 
was calibrated by adding tin from 0°C before any 
additions of solute. A second calibration was made 
with tin or tungsten at the end of each run. The ini- 
tial calibration failed to yield a satisfactory result 
in only one run and the final calibration (employing 
tungsten) was used. The enthalpy values of tin re- 
ferred to 0°C were derived from published sources,?"* 
and are listed in Table I. The approximate value of 
the heat capacity of the calorimeter was 39.5 cal 
per °C for Series I and 35.2 cal per °C for Series II. 

The method of calculation has been described.’ 

In principle, the heat effect is found from the heat 
capacity of the calorimeter and the temperature 
change resulting from an addition corrected for the 
heat exchange between the calorimeter bath and its 
environment. The heat capacity of the calorimeter 
is adjusted after every addition by adding the heat 
capacity of the solute. 

Each heat of solution was found by subtracting 
the heat content of the solute at the bath tempera- 
ture from the calculated heat effect. These heat 
contents were derived from published sources;?~> 
their values are given in Table I. 

The heat of solution is calculated as an integral 
heat effect on solution per gram-atom of solute re- 
sulting from a change in composition of the bath 
from x, to x2, where x, and x2 are the gram-atomic 
fractions of solute in the solution before and after 
each addition. Then the heat effect is plotted against 
composition at a composition of x1 + % (xze-m). This 
gives a linear plot which extrapolates at x = 0 to the 
partial molar heat of solution at infinite dilution and 
which is itself a close approximation to a plot of 
partial molar heat of solution against composition. 
When there is no composition dependence of the par- 
tial molar heat of solution, this plot gives rigorously 
the partial molar heat of solution. 


EXPERIMENTAL RESULTS 


General. The heats of solution in tin of aluminum 
were determined at 300° and 350°C and of gallium, 
indium, and thallium at 240°, 300°, and 350°C. The 
heat of solution of aluminum could not be measured 
at 240°C as solution was too slow. The tin bath was 
not precisely at the nominal temperatures in every 
run; in half of the runs, however, the difference did 
not exceed 2°C and in most of the others, it was well 
below the maximum difference of 8°C. In this inves- 
tigation, the deviation of the actual from the nominal 
bath temperature was of no significance since no 
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dependence of the heat of solution on temperature 
could be observed over the temperature intervals 
investigated. 

The partial molar heats of solution extrapolated 
to infinite dilution are presented in Table II. 

The first additions of aluminum or gallium made 
to the tin bath gave a less endothermic heat effect 
than subsequent additions. This was not observed 
with indium or thallium. The anomaly in the heat 
effect is attributed to deoxidation of the bath by 
aluminum or gallium as the free energies of forma- 
tion of their oxides are considerably larger than that 
of SnOz. By contrast, although the free energies of 
formation of InzO3 and T1203 are not known, the mag- 
nitude of their heats of formation is such* as to make 
the reduction of SnOz by indium or thallium present 
in dilute concentration in tin unlikely. No difficulty 
was experienced from deoxidation after the first ad- 
dition of solute. The first additions of aluminum and 
gallium were ignored in calculating the heats of 
solution. 

Limits of Error. Nine of the eleven values re- 
ported in Table II are based on at least two runs. 
The two values which are based on only one run are 
those for indium at 300° and 350°C. 

The estimated limits in Table II are in no case 
smaller than the spread of the experimental values. 
In two cases—indium at 300° and 350°C—larger lim- 
its are estimated. 

The reported limits express estimates of the pre- 
cision of the experimental values, not of their ab- 
solute accuracy. The latter is also affected by 
errors in the published values of the enthalpies 
used in the calculations. As these values are given 
in Table I, corrections can be made when better 
enthalpy data become available. 


DISCUSSION 


Aluminum. The partial molar heats of solution at 
infinite dilution of solid aluminum at 300° and 350°C 
are large and positive. Any change with temperature 
is within the experimental scatter. The observed 
averages are reported in Table II. The partial molar 
heats of solution depend linearly on composition in 
the range investigated, which extended to 1.5 at. pct. 
They may be expressed for 300°C by the equation: 


AHM = 6075 —10,750x,, in cal/g-atom 


where Xa) is the atomic fraction of aluminum in so- 
lution. At 350°C, the same linear dependence was 
observed. If the heat of fusion of undercooled alu- 
minum at 300° and 350°C is calculated on the as- 
sumption that the heat capacity of the liquid does not 
change in the range of undercooling, the partial mo- 
lar heats of solution at infinite dilution of under- 
cooled liquid aluminum in liquid tin are + 3440 and 
+ 3430 cal per g-atom at 300° and 350°C, respec- 
tively. 

Kawakami® measured integral heats of mixing of 
liquid aluminum and tin at 800°C. His results, when 
plotted as HM/(x,,xs,) against xa), yield a straight 
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line which extrapolates at xa, = 0 to + 3260 cal per 
g-atom, the partial molar heat of solution at infinite 
dilution of liquid aluminum in liquid tin at 800°C. 
This is to be compared with a value of + 3430 cal 
per g-atom for 350°C derived in the present inves- 
tigation. Part of the difference may be due to the 
assumption made in calculating the heat of fusion of 
undercooled aluminum at 350°C. It is also relevant 
that the heats of mixing in other alloy systems in- 
vestigated by Kawakami at the same time as the tin- 
aluminum system appear to be too low.”® 

Gallium. This element is liquid at all tempera- 
tures of dissolution investigated. Any change of its 
heat of solution in tin with temperature is within the 
experimental scatter. The experimental observa- 
tions suggest that there may be a slight dependence 
of the heat of solution on composition, but the effect, 
if present, is small. Kleppa, in a graph of molar 
heats of solution showed a value of approximately 
+ 820 cal per g-atom for gallium in tin,’ and sub- 
sequently reported a value of +748 +12 cal per g- 
atom at 250°C.*° This is to be compared with a value 
of +700 to 710 cal per g-atom determined in the 
present investigation. 

Indium. The heat of solution of liquid indium in 
tin is negative. Kleppa”™ obtained calorimetrically 
a value of — 142 cal per g-atom for the partial molar 
heat of solution of indium in tin at infinite dilution 
at 450°C. This value is in good agreement with those 
of — 140 and — 150 cal per g-atom found in the pre- 
sent investigation, if it is assumed that the lack of 
measurable dependence on temperature of the heat 
of solution extends to 450°C. Kleppa observed a 
slight dependence of the heat of solution on compo- 
sition, but his measurements extended up to about 
34 at. pct of indium compared to an upper limit of 
about 2 at. pct in the present investigation. 

Thallium. On heating, thallium transforms from 
the close-packed hexagonal @ phase to the body-cen- 
tered cubic 8 phase at 234°C; it melts at 304°C. The 
heats of solution at 240° and 300°C thus refer to 
solid 8 thallium, while the value for 350°C refers 
to liquid thallium. When the published value* of the 
heat of fusion of thallium (+975 cal per g-atom) at 
304°C is subtracted from the measured heats of 
solution of solid thallium in tin at 300°C, and a cal- 
culated value of the heat of fusion at 240°C is sub- 
tracted from the measured heat of solution at 240°, 
the resulting values of +940 and +970 cal per g- 
atom at 240° and 300°C, respectively, are consist- 
ent with the heat of solution of liquid thallium in tin 
at 350°C (+960 cal per g-atom). 

The results can be compared with those obtained 
by earlier investigators. Kleppa,*° by extrapolating 
his results on concentrated solutions, obtained a 
value of +955 +12 cal per g-atom for the heat of 
solution at infinite dilution at 350°C. This is in good 
agreement with the present work. Hildebrand and 
Sharma?” made electrochemical measurements at 
352°, 414°, and 478°C over the range 6 to 71 at. pct 
Tl and Vierk’* made electrochemical measure- 
ments at 462°C over the range 6 to 93 at. pct TI. 
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Their values are in good agreement. The tempera- 
ture coefficients of Hildebrand and Sharma exhibit 
considerable scatter, and therefore, lead to widely 
scattered values of the partial molar heat of solution. 
These temperature coefficients suggest a value of 
about +2000 cal per g-atom for the partial molar 
heat of solution at infinite dilution of liquid thallium 
in liquid tin in the range 352° to 478°C. Miiller™* 
measured calorimetrically integral heats of forma- 
tion of five liquid alloys in the range 20 to 82 at. pct 
Tl by direct mixing of the liquid elements at 350°C. 
Hultgren* extrapolated Miiller’s results to x7, = 0 
to give a value of +870 cal per g-atom for the par- 
tial molar heat of solution of thallium in tin at in- 
finite dilution. This is to be compared with a value of 
+960 cal per g-atom found in the present investiga- 
tion. Using the value for the partial molar free en- 
ergy determined by Vierk at 462°C, and the enthalpy 
value determined in the present investigation, the 
excess partial molar entropy at infinite dilution and 
462°C is — 0.52 cal per °K-g-atom. 

General. It is of interest to consider how far 
statistical models help in interpreting the composi- 
tion dependence of the heat of solution. In either the 
Bragg- Williams or first-order approximation of the 
quasi-chemical theory, the value of HM 0, the partial 
molar heat of solution of component 1 at infinite 
dilution, determines completely the variation of 
H™ the partial molar heat of solution, with composi- 
tion.’° Specifically, for the Bragg- Williams approxi- 
mation 


HM = (1— HMo [1] 


In deriving this equation the bond energies £,, and 
E22 between atoms in the pure components are as- 
sumed to remain unchanged on solution. When a 
curve of partial molar heat of solution vs concen- 
tration is drawn for aluminum based on the above 
equation, the observed points deviate from it by 
amounts in excess of the experimental error. 

Oriani and Murphy“ have modified the Bragg- 
Williams theory by assuming that the bond energy 
of the solute £,,; is not the same in the solution as 
in the pure component. On this basis they have ob- 
tained satisfactory agreement between experiment- 
ally observed and calculated curves of partial molar 
heat of solution vs composition of Group IB ele- 
ments in tin. The modification suggested by Oriani 
and Murphy leads to the following relation for dilute 
solution of component 1 in component 2: 


HM = + Z/24E\y [2] 
where 


AE), is the change in 1-1 bond energy in going 
from the pure component 1 to the solution of compo- 
sition x,; and Zis the coordination number of the 
solvent. From the values of dHMo/dx,, H™ and the 
coordination number, values of W and AE,, may be 
calculated by Eq. [2]. If the coordination number of 
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liquid tin is assumed to be 11.0, the calculation 
yields values of +489 cal per g-atom for W and 

— 354 cal per g-atom for 4E,,. These give a rela- 
tion between H™ and composition which coincides 
with the experimental results over the composition 
range investigated. 

There is a simple qualitative correlation between 
the partial molar heats of solution at infinite dilution 
of the Group III elements in tin and their phase dia- 
grams with tin. Aluminum, gallium, and thallium, 
which have positive heats of solution, suggesting 
clustering in the liquid solution, have simple eutec- 
tic phase diagrams without intermediate phases and 
with low solid solubilities in tin. Indium, on the 
other hand, which has a negative heat of solution at 
infinite dilution, suggesting short-range order, 
forms two intermediate phases with tin. These ob- 
servations suggest that an exothermic heat of solu- 
tion tends to be associated with systems in which 
intermediate phases occur in the solid state. For tin 
as a solvent, results obtained in this laboratory 
have shown exothermic heats of solution for gold, 
nickel, magnesium, and tellurium, all of which form 
intermediate phases with tin.’’’”** A brief survey 
of published information® has failed to show excep- 
tions to the tendency stated above, provided long- 
range and short-range order in systems with com- 
plete solid solubilities are considered as equivalent 
to intermediate phases. An endothermic heat of so- 
lution may occur in systems in which intermediate 
phases are formed so that the converse of the above 
tendency does not hold. 

Various properties have been suggested in the 
literature as being related to the heats of solution in 
liquid metallic systems. The difference in the first 
ionization potentials of the solvent and solute ele- 
ments has been mentioned in this connection. No 
correlation, however, was found for Group III ele- 
ments in tin between their heats of solution and their 
first ionization potential differences. Similarly, the 
difference in electronegativities of solvent and solute 
in the systems investigated here showed no correla- 
tion with the heats of solution. Oriani has argued’® 
that an atom size effect persists in liquid solutions 
and is related to the heats of solution. It is interest- 
ing to note that indium, which has an atomic size 
closest to that of tin, also has the smallest heat of 
solution of the elements investigated. Aluminum, 
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gallium, and thallium have larger size differences 
and larger heats of solutions, but in going from 
gallium to aluminum, the heat of solution increases 
greatly while the size difference decreases. 


SUMMARY AND CONCLUSIONS 


1) The partial molar heats of solution in liquid 
tin of aluminum at 300° and 350°C and of gallium, 
indium, and thallium at 240°, 300°, and 350°C have 
been measured. 

2) Aluminum, gallium, and thallium are endo- 
thermic on solution in tin, while indium is exo- 
thermic. 

3) No temperature dependence of the heats of so- 
lution was observed within the estimated limits of 
error. 

4) Of the elements investigated, only aluminum 
has a partial molar heat of solution which changes 
appreciably with composition in dilute solution. 
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Identification of Intermediate Phases in the 


Manganese-litanium System 


R. M. Waterstrat 


X-ray diffraction and metallographic examina- 
tion of binary Mn-vich alloys with Ti revealed the 
presence of intermediate phases in this system. 
A binary R phase has been identified and also a 
phase having an a-Mn type structure. The X-ray 
pattern of the phase TiMn, is presented and a 
tentative phase diagram for the Mn-rich portion 
of this binary system has been constructed. 


ManaanesE-rich alloys with titanium have been > 
subjected to thermal analysis at temperatures down 
to 1100°C by Hellawell and Hume-Rothery.’ Their 
results indicate the existence of an intermediate 
phase TiMn, in this binary system. This phase ap- 
pears to coexist with the Laves phase TiMn,, and 
with terminal solid solutions based on the allotropes 
of manganese, at least down to 1100°C. The above 
investigators did not attempt to determine the crys- 
tal structure of this phase, however. 

Since, by analogy to the binary systems Mn-V and 
Mn-Cr, one might expect to find a o phase in this 
region of the diagram, it seemed desirable to obtain 
X-ray diffraction patterns of alloys in the concen- 
tration range in question, in order to ascertain 
whether the sigma phase or related structures occur. 


EXPERIMENTAL PROCEDURES 


Alloys were prepared by arc-melting electrolytic 
manganese and iodide titanium in a water-cooled 
copper crucible under a helium atmosphere. Ex- 
cess manganese was added to each melt in order to 
allow for losses incurred during melting. The alloys 
were then wrapped in molybdenum foil and sealed in 
evacuated quartz tubes for annealing at various tem- 
peratures, as shown in Table I, followed by quench- 
ing in cold water. Although the inside of the tubes 
showed evidence for some loss of manganese from 
the specimen during annealing, there was no evi- 
dence of any reaction between the specimen and 
either the molybdenum foil or the quartz tube at 
these temperatures. It was later found that the man- 
ganese loss was considerably reduced by annealing 
these alloys in sealed quartz tubes containing one 
atmosphere of purified argon. As an added precau- 
tion the surface of each specimen was ground off 
before crushing the alloys to —270 mesh powder, 
using a hardened steel mortar and pestle. X-ray 
powder patterns were obtained using either FeKa 
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or CrKa radiation in an asymmetrical focusing 
camera, which gave excellent dispersion of the 
closely spaced lines. Pictures were also obtained 
using a Debye camera of 5-cm radius which pro- 
vided data in the angular region not covered by the 
focusing camera. The alloy specimens were polished 
and examined metallographically, using an etchant 
consisting of 60 pct glycerine, 20 pct nitric acid, 
and 20 pct hydrofluoric acid. The 10-g buttons were 
in each case broken in half and found to be well- 
melted and free of any gross segregation. One half 
of certain alloy buttons was submitted to chemical 
analysis in the ‘‘as-cast’’ condition. No appreciable 
change in composition seemed to occur during an- 
nealing. 


RESULTS 


The X-ray pattern of alloy Tip,,,Mnp,,, was found 
to agree well with that of the ternary R phase which 
was first found in the Mo-Cr-Co system,? and re- 
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Fig. 1—Tentative partial phase diagram of the Ti-Mn sys- 
tem. 
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Table |. Ti-Mn Alloys Used in the Present Study 


Composition, At. Pct Condition X-Ray Pattern Microstructure 
As-cast a Mn 
90.60 pct Ma 9.10 pct Ti 1145°C-3 hr Mn Single phase, @ Mn 
As-cast @ Mn + R phase 
86.6 pct Mn 13.4 pct Ti 1050° C —6 days & Mn + R phase & Mn (60 pct) + R phase (40 pct) 
700° C — 10 weeks & Mn + R phase 3 phases 
As-cast R phase 
1150° C —3 days R phase R phase + second phase (2 pct) 
*82.80 pct Mn 16.92 pct Ti 1050° C —6 days R phase R phase + second phase (2 pct) 
1000° C — 10 days R phase 


700° C —10 weeks 


As-cast 
80.5 pet 19.5 pct Ti 1050° C —6 days 
79.0 pet Mn 21.0 pct Ti 1125° C —3 days 

1125° C—3 days 
77.8 pet Mn 22.2 pet Ti 700° C — 10 weeks 


As-cast 


*74.74 pct Mn 24.95 pct Ti 1150° C —3 days 


As-cast 


71.6 pet Mn 1060° C —6 days 


28.4 pet Ti 


@ Mn + R phase 


3 phases 


R phase + Laves phase 
R phase + TiMn, 


TiMn, + R phase 


TiMn, + R phase 
Laves phase + R phase + % Mn 


R phase + second phase (15 pct) 
R phase (50 pct) + TiMn, (50 pct) 


TiMn, + second phase (10 pct) 
3 phases 


Laves phase + R phase 
TiMn, phase 


TiMn, phase + second phase (<5 pct) 


Laves phase 
Laves phase + trace TiMn, 


Laves phase + second phase (10 pct) 


Compositions are intended, except those marked * which are the result of chemical analysis. 


cently also in other ternary systems.* The complex 
crystal structure of the R phase has recently been 
determined by Komura, Sly, and Shoemaker* using 
data from single crystals of a Mo-Cr-Co alloy. The 
crystal structure which they reported is rhombo- 
hedral with 53 atoms per unit cell. They have in- 
dexed the powder pattern of this alloy on the basis 
of a hexagonal cell with cell constants a= 10.9034, 

c = 19.342A, c/a = 1.774. It was found that the X-ray 
pattern of alloy Tiy,,,Mn),,, can be completely in- 
dexed by assuming a slightly larger hexagonal cell 
of this type, a = 11.003A, c = 19.446A, c/a = 1.767. 
The relative intensities of all lines are in reasonably 
good agreement with those calculated for the Mo- 
Cr-Co R phase by Komura, Sly, and Shoemaker. 
These results are shown in Table II. The (Ti,Mn) 

R phase is the first binary phase known to have this 
structure. 

Metallographic and X-ray examination of the var- 
ious alloys show that the R-phase apparently coex- 
ists with the TiMn, phase and with a phase posses- 
sing 7Q-Mn structure. Alloy although 
consisting primarily of the R phase, may also con- 
tain a very small amount of this a-Mn type phase 
since the X-ray pattern of this alloy shows a weak 
line which would correspond to the strongest line of 
either a-Mn or B-Mn. A comparison of the relative 
positions of the R phase lines in alloys Tig.259 Mno.g9 
and Tiy,,,; Mnp,,7 Shows a small difference, indicating 
that the R phase occurs over a finite composition 
range in this system. 

Alloy Tig,2; Mng,7, annealed at 1150°C contains 
primarily the TiMn, phase, since less than 5 pct of 
a second phase was revealed by metallographic 
examination. The X-ray pattern of this alloy is 
therefore probably that of the TiMn, phase. This 
pattern, given in Table III, shows a distinct similar- 
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ity to the powder pattern of the phase 5(Mo,Ni) first 
reported by Ellinger.> Shoemaker, Fox, and Shoe- 
maker® have obtained X-ray data from a single crys- 
tal of the 6 phase and indexed the powder pattern on 
the basis of a tetragonal unit cell. They found some 
evidence however that the structure may be actually 
orthorhombic, although no deviation was observable 
in the axial lengths. The pattern of the TiMn, phase 
could not be completely indexed on the basis of the 
proposed tetragonal cell. It may therefore be either 
a different structure or perhaps an orthorhombic 
unit cell would be suitable for both structures. 

The TiMn, phase apparently coexists with the R 
phase and with the Laves phase. The manganese- 
rich boundary of the Laves phase could be inferred 
from a measurement of the lattice parameters of 
this phase in alloy Tip,., Mno,7., together with the 
lattice parameters vs composition relationships ob- 
tained by Das and Beck.” The boundary was by this 
means established at approximately 30 + 1 at. pct Ti. 

Alloys Tig and Tip ;,Mno,, were annealed 
at 700°C for 10 weeks and both alloys were subse- 
quently found to contain considerably greater amounts 
of the @-Mn phase than were present after annealing 
at 1000°C to 1150°C. Alloy Tip,.;Mno,., when given 
an identical heat treatment, contained appreciable 
quantities of the Laves phase TiMn,, as well as the 
a-Mn type phase after annealing. It seems possible, 
therefore, that neither the R phase nor TiMn, is 
stable at 700°C, and that the @-Mn phase and the 
Laves phase would co-exist under equilibrium con- 
ditions. 


DISCUSSION 

It is noteworthy that alloys Tip.o, Mnog.,, and 
Tig.33 Mno,,7 contain an @-Mn type phase, even when 
quenched from 1145°C. Apparently titanium strongly 
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Table Il. Powder Pattern of TiMn R Phase FeK@ Radiation 


Calculated Intensity Values from Ref. 4 


Table Ill. X-Ray Diffraction Pattern of TiMnz, FeK& Radiation 


sin’ 0 Intensity 
No. hkl Obs. Calc. Obs. Calc. ** 
1 223 0.1479 0.1463 pe 6 
401 0.1678 2 
2 018 0.1684 0.1691 ws {48 
134 0.1740 ul 
3 on 0.1745 01782 vw { 9 
4 306 0.1821 0.1823 wie 7 
5 217 0.1946 0.1939 : 78 
6 315 0.1963 0.1963 ‘ 84 
208 0.2001 4 
7 {404 0.2027 0.2050 ww { g 
8 232 0.2067 0.2062 ‘ 71 
9 26 0.2117 0.2133 a 2 
10 410 0.2174 0.2169 ‘ 62 
u 045 0.2274 0.2273 ae 46 
128 0.2311 51 
12 119 0.2324 { 02320 s { 
13 324 0.2367 0.2360 . 37 
14 413 0.2401 0.2393 ‘ 29 
137 0.2559 9 
235 0.2583 B 
15 1,0,10 0.2574 0.2584 ms { 15 
051 0.2607 3 
16 502 0.2691 0.2682 “ 10 
0,2,10 2.2894 1 
17 { 241 0.2924 0.2917 ‘ 2 
309 0.2939 16 
18 416 0.3070 0.3063 sith 9 
505 0.3203 b 
2,0,11 0.3415 
526 0.4922 
21 { 23.1 0.4943 { 0.4965 
0.1.14 0.4966 
22 701 0.5073 0.5087 we + 
704 0.5459 9 
23 262 0.5464 0.5471 w .3 
9,0,15 0.5582 6 
24 {1o'14 0.5592 0.5586 m { 43 
25 535 0.5677 0.5682 on 20 
609 0.5728 15 
26 4,1,12 0.5741 0.5742 mw 17 
710 0.5888 2B 
27 4,2,11 0.5888 0.5894 m 4 
28 265 0.5988 0.5992 _ 1B 
618 0.6030 2 
29 529 0.6038 0.6038 mw 29 
713 0.6111 24 
30 3,2,13 0.6145 0.6156 mw ll 
707 0.6277 12 
31 {4310 0.6319 0.6303 wv? 7 
541 0.6326 8 
630 0.6508 
32 3,0,15 0.6521 0.6512 w 5 
081 0.6636 
628 0.6959 
34 = 0.6963 


Line Interplanar Spacing Relative 

No. in Intensities 

1 2.390 w 

2 2.369 m 

3 2.212 vs 

4 2.203 vw 

5 2.176 w 

6 2.142 m 

7 2.092 vvw 

8 2.077 m 

9 2.049 ms 
10 2.038 mw 
11 2.023 m 
12 2.008 ms 
13 1.976 m 
14 1.955 mw 
15 1.935 vw 
16 1.896 mw 
17 1.840 w 
18 1.783 mw 
19 1.348 mw 
20 1.339 m 
21 1.325 w 
22 1.311 m 
23 1.300 mw 
24 1.284 w 
25 1.260 ms 
26 1.251 m 
27 1.238 mw 
28 1.229 w 
29 1.213 w 
30 1.205 mw 
31 1.191 m 
32 1.113 ms? 
33 1.059 w> 
34 1.044 vw? 
35 1.035 w> 
36 1.027 w? 
37 1.019 vw? 


indicates a broadened reflection 


vs — very strong mw — medium weak 


s— strong w — weak 
ms — medium strong vw — very weak 
m — medium vvw — very very weak 


*This very weak reflection could also be due to the presence of a small 


amount of an a-manganese or a B-manganese phase. In both cases the line is 


by far the strongest reflection observed in these patterns. It could be either 


the (330,411) for an a-Mn structure or (300,221) for a 8-Mn structure. 
broadened line; V°very broad line. 


**Intensity values not given in table were omitted in Ref. 4. 


stabilizes the @-Mn terminal solid solution. It may 


be significant in this connection that @ Mn is the 
only one of the four allotropic forms of Mn which 


contains interatomic distances commensurate with 
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the Goldschmidt diameter of titanium. Kasper® has 
reported that in the x-phase of the Mo-Cr-Fe sys- 
tem, which also possesses an @-Mn type structure, 
the Mo atoms occupy primarily the crystallographic 
positions involving the larger interatomic distances, 
and surrounded by 16-fold coordination polyhedra. 
It would seem likely that the large Ti atoms would 
similarly prefer these positions when added toa-Mn. 
Even if such an ordering occurs, however, it would 
be difficult to detect it with either X-ray or neutron 
diffraction techniques, since the difference between 
the respective scattering factors of Mn and Ti is 
small. This difficulty could be somewhat reduced if 
vanadium Ka radiation were used, since the anoma- 
lous scattering of titanium would, in this case, be 
advantageous. 

The crystal structure of the R phase, as well as 
the structures of the Laves and @-Mn type phases, 
contain crystallographic positions with the same 16- 
fold coordination polyhedra, and it has been shown 
in other alloys*»®»'! that in each case the larger 
atoms occupy these positions. It seems likely, there- 
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fore, that Ti atoms will be located there in each 
phase in the Ti-Mn system. 

It is an interesting fact that the Zr-Re system, 
which involves second and third long-period transi- 
tion elements from the same columns of the periodic 
table as Ti and Mn, also has an @-Mn type as well as 
a Laves-type phase.® However, in the Zr-Re system 
tha @-Mn and Laves phases apparently coexist, while 
in the Ti-Mn system they are separated by the R 
phase and the TiMn, phase, at least at high tempera- 
tures. 

An @-Mn type ternary phase has been recently re- 
ported in the system Ti-Cr-Fe.’° This phase is ap- 
parently isomorphous with the ternary y phase of 
the Mo-Cr-Fe system, with Ti atoms replacing the 
Mo atoms in the positions possessing 16-fold coordi- 
nation. The x phase contains a greater percentage 
of Ti than that soluble in the @-Mn terminal solid 
solution. It is notable, however, that Fe and Cr, 
which are located next to Mn on either side of it in 
the periodic table, may together substitute for Mn 
in stabilizing this structure. The (Ti, Cr, Fe) y phase 
is reported to decompose below 1000°C to form a 
Laves phase. 

Fig. 1 shows a tentative phase diagram for the 
Mn-rich portion of the Mn-Ti binary system, based 
on the present results and on the work by Hellawell 
and Hume-Rothery.? The phase diagram given by 
Hellawell and Hume-Rothery’ is based primarily 
upon thermal analysis, and apparently only to a very 
minor extent on microscopic or X-ray diffraction 
study. This may explain why the presence of the a- 
Mn phase and of the R phase was not noted. In par- 
ticular, the marked change in the form of the ar- 
rests, which Hellawell and Hume-Rothery inter- 
preted as an indication of a peritectoid decomposi- 
tion of the 8-Mn phase at 1148°C, could possibly 
also include an effect due to the peritectoid decom- 


690-VOLUME 221, AUGUST 1961 


position on heating of the @-Mn phase at a slightly 
higher temperature, as shown in Fig. 1. The indi- 
cated formation of the R phase and the TiMn, phase 
by peritectic reactions on cooling at 1230° and 
1250°C, respectively, is compatible with most of 
the thermal analysis data. There are, nevertheless, 
a few arrest points which cannot be explained by 
Fig. 1, such as their point at 1200°C for 22.0 pct Ti 
or at 1230°C for 25.3 pct Ti and for 29.7 pct Ti. 
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Recrystallization of Iron and Iron-Manganese Alloys 


W. C. Leslie, F. J. Plecity, and J. T. Michalak 


Isothermal recrystallization and grain growth in 
zone- and vacuum-melted irons and Fe-Mn alloys, 
up to 0.60 pct Mn, were studied in the range 480° to 
650° C, after 60 pct cold reduction. In initial stages, 
rate of grain growth and rate of recrystallization of 
iron decrease with time. The recrystallization is 
typical of a growth-controlled process, and rate of 
growth is determined by the extent of recovery. 

Mn decreases rates of growth and of recrystalliza- 
tion. The recrystallization process changes at about 
0.30 pct Mn and nucleation may become time- 
dependent. 


In recent years, considerable effort has been ex- 
pended in determining the effects of solute elements 
on recrystallization and boundary migration in fcc 
metals. The results have indicated that the effects 
produced by single solute additions are dependent 
upon both the element added and its concentration.'*® 
In contrast, there have been very few attempts to de- 
termine the characteristics of recrystallization and 
boundary migration in high-purity bcc metals, espe- 
cially after heavy deformation, and the effects there- 
on of single solute elements.°~"' This study was un- 
dertaken to determine the recrystallization charac- 
teristics of various “high-purity” irons and the ef- 
fects of manganese additions at two levels of base 
purity. It was hoped that the information obtained 
would improve our understanding of the recrystalli- 
zation of pure metals and aid in formulating a theory 
for the effect of solute elements. The interest was 
not entirely academic, for the annealing of low-car- 
bon steels, which is of very great commercial im- 
portance, is but poorly understood. 


MATERIALS 


The compositions of the irons and iron-manganese 
alloys used are listed in Table I. 

The zone-melted iron and Fe-Mn alloys were made 
by Battelle Memorial Institute. Iron S-1 was arc- 
melted in a water-cooled steel mold in an argon at- 
mosphere. The ingot was forged into a bar, then 
given two horizontal zone-refining passes in an alu- 
mina boat. Iron V-4 was treated in a similar manner, 
but was not zone-refined. The iron for the zone- 
melted Fe-Mn alloys was induction melted in vacuum 
in MgO crucibles and cast into alumina molds. The 
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Steel Corp. 
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Fig. 1—Isothermal recrystallization of zone-melted iron 
S-1 (0.0001 pet Mn). 


ingots were forged into bars, machined to shape, and 
a groove milled down one side of each. The best 
available electrolytic Mn was placed in the grooves, 
and the bars were zone melted. 

The vacuum-melted Fe-Mn alloys were induction 
melted in this Laboratory in MgO crucibles and 
poured into cast-iron molds. 

Iron V-5 was purchased from National Research 
Corp. in the form of a small vacuum-cast ingot. 

The low-carbon steel was made by induction melting 
in air at the U.S. Steel Corp. Applied Research Labo- 
ratory. 

The history of the materials prior to the final cold 
reduction differed; these details are given in the Ap- 
pendix. The penultimate grain size of the principal 
materials was kept in the range ASTM 2 to 4, except 
for the low-carbon steel. 


PROCEDURES 


The cold work prior to the final recrystallization 
anneal was kept constant at 60 pct. It is known that 
rolling procedure can influence the kinetics of re- 
crystallization of iron’’; therefore, all specimens 
were rolled in one direction only, between clean, 
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Fig. 2-Isothermal recrystallization of vacuum-melted 
iron (0.0004 pet Mn) V4. 
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Table I. Composition of Materials 


Zone Melted Vacuum Melted aia 
S-1 S-5 S-6 S-8 v-4 v-2 v-3 v-1 V-5 Carbon 
Iron 0.02 Mn 0.31 Mn 0.60 Mn Iron 0.025Mn 0.15 Mn 0.35 Mn Iron Steel 
c <0.001 0.003 0.001 0.001 0.005 0.0008 0.0009 0.0013 0.002 0.06 
P 0.0004 <0.0005 0.0005 0.0005 0.0007 0.0003 0.0002 0.0002 0.004 0.007 
s 0.0007 0.0039 0.0003 <0.0005 <0.001 0.004 0.005 0.005 0.006 0.013 
Mn 0.0001 0.02 0.31 0.60 0.0004 0.025 0.15 0.35 <0.01 0.52 
Si 0.002 0.001 0.001 0.001 0.001 0.018 0.013 0.014 0.033 0.005 
fe) 0.0026 0.0047 0.0013 0.0002 0.0016 0.009 0.015 0.009 0.0057 = 
N <0.0002 0.0004 0.0004 <0.0001 0.0003 0.0007 0.0011 0.0012 0.0013 0.005 
Cu 0.0002 0.005 0.0002 0.0002 0.0008 0.006 0.01 
Ni 0.001 0.0015 0.0012 0.0012 0.002 0.026 0.025 0.029 0.006 * 
Cr 0.00007 0.0002 0.0005 0.0005 0.001 0.006 0.006 0.008 0.002 - 
Mo 0.0002 <0.0005 <0.0005 <0.0005 0.001 0.008 0.007 0.010 0.003 = 
Al 0.0015 0.0015 0.0015 0.0015 0.002 0.025 0.022 0.004 0.001 0.005 
Co 0.003 0.0025 0.0001 0.0001 0.004 0.008 0.009 0.006 0.005 
Sb <0.001 <0.0005 <0.0005 <0.0005 <0.001 <0.01 
As <0.001 <0.001 <0.001 <0.001 <0.001 
Be <0.0005 <0.0001 0.00002 0.00002 <0.0005 
B <0.0005 0.0005 0.0005 <0.0005 0.0005 
Ca <0.001 <0.001 <0.001 <0.001 0.0001 
Cd <0.005 <0.0005 <0.0005 <0.0005 <0.005 
Ga <0.005 ~ <0.0005 
Pb 0.0001 <0.0001 <0.0001 <0.0001 0.0001 <0.0005 
Mg 0.00005 0.0001 0.0005 0.0005 0.0002 
Sn <0.005 0.0005 <0.0005 <0.0005 0.0005 <0.001 
Ti <0.0001 <0.0001 <0.00005 <0.00005 <0.001 
W <0.0001 <0.001 <0.001 <0.001 <0.001 <0.01 
V <0.001 <0.0001 <0.0001 <0.0001 0.0002 <0.002 
Zn <0.001 <0.001 <0.001 <0.001 <0.01 
Zr <0.0001 <0.0001 <0.00005 <0.00005 <0.005 
dry rolls, without reversal. The reduction from materials, and for the vacuum-melted Fe-Mn alloys, 
0.180 to 0.072 in. was made in 18 passes, of 0.006 in. the volume fraction recrystallized was determined 
per pass. The strip was degreased before and after by point counting, using a hundred-square grid at 
rolling. Smaller pieces, about 1/2 by 1/2 in. were 50 or 100 diam magnification. The intersections fal- 
cut from the strip, using an abrasive cut-off wheel ling on recrystallized grains were counted. At least 
with a copious quantity of cutting fluid. The burred three determinations were made on each specimen, 
edges were removed by fine abrasive paper, used with random orientation and location of the grid, and 
wet. All the materials used in this investigation the average of the three was reported. Point count- 
strain-aged at room temperature after rolling. There- ing in this manner has been found to be the most ef- 
fore, the annealing was begun as soon as possible ficient method of volume fraction analysis.’ For the 
after cold rolling, and never later than the following Battelle and NRC vacuum-melted irons and for the 
day. commercial steel, three independent visual estimates 
Before recrystallization, the specimens were of fraction recrystallized were made by three observ- 
plated with copper, then nickel, to minimize oxida- ers, then averaged. When compared with point-count- 
tion. The isothermal recrystallization treatments ing, this seemingly crude method produced very sim- 
in the range 480 to 650°C were carried out in lead- ilar results. Four or five diamond pyramid hardness 
bismuth baths, controlled to + 3°C. After annealing, measurements (Vickers, 10-kg load) were made on 
the specimens were mounted and a longitudinal sec- each polished and etched section. 
tion was polished and etched. For the zone-melted 
= = 
@ 60 4 
oO 
oO 
40+ 
40 
uJ = 
9 
a 480°C 20 = 
| | 100 1000 10,000 100,000 0 
ANNEALING TIME, MINUTES 1000 10,000 100,000 
ANNEALING TIME, MINUTES 
Fig. 3—Isothermal recrystallization of vacuum-melted 


Fig. 4—Isothermal recrystallization of low-carbon steel. 


TRANSACTIONS OF 
692—VOLUME 221, AUGUST 1961 THE METALLURGICAL SOCIETY OF AIME 


iron V5. 


: 

> 

4 

3 

: 

J 

= 


So 
s 8 @ 


PERCENT RECRYSTALLIZED 


1000 
MINUTES 


10 100 
ANNEALING TIME, 


10,000 100,000 
Fig. 5—Isothermal recrystallization of zone-melted 0.02 
pet Mn alloy (S5). 


To determine rates of grain growth, the length and 
width of the largest recrystallized grain on each pol- 
ished and etched section, up to 30 pct recrystalliza- 
tion, were measured using a microscope with a mi- 
crometer stage. These maximum grain dimensions 
were plotted versus time, and instantaneous growth 
rates were obtained from the slopes of the curves. 

It should be noted that rates so determined were 
maxima. Grains with less favorable orientation re- 
lations with the matrix would grow more slowly. 


RESULTS 


I) Isothermal Kinetics. a) Jron. The recrystalli- 
zation of the three irons is shown in Figs. 1, 2, and 
3. Rather surprisingly, the vacuum-melted iron V-4 
recrystallized slightly more rapidly at 595°C than 
did the zone-melted iron of higher purity, but both 
recrystallized much more rapidly than did the vac- 
uum-melted iron V-5. Recrystallization of the last 
was not complete even after 136 hr at 650°C. The 
sluggish behavior of iron V-5, is quite common in 
“high-purity” irons and it cannot be attributed to 
any obvious difference in microstructure or compo- 
sition. The most likely cause is the presence of an 
unidentified trace element which interacts very 
strongly with boundaries or sub-boundaries. Com- 
pletion of recrystallization in all three of these irons 
required longer periods than did the low-carbon 
steel, Fig. 4. The more rapid completion of recrys- 
tallization of the steel can be attributed to 
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Fig. 6—Isothermal recrystallization of zone-melted 0.31 
pet Mn alloy (S6). 
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1) Smaller penultimate grain size. 

2) The presence of comparatively large, hard sec- 
ond-phase particles (Fe,C, inclusions) during rolling. 

3) Lesser effect of recovery. 

An increase in the number of grain boundaries and 

of hard, dispersed particles can raise the rate of 
recrystallization by increasing the number of sites at 
which growth of recrystallized grains can begin.'*~'® 
These effects can outweigh any decrease in rate of 
recrystallization because of larger amounts of solutes 
in the commercial steel. The effect of recovery will 
be discussed later. 

It is obvious from the kinetics of recrystallization 
of these irons that uncontrolled impurity effects are 
present. To eliminate or minimize such effects in 
iron, very careful floating zone refining is essential. 
Besnard’ found that iron so treated recrystallized 
completely in 1/2 hr at 300°C after cold rolling 95 pct. 

The zone-melted iron employed in this investigation 
(S-1) showed no recrystallization at all under these 
conditions, but did exhibit considerable recovery (30 
pet softening after 30 min at 300°C). 

b) Iron-Manganese. Isothermal recrystallization 
curves for the zone-melted and vacuum-melted Fe- a. 
Mn alloys are presented in Figs. 5 through 10. It is . 
interesting to note that at the same Mn content, re- 
crystallization is more rapid in the vacuum-melted 
than in the zone-melted alloys, despite the higher 
purity of the latter. It was considered that this un- 
expected observation could be explained by the high- 
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Fig. 8—Isothermal recrystallization of vacuum-melted 
0.025 pet Mn alloy (V2). 
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Fig. 9—Isothermal recrystallization of vacuum-melted 
0.15 pet Mn alloy (V3). 
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er oxygen content and inclusion count of the vacuum- 
melted alloys (Table I, Fig. 11), which might provide 
more sites for growth of recrystallized grains. How- 
ever, the grain size after recrystallization was the 
same in both sets, Fig. 11, and, as will be discussed 
; later, it was found that the rates of grain growth in 
, the vacuum-melted were greater than in the zone- 
i melted alloys. This could explain the difference in 
over-all recrystallization rates. Differences in de- 
gree and kinetics of recovery between the two groups 
of alloys might have caused the observed differences 
in growth. If more recovery occurred in the zone- : 
melted than in the vacuum-melted alloys, the driving Fig. 11—Microstructures of Fe and Fe-Mn alloys after 
force for growth, and hence the rate, could have been _ 60 pct cold reduction and complete recrystallization at 
i reduced to below that of the vacuum-melted alloys. 540°C. X100 nital etch. Enlarged approximately 4 pct 
: Although it is a convenient and almost universal for reproduction. 
‘ practice, the use of pct recrystallized vs log time S-1(0.0001 pet Mn) 
plots can effectively conceal significant information.” g¢8(0, 60 pet Mn) Zone-melted 
In Fig. 12, in which pct recrystallized is plotted vs V-2(0.025 pet Mn) 
time on a linear scale, it is evident that for the zone- V-1(0.35 pct Mn) 
melted iron (S-1) and 0.02 pct Mn alloy (S-5), the Vacuum-melted 


rate of recrystallization, in the early stages, de- 
4 creased with time. It is equally evident that for the 20+ | 
- 0.31 and 0.60 pct Mn alloys the rate increased with 
time. This behavior of these two alloys was uniform ig 5-6 0.31Mn 
over the temperature range employed. Such a de- 540°C mi 
creasing rate is not apparent in the usual pct recrys- IGE 


tallized vs log time plots. Se 
II) Relation Between Hardness and Recrystalliza- ~ 4b 
tion. Changes in hardness during annealing were 2 
quite erratic, and not related in a simple manner to ; 2 S-l 0.0001 Mn 
480°C 
100 10 
80 = 8 4 
2 
@ 60 a 6 
= 40 4 
20 2 
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Fig. 10—Isothermal recrystallization of vacuum-melted Fig. 12—Recrystallization of Fe and Fe-Mn alloys on a 
0.35 pet Mn alloy (V1). linear time scale. 
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Fig. 13—The softening of three iron alloys recrystallized 
at 595°C. a 7 
the amount of recrystallization. A considerable i ; 
amount of recovery occurred in all of the materials 
used, except the low-carbon steel. It is obvious that io*E z 
the process of recrystallization in iron, in contrast 
to copper!®?° cannot be followed by means of hard- 10S 4.30 1.35 
ness measurements, unless some means of separat- 10°/T 
ing hardness changes due to recovery from those Fig. 15—Temperature dependence of recrystallization 
due to recrystallization can be devised. (50 pet). 

As shown in Fig. 13, a nearly linear relationship pct recrystallized. Recovery was much more impor- 
was found between the volume fraction recrystallized tant in softening than was recrystallization. The be- 
and the fraction softening of the low-carbon steel, havior of the vacuum-melted-0.35 pct Mn alloy was 
z.e€., recovery processes were unimportant in anneal- intermediate. The last instance was exceptional in 
ing. For the vacuum-melted-0.025 pct Mn alloy nearly 
all of the softening occurred before the alloy was 20 . $1 7 

> 0.0001 Mn 
= 4 
Si = a 
S6 és 
80 aad 0. 31 Mn = a 
E 
2 
uJ 
$6 
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10° 4 
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Fig. 14—The effect of manganese on the softening of zone- Fig. 16—Rates of grain growth in Fe and Fe-Mn alloys at 
melted iron. 540°C - width dimension. 
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Fig. 17—Temperature dependence of grain growth at 5 pct 
recrystallization. 
that less recovery occurred than in the other Fe-Mn 
alloys. The more common finding is shown in Fig. 
14. The effect of manganese on recovery is slight, 
at least in the temperature ranges studied. Softening 
in the Fe-Mn alloys continues until recrystallization 
is complete, whereas in the zone-melted iron, very 
little softening occurs after recrystallization is 50 
pct complete. 
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Fig. 18—The effect of manganese on rate of grain growth 
at 540°C - width dimension. 
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Fig. 19—Time dependence of rate of grain growth in zone- 
melted iron at 480°C, 


III) Temperature Dependence of Recrystallization. 
The times required for 5, 30, and 50 pct recrystalli- 
zation were obtained from the isothermal plots. When 
log 1/t was plotted vs 10°/7, as shown in Fig. 15, . 
straight lines were obtained only occasionally. The 
temperature dependence of rate of recrystallization 
of iron and Fe-Mn alloys, under the experimental 
conditions employed, was a function of temperature. 
In general, the rate of recrystallization did not fol- 
low the relation 


Rate = = 


and no unique value can be assigned to Q, the “activa- 
tion energy” for recrystallization. Depending upon 
the temperature range selected, the “activation ener- 
gy” for recrystallization of zone-melted iron could 
vary between 30 and 88 kcal per mole. Previous 
workers!”!® have drawn straight line log 1/t vs 
10°/T plots, but this appears to be an oversimplifica- 
tion. 

The addition of Mn to both the vacuum-melted and 
the zone-melted irons caused a change in the shape 
of the log 1/t vs 10°/T7 plots. The curves for the irons 
were concave downward. As the Mn content was in- 
creased, the curves approached straight lines. Addi- 
tional Mn caused the curves to become concave up- 
ward. Stated in another way, the rates of recrystalli- 
zation of all the alloys tended to become similar at 
650° and 480°C. The differences in rate were greater 
at the intermediate temperatures, 595° and 540°C. 
The “activation energy” for recrystallization de- 
creased with increasing temperature in iron and Fe- 
low Mn alloys, and increased with increasing temper- 
ature in the higher Mn alloys. 

The effect of Mn, in the range investigated, on the 
kinetics of recrystallization of iron was slight in com- 
parison with the effect of unspecified trace elements. 
This can be noted in Fig. 15, by comparing the curves 
for the zone-melted iron, S-1, and the vacuum-melted 
iron, V-5. The zone-melted iron recrystallized 
about 3000 times faster at 540°C. 

The careful work of Vandermeer and Gordon?! 
has demonstrated that Avrami’s* equation 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


006) 
0.005 
0.0001 
Mn 
0. 
004 
0.003 
0.002 
0.60 Mn 0.001 
100 
‘ 
| 
| 
> 
” 
: 4 
‘ 
a 
a 
4 
a 
2 
; ‘ 
° 
-2 
10 
\ 
3 
oN 
22 


X= 1 - exp (-Bt”) 
where 


X = fraction recrystallized 
t = time 
B,n = constants 


describes the kinetics of isothermal recrystallization 
in an Al-0.008 pct Cu alloy. The rate of growth of 
recrystallized grains did not vary with time, and 

the constant, ”, was found to be 2. Microstructural 
examinations showed that recrystallized grains be- 
gan to grow at essentially zero time at edges of 
cold-worked grains, no additional nucleation occur - 
red, and that growth was two-dimensional, thus con- 
firming Cahn’s prediction?* of the characteristics 

of site-saturated, edge-nucleated reactions. Thus, 

if growth rates and “nucleation rates” do not vary 
with time and if only one type of nucleation site is 
operative, Avrami’s equation can be used to deter- 
mine the dimensionality of growth of recrystallized 
grains. If 2 = 1, the growth is one-dimensional (wire- 
like); if m = 2, the growth is two-dimensional, and if 
n = 3, growth is three-dimensional. Very clean met- 
als or alloys are essential to reduce the possible 
types of nucleation sites to a minimum. 

The data obtained from recrystallization at 540°C 
of the zone-melted and vacuum-melted alloys were 
used in plots of log In 1/1 - X vs log time. If the con- 
ditions for applicability of Avrami’s equation are ful- 
filled, such plots should produce straight lines, of 
slopes equal to ”, but no such linear relationships 
were found. Despite this, the best fit of a straight 
line to the plotted data was used to obtain values of n. 
These values ranged from 0.71 to 2.00. The range 
was greater in the cleaner, zone-melted alloys than 
in the vacuum-melted materials. Similar results 
were obtained at other annealing temperatures. As 
will be shown later, the requirement of time-indepen- 
dent growth rates was not fulfilled, and no valid con- 
clusions can be obtained from such plots. The results 
are similar to those obtained for iron by Michalak 
and Hibbard.'” 

IV) Rates of Grain Growth. The rates of grain 
growth could be measured in the width direction with 
greater certainty than in the length direction. For 
this reason, to conserve space, and because of sim- 
ilarities, only data for the width direction are pre- 
sented. 

As shown in Fig. 16, rates of grain growth at a 
given temperature were not constant, but decreased 
with time. This characteristic was common to all 
the compositions employed. It has also been observed 
in iron reduced 97 pct by straight or cross rolling.” 

The kinetics of grain growth noted are similar to 
the kinetics of recovery, for the rate was highest 
initially, then decreased with continued growth. This 
change in rate of growth with time indicates that the 
driving force for growth may be changing. Since all 
the alloys showed this characteristic, regardless of 
purity, it is unlikely that the retardation of growth 
is due to finely dispersed inclusions. The probable 
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cause is a decrease in the residual strain energy 

per unit volume of the deformed metal because of 
recovery Occurring simultaneously with growth. That 
such recovery is occurring is indicated by the soften- 
ing curves, Figs. 13 and 14. 

The observation by Vandermeer and Gordon?! that 
isothermal grain growth in an Al-0.008 pct Cu alloy 
occurred at a constant rate may be due to the excep- 
tional circumstance that recovery and recrystalliza- 
tion in their alloy were separated. 

In the low-carbon steel employed in this investiga- 
tion, the softening was almost proportional to the 
fraction recrystallized, Fig. 13, indicating that little 
recovery occurred. However, it was found that the 
rate of isothermal grain growth still decreased with 
time. It was concluded that softening in this alloy 
may be too complex to be attributed only to recovery 
and recrystallization. 

The temperature dependence of the rate of grain 
growth at 5 pct recrystallizations is shown in Fig. 17. 
The forms of the curves are strikingly similar to 
those in Fig. 15, which illustrates the temperature 
dependence of recrystallization. For the high-purity 
irons and low-Mn alloys, the activation energies for 
grain growth and for recrystallization decrease with 
increasing temperature. For the higher Mn alloys, 
the opposite is true; z.e., the activation energies be- 
come greater with increasing temperature. The sim- 
ilarity of Figs.15 and 17 is a strong indication that 
the same process, or processes, are involved in both 
growth and recrystallization. The change in form of 
the curves indicates that the process may be changing 
with increasing Mn content. This indication is strength- 
ened by the change in the isothermal kinetics with 
increasing Mn, Fig. 12, and more strikingly, by the 
plot of rate of grain growth vs Mn content, Fig. 18. 
As Mn is increased, the rate of grain growth de- 
creases, but a discontinuity is encountered at about 
0.30 pct Mn. Addition of Mn in amounts greater than 
this produces little additional effect. This phenome- 
non has also been observed by Abrahamson and 
Blakeney”? in respect to recrystallization of Fe-Mn 
alloys. They placed the critical manganese content 
at about 0.24 pct. The agreement is remarkably good, 
considering the differences in criteria and techniques 
employed in the two investigations. 


DISCUSSION 


These results have several interesting aspects, 
not all of which can be explained in a completely sa- 
tisfactory manner. In the recrystallization of heavily 
cold-worked, high-purity iron, both rate of grain 
growth and rate of recrystallization decrease with 
time in the early stages of recrystallization. The tem- 
perature dependence of the rate of growth and of re- 
crystallization vary in the same manner. The situa- 
tion is consistent with a model of a growth-controlled 
process in which nuclei are present at zero time. 

To explain the decrease of rate of growth with time, 
it is reasonable to assume that rate of growth is pro- 
portional to the concentration of residual strain ener- 
gy in the matrix: 
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G=K,:F [1] 
where 

G = instantaneous rate of growth of recrystallized 
grains 


F = concentration of strain energy in the matrix 


The concentration of strain energy is reduced by 
the concurrent process of recovery; therefore 

F=K-R [2] 
where 

F = concentration of residual strain energy at 


zero time 
R = strain energy removed by recovery 


The recovery of zone-melted iron, in the period 
t, to t,, where ¢, >0, has been shown to follow the 
relationship** 


R=alnt [3] 

Then, 

F=F-alnt [4] 
and 

G=K,R-k, Int [5] 


For periods greater than ¢,, recovery ceases, the 
strain energy of the matrix remains substantially 
constant, and the growth rate would be constant, 


G=K [6] 


The rate of growth of recrystallized grains into a 
heavily cold-worked iron matrix can follow two 
growth laws. The time at which recovery ceases and 
the rate of growth becomes a constant, ¢,, is a func- 
tion of the annealing temperature. It is possible that 
in heavily cold-worked iron this point is not reached 
before the situation is further complicated by im- 
pingement of growing grains. The situation described 
is probably more common than the example of con- 
stant growth rate shown by Vandermeer and Gordon 
in an Al-0.008 Cu alloy.'* In that instance, there ap- 
peared to be a clear separation of recovery and re- 
crystallization. It will be difficult to separate the 
two processes in iron. If a prior recovery anneal is 
attempted, subsequent recrystallization must be done 
at a higher temperature, and more recovery will oc- 
cur.** 

Eq. [5] calls for a linear relationship between rate 
of growth and In ¢. As shown in Fig. 19, this relation- 
ship is valid up to about 35 min annealing at 480°C, 
or up to about 10 pct recrystallization. For longer 
periods, the rate of growth seems to approach a con- 
stant value, as predicted. A similar agreement was 
found at 540°C, for the zone-melted iron, except that 
no tendency towards a constant growth rate was found, 
up to 16 pct recrystallization. 

With the addition of Mn to iron, in the amount of 
0.30 pct or more, a change occurs in the mechanism 
of recrystallization. Although the rate of grain growth 
decreases with time, the rate of recrystallization in- 
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creases, Fig. 12. It is known that the form of the iso- 
thermal recrystallization curve cannot be accepted as 
proof of a nucleation and growth process,?> but the 
change in the form of the curves shown in Fig. 12 is 
strong presumptive evidence that nucleation of new 
grains continues after zero time. It becomes neces- 
sary to explain three items: 

1) The apparent effect of Mn on rate of nucleation. 

2) The effect on rate of growth. 

3) The discontinuous change in rate of growth. 

It is known that in iron cold rolled 60 pct, there , 
exist relatively strain-free blocks of at least 4000A 
in diam which could act as nuclei during subsequent 
recrystallization.?®° Deformation is highly nonuniform. 
It is proposed that the solute atoms (Mn) diffuse 
very rapidly, during annealing, to favorable sites in 
the highly-deformed regions around these blocks. 
That segregation at such sites does occur has been 
shown by the observation of thin films of Cu precipi- 
tated in substructure boundaries in iron.?” Calcula- 
tion of the possible concentration of solute elements 
in substructure boundaries is uncertain, but an esti- 
mate can be made by using Cottrell’s formula”® for 
the interaction of a solute atom and a dislocation, 
after Lucke and Detert:?9 


where 


V = interaction energy 

y = atomic radius of Fe = 1.24 x 107° cm 

G = shear modulus = 6.5 x 10'' dynes/cm? at 480°C 
v = Poisson’s ratio = 0.3 


| Y | 
Yp= atomic radius of Mn in airon. This is uncer- 
tain, but because of the small effect of Mn on 
the lattice parameter of iron,”® it cannot be 
much greater than that of iron. A value of 1.30 
x 1078 cm seems reasonable. 


Solving, 
V = 1.36 x 107“ erg, or 1980 cal per mole 


For dilute solute concentrations, the concentration 
factor is given by 


where 


Cp = subboundary concentration 
C = average concentration 


For the value of the interaction energy obtained 
above, the concentration factor has a value of about 
4 for a temperature of 500°C. The calculation indi- 
cates that in an alloy of 0.30 pct Mn, for example, it 
does not seem likely that the concentration of manga- 
nese in subboundaries can account for a crystallogra- 
phic change such as formation of fcc films. Because 
of the approximate nature of the calculation, how- 
ever, and the neglect of factors other than elastic 
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interaction, this possibility should not be dismissed 
out of hand. 

Partially recrystallized specimens of the zone- 
melted Fe, S-1, and the zone-melted Fe-0.60 pct 
Mn alloy S-8, were thinned electrolytically and ex- 
amined by transmission electron microscopy at 100 
kv acceleration voltage. No distinct differences 
could be noted between dislocations in the two ma- 
terials. The effects of recovery (regular dislocation 
arrays) were much more evident than they were in 
similar micrographs taken from partially recrystal- 
lized nickel,*" in which comparatively little recovery 
occurs before recrystallization. The reason for the 
apparent change in the mechanism of recrystalliza- 
tion at 0.30 pct Mn remains obscure. 

In the presence of manganese, the time dependence 
of grain growth in recrystallization frequently could 
be described by the equation 


G=K,K - Kk, int 


but there were sufficient examples of nonlinear rela- 
tionships between G and In ¢ to preclude any general 
application of this equation. It was not possible to 
rationalize the various forms of the curves, or their 
changes in form with manganese content or annealing 


temperature, on the basis of the Lucke-Detert theory. 


Under the experimental conditions employed, the 
effect of Mn on the rate of grain growth in Fe can be 
expressed by the equation 


G = G, exp - (K*%Mn) 
where 
G, = rate of grain growth in high-purity iron 


This equation is valid up to about 0.30 pct Mn, Fig. 
18. 

Luicke and Detert?’ have proposed that the rate of 
grain growth is controlled by the rate of diffusion of 
solute atoms behind the boundary. It is tempting to 
use the data for rates of grain growth during recrys- 
tallization of iron-manganese alloys to check this 
theory. However, since the growth rates depend upon 
the extent of recovery, z.e., are time dependent, as 
well as upon the Mn concentration, such comparisons 
are of doubtful value. 

The effect of Mn appears to be due to some sort of 
site saturation process, which is complete at about 
0.30 pct Mn. This process may be a saturation of the 
moving grain boundary by solute atoms, as des- 
cribed by Liicke and Detert, but a definite conclu- 
sion is not justified at this time. 


CONCLUSIONS 


1) The recrystallization of heavily cold-rolled, 
polycrystalline, high-purity iron is consistent with 
the proposal that recrystallization is a growth-con- 
trolled process, with nucleation occurring substan- 
tially at zero time. 

2) In the early stages of recrystallization, the rate 
cf grain growth and the rate of recrystallization of 
high-purity iron decreased with time at constant 
temperature. 
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3) It is suggested that in the early stages, the rate 
of grain growth in high-purity iron is proportional 
to the concentration of residual strain energy in the 
deformed matrix. This, in turn, is determined by 
the extent to which recovery has occurred. The 
characteristic kinetics of recovery determine the 
kinetics of grain growth. At first, the rate of grain 
growth is given by the equation 


G = K,\nt 


After recovery ceases, the growth rate becomes con- 
stant, unless substantial impingement intervenes. 

4) Up to a concentration of about 0.30 wt pct, man- 
ganese reduces the rate of growth of primary recrys- 
tallized grains according to the relationship 


G = G, exp (- K:% Mn) 


5) Above about 0.30 pct Mn, the rate of growth of 
recrystallized grains is only slightly reduced by in- 
crements of Mn. 

6) The mechanism of recrystallization appears to 
change at about 0.30 pct Mn. At this point, nucleation 
may become a function of time. Although the rate of 
growth decreases with time, the rate of recrystalliza- 
tion increases. 

7) In comparison to other elements, Mn has a com- 
paratively small effect upon the recrystallization of 
iron. 
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APPENDIX 


History of Materials Prior to Final Cold Reduction 
and Recrystallization 


I) Zone-Melted Iron and Iron-Manganese Alloys. 
S-1, 5, 6, 8 

1) Slice 1/2 in. thick cut from trailing end of each 
zone-refined bar. 

2) Heated to 925°C for 30 min in dry hydrogen, 
then cooled in furnace. Process repeated four times 
to eliminate the columnar grains present in the zone- 
refined bar. 

3) Cold rolled 50 pct, to 0.250 in., 0.0125 in. per 
pass, using clean, dry rolls. 

4) Annealed 15 minat 730°C in dry hydrogen, furnace 
cooled. 

5) Cold rolled 28 pct to 0.180 in., 0.0063 in. per 
pass. 

6) Annealed 1 hr in dry hydrogen at 730°C, furnace 
cooled. Grain size ASTM 2-4. 

II) Vacuum- Melted Iron-Manganese Alloys. V-1, 
2: 
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1) Ingots hot rolled to 1/2 in. plate at 1150°C, air 
cooled. 

2) Heated to 925°C in dry hydrogen for 20 min, 
furnace cooled, to eliminate columnar grains. 


3) Cold rolled 50 pct, to 0.250 in. in steps of 0.0125 


in. per pass. 

4) Annealed in dry hydrogen at 730°C for 5 min, 
furnace cooled. 

5) Cold rolled 28 pct to 0.180 in., 0.0063 in. per 
pass. 

6) Annealed in dry hydrogen at 730°C for 2 hr, fur- 
nace cooled. Grain size ASTM 3-4. 

III) Battelle Vacuum-Melted Iron. V-4 

1) Slice 1/2 in. thick cut from forged ingot. 

2) Cold rolled 40 pct to 0.300 in. 

3) Annealed in lead at 815°C, 5 min. 

4) Cold rolled 40 pct to 0.180 in. 

5) Annealed in lead at 815°C, 5 min. Grain size 
ASTM 1 1/2 to 3 1/2. 

IV) NRC Vacuum- Melted Iron 

1) Slice 1/2 in. thick cut from ingot. 

2) Normalized at 925°C, 20 min. 

3) Cold rolled 50 pct, to 0.250 in. 

4) Annealed in lead at 730°C, 5 min. 

5) Cold rolled 28 pct, to 0.180 in. 

6) Annealed in lead at 730°C, 120 min. Grain size 
ASTM 1 to 3. 

V) Low-Carbon Steel 

1) Hot rolled to 1/2 in. thick. 

2) Heated to 705°C, held 1/2 hr, air cooled. 

3) Machined to 0.250 in. thick. Grain size ASTM 7. 
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The Columbium-Oxygen Equilibrium in Liquid Iron 


Michel Elle and John Chipman 


The equilibrium of gaseous H2O-Hz mixtures with 
liquid iron-columbium alloys in the range 0.2 to 2.4 
pct Cb shows that the activity coefficient of oxygen 

is strongly diminished by Cb. The oxide in equilib- 

rium with the melt is identified as CbO2. The equi- 

librium constant at 1600 deg C is [% Cb] % = 
2.9 x 10-* where log {p= —0.14 [% Cb]. The deoxi- 

dizing power is comparable to that of vanadium, 


Cotumpium (niobium) is finding increasing use as 
an alloying element in steel. It forms several stable 
oxides and is removed from the steel bath by oxi- 
dizing slags. The specific oxide formed in steel- 
making is not known although Sazanov snd Shvarts- 
man,’ in their study of its partition between slag and 
metal, have assumed this to be Cb20;. It is the pur- 
pose of this study to determine its deoxidation equi- 
librium at 1600°C, the nature of the oxide formed 
and the interaction between columbium and oxygen 
in the melt. 

The investigation was based on the reaction 


H, +O=H,0; [1] 


in which O signifies oxygen dissolved in the liquid 
Fe-Cb alloy. The method and equipment of recent 
studies”’® were utilized. In brief, the molten alloy, 
contained in a small crucible, is held in a controlled 
mixture of steam, hydrogen, and argon until equilib- 
rium is reached. It is then cooled quickly in a stream 
of helium and analyzed for columbium and oxygen, 

the latter by vacuum fusion.* The solubility of the 
oxide in liquid iron is determined by visual observa- 
tion of scum formation on the surface of the melt. 

Crucibles of MgO proved unsatisfactory because 
of partial reduction at the metal interface. Pure 
Al2O3 crucibles were heavily blackened by the melt 
and could not be used at high concentrations of co- 
lumbium. Silica crucibles were more satisfactory 
but these introduced some silicon into the melt thus 
necessitating an uncertain but small correction for 
its effect on the activities of the other solutes. In 
silica it was possible to observe the scum formation 
when the melt became saturated and there was no 
apparent reaction between scum and crucible. 

The procedure for saturated melts was as follows. 
The alloy charge composed of electrolytic iron and 
columbium grain was melted and held at constant 
temperature. The gas ratio H,O:H2 was progressively 
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increased by raising the saturator temperature until 
a point was reached at which a bright film appeared 
on the surface and covered it completely. This film 
could be dissolved by raising the temperature of 

the melt and it reappeared when the temperature was 
lowered. Under a partial film covering, utilizing 
bare areas for temperature measurement, the melt 
was brought to equilibrium with the atmosphere by 
holding at temperature for about 1 hr as suggested 
by Dastur.° 


INTERACTION IN THE MELT 


Several experiments were made without colum- 
bium to establish a base in silica crucibles. The 
results are shown in Table I. Except for one run, 
they agreed well with Floridis’ comparable results 
in other crucibles. The value of log K: is taken 
from Table I as 0.58. This is slightly larger than 
Floridis’ result, probably because of less elaborate 
safeguards against thermal diffusion. 

Results obtained in the Fe-Cb-Oseries in which no 
scum formed are shown in Table II. The equilibrium 
ratio Kj is defined as py,0/(by,[%O)). It is related to 
the equilibrium constant K, as follows: 


log K, = log Ky’— log log — log 


The value log f§ taken from Floridis is log f8 = 
—0.20 [% O]. Values of log f§' are now known with 
accuracy® and are given by log f §} = —0.14 [% Sil], a 
negligible quantity in most cases. 

The resulting values of log f§° are plotted against 
concentration in Fig. 1. The average line corre- 
sponds to the interaction coefficients: 


+0.1 | 


Al,03 CRUCIBLES 


4 4 Si Oy CRUCIBLES 


-0.3 


04 | | 
0) 05 [% ce] 


Fig. 1—Effect of columbium on the activity coefficient of 
oxygen. 
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Table |. lron-Oxygen Melts in Silica Crucibles at 1600 C° 


Run Time, 

No. Hr:Min PH,0/PH, Pct O Log K{ Pct Si 
30 1:50 0.0605 0.0160 0.578 0.059 
31 4:00 0.1046 0.0282 0.568 0.016 
38 3:00 0.0612 0.0147 0.619 0.067 


0.0873 0.0243 0.556 


4:10 


cp. log f° 


= 31% Cb) = —0,14 


eS? = 54 


This figure is obviously subject to a large probable 
error. It is interesting to compare the value €§> = 
—54 with «¥ = —57° and = -37." 


THE DEOXIDATION PRODUCT 


Results of runs in which a scum was formed on 
the melt are shown in Table III. Several of these 
runs were covered by scums of sufficient thickness 
for X-ray diffraction. Diffraction patterns taken 
directly on the surface of ingot 28 gave a number of 
lines closely related to the pattern of CbO2. A good 
Debye-Scherrer powder pattern on material filed 
from the crust of ingot 39 gave conclusive proof of 
, CbO2. This is then the equilibrium oxide at least in 
the range of 0.76 — 1.61 pct Cb and probably the en- 
tire range of this study. 


DEOXIDATION EQUILIBRIUM 


During freezing, additional amounts of CbO2 
floated to the surface and joined the scum. This was 
visible in a number of near-saturated runs and may 
account for some of the scatter in Fig. 1. Because 
of this effect the constant of the deoxidation reac- 
tion, ac, * a4 cannot be determined from the analy- 

, sis of the ingots. It is obtained from the gas equi- 

' librium data as follows. Fig. 2 is a log-log plot of 
the ratio py,0/pPy, against [% Cb]. The line of re- 
gression has a slope of 0.52 corresponding to 0.50 

required by the equation: 


-01 02 03 04 
Loc [%co] 


Fig. 2—Observations on formation of scum in melts satu- 
rated with CbO, at 1600°C. 


+ 2H: = Cb + 2H20; Ke = Pino [% Cbl/pu, [2] 
From this line we have log K2 = — 2.38 and AF° 


= + 20,400+ 600 cal at 1600°C. 


Now if we combine Eqs. [1] and [2] and their ob- 
served equilibrium constants, we find 


CbO2 = Cb + 20; Ks = [% Cb] [a,]” = 2.9 x 
=+ 30,300 cal 


Thus columbium has about the same deoxidizing 


power as vanadium. 


ACTIVITY OF COLUMBIUM IN LIQUID IRON 


[3] 


Coughlin® gives estimated values for the heat and 
free energy of formation of the oxide from which we 


write, for temperatures around 1900°K: 
AF° = — 187,000 


Ch (s) + O2 (g) = CbOz (s); 


+ 40.2T 


[4] 


From Floridis’’ results and the free energy of water, 


1/2 O2(g)=0O; AF° = — 27,930 — 0.717 


[5] 


And for fusion of columbium the estimated value’: 


Cb (s) = Cb (2); 


AF® = 6300 — 2.3T 
Combination of the three gives the equation: 
Cb (1) + 20=ChbO, (s); 


[6] 


AF® =— 137,440+43.9T [7] 


Table Il. lron-Columbium-Oxygen Nonsaturated Melts at 1600° C 


Run Time, Pct Cb, Pct Cb, 
No. Hr:Min Charged Final PH,O/, PH, Pct O Log K;} Log Og Pct Si Crucible 
8 2:45 0.25 0.19 0.0153 0.0047 0.513 -0.066 - Al,O, 
10 3:35 0.25 0.19 0.0150 0.0054 0.444 -0.135 - Al,O, 
11 2:35 0.25 0.19 0.0159 0.0049 0.511 -0.068 - Al,0; 
13 2:00 0,25 0.20 0.0287 0.0088 0.516 -0.062 - Al,O, 
19 1:50 1.00 0.76 0.0258 0.0100 0.412 -0.166 - Al,O, 
24 0:50 1.33 1.05 0.0323 0.0135 0.378 -0.199 0.09 SiO, 
29 4:0 1.00 0.72 0.0489 0.0138 0.549 -0.026 0.10 SiO, 
32 1:50 1.20 1.09 0.0514 0.0199 0.412 -0.164 0.065 SiO, 
40 3:0 i375 1.30 0.0505 0.0175 0.460 -0.116 0.046 SiO, 
43 3:50 0.50 0.13 0.1027 0.0284 0.558 -0.019 0.02 SiO, 
57 2:45 0.25 0.19 0.0947 0.0211 0.652 +0.076 0.040 SiO, 
58 3:05 1.50 123 0.0341 0.0141 0.384 -0.189 0.24 SiO, 
59 2:50 0.70 0.58 0.0374 0.0106 0.548 -0.027 0.19 SiO, 
60 3:40 0.20 0.09 0.0815 0.0195 0.621 +0.045 0.042 SiO, 
61 3:0 0.60 0.51 0.0599 0.0198 0.482 -0.093 0.075 SiO, 
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Table III. lron-Columbium-Oxygen Saturated Melts at 1600° C 


Initial Final 
PH,0/PH, Pct Cb Pct Cb 


Run Time, 


No. Hr:Min Pct O 


0.0137 
0.0118 
0.0116 
0.0143 
0.0150 
0.0136 
0.0115 
0.0200 
0.0140 
0.0168 


27 : 0.0723 
28 0.0680 
33 : 0.0657 
0.0597 
0.0551 
0.0519 
0.0440 
0.0354 
0.0475 
0.0445 


AF?,, = — 55,200 cal 


If ve, represents the activity coefficient a¢,/Nc, 
at infinite dilution, the standard free energy change 
in going from a standard state of unit mole fraction 
to one of unit weight percent is’: 


Cb (1) =Cb (%); AF° =4.575T log (0.00602 
= 4.575T logy°—10.16T [8] 


The numerical value of AF° in Eq. [8] is — 24,900 
cal, obtained by combining [3] with [7]. From this 
the value of y° at 1873°K is —0.20. This denotes 
only a slight negative departure from Raoult’s law 
in the Fe-Cb liquid solution and an estimated inter- 
action coefficient €€>=[(8 In yc4)/(8 Ncp)] = 3.2. 


Assuming regular behavior, Eq. [8] may be rewritten: 


Cb (1) =Cb %); AF°=—5900—10.16T [8a] 
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EFFECT OF TEMPERATURE ON THE DEOXIDA- 
TION EQUILIBRIUM 


Eqs. [7] and [8a] are combined to give 

CbOz2 =Cb+ 20; AF® = 131,600 — 54.17 [9] 
From which the deoxidation equilibrium constant is: 

log K = log [% Cb] [% % 0]? =— 28,780/T + 11.83 


The activity coefficient of columbium is approxi- 
mately unity while that of oxygen is given by the re- 
lation log f S = —0.14[% Cb]. 


SUMMARY 


The oxide formed by reaction of columbium with 
oxygen in liquid iron is CbO2. Columbium is rather 
like vanadium with respect to its effect on the ac- 
tivity coefficient of oxygen. It is also similar in 
deoxidizing power. The solution of columbium in 
liquid iron exhibits slight negative deviation from 
Raoult’s law. 
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Technique for Determining Orientation Relationships and 


Interfacial Planes in Polyphase Alloys: 


Application to Controlled Eutectic Specimen 


R. W. Kraft 


A back-veflection precession-type X-ray camera 
for determining the crystallographic orientation of 
the crystallites of both phases in small areas of 
thick specimens of polyphase alloys is described 
and the geometry, advantages, and limitations of 
the apparatus are discussed. Metallographic ob- 
servations of interfacial angles (or habit planes or 
gvowth direction) are made on the same specimen 
so that the crystallographic and metallographic 
orientation data can be directly correlated. An ex- 
ample of the application of the technique to a unidi- 
rectionally solidified CuAl2-Al eutectic specimen 
is presented, The interfacial planes and growth 
directions of each phase were established, and the 
orientation relationship between the phases was 
observed and found to be approximately interme- 
diate between two previously reported relationships. 


The crystallographic interfacial relationship be- 
tween two solid phases is an important parameter 
in a variety of metallurgical phenomena because of 
the energy associated with the interface and because 
this energy is at least partly associated with the 
way in which the two space lattices are in contact 
along the interface. In order to describe the inter- 
facial planes in the crystallites of both phases it is 
necessary to determine the crystallographic orienta- 
tion of each phase in a specimen relative to each 
other, and to directly correlate these data with met- 
allographic measurements from which the interfa- 
cial planes can be determined on the same specimen. 
The back- reflection Laue technique is the easiest 
way to determine the orientation of thick single crys- 
tals or large grains and the method can be combined 
with metallographic techniques to provide the nec- 
essary data, provided the reflections from each 
phase can be distinguished from one another. How- 
ever, if the crystallites are small or of varying 
orientation or if one or both phases has a unit cell 
with less than the maximum symmetry, many over- 
lapping and complex Laue patterns are recorded 
simultaneously and it becomes impractical if not 
impossible to interpret the photographs. All of these 
complexities were present in a unidirectionally so- 
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lidified Al-CuAlz eutectic alloy’ for which a crys- 
tallographic analysis was desired. Consequently the 
method described here was developed since no known 
X-ray or electron diffraction technique had all of 

the following attributes which were required. 

1) Method should yield data from which the crys- 
tallographic orientation of every crystallite or dif- 
fracting unit in the irradiated area can be determined. 

2) Method should be adaptable to the study of 
small areas. Depending upon the degree of preferred 
orientation in the specimens, it should be possible 
to obtain reliable data in a reasonable length of time 
on irradiated areas as small as 1.0 or even 0.1 mm 
in diam. 

3) Method should permit direct correlation of 
crystallographic data with microscopic orientation 
data pertaining to crystallite axes, habit, morphology, 
and growth directions as determined by optical mi- 
croscopy. 

4) Method should be such that selected areas of 
large specimens can be easily studied. Trepanning 
of a small specimen (such as an electron micro- 
scope specimen) from larger specimens was unde- 
sirable since it would greatly increase the problem 
of correlating the crystallographic and microscopic 
directional data. 

Requirements 3 and 4 dictated that an X-ray back- 
reflection pinhole technique should be used on large 
samples, such as metallographic specimens which 
had previously been examined and analyzed for their 
microscopic characteristics. Similarly, require- 
ment 2 could be satisfied by choosing a collimator 
of appropriately small diameter. Exposure times 
would not be excessive provided the detector were 
close enough to the specimen. Because of space 
limitations film was chosen in preference toa 
Geiger counter. Requirement 1 was fulfilled by 
using monochromatic radiation and providing enough 
additional degrees of freedom in specimen rotation 
to compensate for Bragg law restrictions on dif- 
fracted beams. 


DESCRIPTION OF APPARATUS 


The apparatus shown in Fig. 1 consists of a pin- 
hole collimator, (a), projecting through a rotatable 
circular film in a holder, (b), which records X-ray 
reflections in the back-reflection region. The spe- 
cimen, (c), is mounted on the end of a shaft, (d), 
which is provided with an adjustment, (e), so that 
the specimen surface can be placed accurately on 
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Fig. 1— Photograph of camera. 


an axis, (f), perpendicular to the X-ray beam, about 
which the specimen can be swiveled. The specimen 
mount, (g), includes horizontal and vertical adjust- 
ments, (h), so that the portion of the specimen to be 
irradiated can be easily positioned along the X-ray 
beam. The swivel angle, designated f, is adjustable 
from 0 to 45 deg. A motor, (i), flexible shaft, (j), 
and appropriate gearing, (k), is provided so that the 
Specimen can be rotated in the same direction and 
at the same rate as the film for any setting of the 
swivel angle. Indexing devices permit alignment of 
the film and the specimen so that the ‘‘top’’ of the 
specimen can be aligned with ‘‘north’’ on the film. 
A clutch assembly, (1), can be disconnected when 
necessary so that only the specimen rotates. The 
bracket supporting the specimen and its adjustments 
is mounted on a movable track, (m), which is cali- 
brated to measure the specimen to film distance. 
This entire unit can be rotated away from the X-ray 
tube and a microscope inserted for examining the 
specimen if the film holder is removed. Another 
unit, called the y window, (n), is placed between the 
specimen and film. It consists of a fixed circular 
frame, (0), and thin pie-shaped pieces of brass 
shim stock, (p), which absorb unwanted reflections 
and prevent them from being recorded on the film. 
The angular window width or open portion can be 
varied as desired merely by placing the brass 
wedges around a protractor scale on the fixed frame 
to block off all X-rays except those within a given 
angular range. 
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Fig. 2—Back-reflection pinhole precession camera char- 
acteristics. 


It has been found convenient to prepare a set of 
curves giving various camera characteristics and 
an exposure guide. Fig. 2 is such a set for the cam- 
era shown in Fig. 1. The two solid curves in this 
illustration indicate the upper and lower limits of @ 
values that can be observed in the back-reflection 
region as a function of specimen to film distance. 
The lower limit is determined by the film diameter 
and the upper limit by the diameter of the lock nut 
around the collimator. For convenience, the d val- 
ues of X-ray reflections which can be observed 
within this region for various characteristic radia- 
tions are shown on separate scales below. The 
dashed lines are ‘‘isoexposure”’ lines calculated on 
the basis of the inverse square law for the speci- 
men to point-on-film distance. Any point along the 
curve labeled 2.0 would require twice the exposure 
of any point along the line 1.0 to give the same den- 
sity, all other factors being equal, since the speci- 
men to point-on-film distance of curve 2.0 is v2 
times that on curve 1.0. 


GEOMETRICAL CONSIDERATIONS 


The geometry of the technique can best be de- 
scribed with reference to the stereographic projec- 
tion, Fig. 3. The plane of projection is parallel to 
the film which is considered to be stationary for 
the moment with north at the top. The projection 
is viewed from the incident beam side. Since east 
on Fig. 1 was drawn from the same viewpoint, it 
appears at the right of Fig. 3 and west at the left. 
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Fig. 3—Stereographic projection of angular relationships 
in X-ray camera. 


The incident monochromatic beam, O, at the center 
of the projection, will diffract from a general hkl 
plane according to Bragg’s law if the incident beam 
makes an angle 90— 4 with the plane normal. Thus, 
the reflecting circle, C,,), is drawn. The specimen 
axis is inclined at an angle f in a westerly direc- 
tion from the incident X-ray beam as shown in Fig. 1 
and intersects the projection at A. In the specimen 
a crystallite is oriented such that the normal to the 
hki planes is inclined at an angle afrom the rota- 
tion axis of the specimen. When the specimen is 
rotated, this normal will describe a circle, Nj»), 
on the projection. Diffraction will occur when the 
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Fig. 5—Stationary film photograph. 8 = 25 deg. Cu radia- 
tion, Ni filter, 50 kv, 40 ma, 0.5 hr exposure, 1/32 in.-diam 
collimator, 1.9 cm specimen to film distance. 


C, pj and circles intersect, viz. at points Q and 
Q’. Now since the incident beam, plane normal, and 
diffracted beams are coplanar, the spot will be sym- 
metrically recorded on the film along the lines OQ 
and OQ’. The pair of spots will occur at a radial 
distance from the center of the film such that tan 
(180 deg —2 6) = radial distance/specimen to film dis- 
tance, and at an angle y which is arbitrarily meas- 
ured from the west on the film. Since 6 and y can 
be measured, and # is known, the angle @ can be de- 
termined graphically on a stereog;raphic projection by 
by the inverse of the procedure just described. So- 
lution of the stereographic triangle AOQ and AOQ’ 
provides a means for determining @ analytically and 
was the method used in this paper. It is readily 
found that 


cos @ = cos B sin 6 — sin§ cos 6 cos y [1] 


The limiting conditions for a angles that can be 
observed are determined by tangency of the C,,; and 
and N; p 7 circles. Two possibilities arise, when 
y= 0 deg or 180 deg. The restrictions imposed under 
these conditions are represented mathematically by 


cos @ = cos B sin 6 F sinB cos 6 [2] 


It can be shown that Eq. [2] is identical to the follow- 
ing forms which are easily visualized on the stereo- 
graphic projection, Fig. 3, namely, 


For y = 0 deg: 

a-B=5-6 [3a] 
For y = 180 deg: 

B-a => — 6 when B>5 - 6 [3b] 
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Fig. 6—Sketches showing where reflections are recorded 

on film. Angles shown correspond to those shown on stereo- 
graphic projection, Fig. 3. a) Film rotation of w —6, 5) Film 
rotation of w +6. 


a+B=5- 6 whenB<5 [3c] 
A plot of Eqs. [3] for the useable back- reflection 
region (@ = 55 to 85 deg) and for 8 from 0 to 45 deg 
is shown in Fig. 4. At high 8 angles the surface of 
the specimen can absorb the diffracted beam. The 
limiting condition when the diffracted beam is paral- 
lel to the specimen surfaces is given by 


cot B= tan (180 deg —26) 


or 

B= 20—90 deg [4b] 
This limitation will only affect those reflections oc- 
curring at the low end of the y range. When y = 0, 
substitution of Eq. [3a] into Eq. [4b] shows that the 
limiting value of @ that can be observed is equal to 
6 as shown by the heavy line on Fig. 4. 

If the irradiated area of the specimen contains 
several crystallites, it is possible and indeed prob- 
able that more than onehkl plane normal, when rotated, 
willintersect the reflection circle, C,,7. In fact, even 
a single crystallite, especially if it is one with high 
symmetry, can have more than one pole correspond- 
ing to equivalent planes which, when rotated, will 
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Fig. 7—Rotating film photograph. B= 30 deg w,y window 75 
to 85 deg. Cu radiations, Ni filter, 50 kv, 40 kv, 40 ma, 1.5 
hr exposure, 1/32-in.-diam collimator, 1.9 cm specimen 
to film distance. 


intersect the reflection circle. In general, these 
other specific planes belonging to the family hkl 
in the same or in different crystallites will oc- 
cur at different @ angles. They will therefore be 
recorded at different angles y. In a typical example, 
Fig. 5, several pairs of spots which are always 
symmetrical about the E-W direction, can be ob- 
served on the various Debye-Scherrer circles. 

By itself the angle @ does not provide sufficient 
information to completely describe the orientation 
of the hkl planes in a crystallite relative to the 
specimen. Another angle, w, is defined as the rota- 
tion angle in the specimen measured clockwise from 
the left side of the specimen as seen by the incident 
beam to the pole of the hk/ planes, P,,;. The angle 
6 is defined as the rotation angle of the specimen 
between the east-west axis and the intersection of 
the reflecting and normal circles. When the speci- 
men is rotated in a counterclockwise direction, the 
diffraction spots caused by P,,; corresponding to 
Q and Q’ are recorded on the film after revolutions 
of w—6and w + 6 respectively. By applying the Law 
of Sines to the stereographic triangle AOQ or AOQ’, 
it is found that 


cos 6 siny [5] 


sin = 
sin @ 


Eq. [5] does not distinguish between the angle 6 and 
its supplement, 180 deg-—65, both of which can occur 
depending upon the values of 6, 8, and @. When 6 is 
90 deg, solution of the triangle AOQ yields the fol- 
lowing relationship 


sin 6 = cos @ cos B [6] 


It is obvious from the construction, Fig. 3, that the 
proper value of 6 is less than 90 deg for @ angles 
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greater than given by Eq. [6]; conversely 6 will be Table |. Powder Pattern Data on Filings of 50 Pet Cu—50 Pct Al 
in the second quadrant if @ is less than that which Cast Alloy 114.6-mm Diam Camera, Cu Radiation, Ni Filter, 


satisfies Eq. [6]. kv, @ mo 
The angle wcan be determined by rotating the film Pi Cu Al, = 
in the same direction and the same rate as the speC- Line Rad_ Intensity Sia? we 
imen and observing the angular displacement in a 
1 10.344 vs 0.0321 0.0322 110 4.28 
clockwise direction of the midpoint between the pair , ano 0.0643 0.0644 200 3.06 
of spots from the westerly direction on the film. 3 18290 yw 0.0983 0.0997 —«o02 2.456 
However, when the film is rotated, the pair of spots 4 18.94% vs 0.1051 0.1054 121 2.374 
corresponding to one pole will not be 2y apart as 5 19.244a@ 5 0.1084 - - 111 2.338 
was the case for the stationary film. The diagram 6 21.05% s 0.1288 = 0.1287 220 2.147 
shown in Fig. 6(@) shows that the spot correspond- 21.3000 vs (0.1318 112 2.123 
ing to Q, viz. P:, will be recorded on the film at an + 
9 23.650 vs 0.1606 0.1609 130 1.922 
angle of w—6& +y. Similarly the spot corresponding 10 93.900 vs 0.1638 0.1641 202 1.916 
to Q’, namely Py, will be recorded at an angle of 11 2.55% m 0.2280 0.2284 222 1.613 
wt+5—vy, Fig. 6(b). The average displacement or the 12 30.71% 0.2605 0.2606 132 1.508 
displacement of the midpoint between the spots is 13 32.60% mm 0.2898 0.2896 330 220 1.431 
14 33.16@ m 0.2987 0.2984 141 1.408 
(w—5 + y) + W+5—Y) _ [7] 15 33.530 02.3046 (0.3048 1.396 
2 16 34.570 m 0.3214 0.3218 240 1.359 
17 36.692 0.3564 —-0.3571 402 1.290 
as mentioned above. The angular separation between 18 38.604, 5 0.3892 —-0.3893-«St«sié«S232 1.232 
the spots is 19 3011a@ 5 0.3974 0.3989 004 311 1.221 
If the quantity 2(y —6) happens to be 180 deg, two 22 40.95% w 0.4289 a — 1.176 
values of omega, w and w+ 180° will satisfy these 0.4346 
restrictions which means that w is not uniquely de- 4 42.86% vw 0.4619 0.4633 204 1.134 
termined. In this event, the angle 8 can be changed 25 44.020 w 0.4821 0.4915 251 1.109 
and another photograph taken. 26 44.90 a w 0.4975 0.4979 143 1.092 
When more than one pair of spots occurs on a 2700 46.050 0.5174 0.5180 182 1.071 
given Debye-Scherrer circle of a stationary film 
photograph, Fig. 5, each pair is associated in gen- 30 47.88 w 0:5480 (0.5470 350 1.040 
eral with its own @ and w value. Under these cir- 31 48.46 4, =m } 0.5601 0.5598 134 1.029 
cumstances, when the film is rotated during the ex- 2 6614, 8 
posure, it has been found that it is impossible to 3s} 08799 0.5792 600 400.012 
distinguish the various pairs of spots from one an- 35 Cac —w 0.6139 0.6145 442 0.983 
other. In order to circumvent this difficulty, the 36 53.59 a, 0.6474 0.6467 532 0.958 
7 device called the y window is used. The w compo- 37 53.754, vw 
nent of each pair of spots is determined separately 06851 (0.6845 S41 331,929 
by allowing only those diffracted beams within a 40 56.18 a, w 0.6909 
certain predetermined y range (and therefore of the 41 56.49%, ow 
corresponding @ values) to be recorded on the film. 42 57.024, vw 0.7036 0.7038 215 0.920 
In the event that two or more poles have the same } 0721 0.7207 4200.90 
value, within the limits of the corresponding y win- 45 SO61a w 
dow setting, and differ only with respect to their w 46 59.83 0,  w ; 
component, more than one pair of spots will be re- 47 63.810, vw 08052, 0.8044 = 550, 710 0.858 
corded on the rotating film photograph. Fig. 7 is an 08172 0.8172 514 0.852 
example. Since it is know from Eq. [8] exactly what 
the angular separation between the pair of spots 51 70.07%, vw 0.8838 0.8840 543 0.821 
corresponding to one pole must be, it is possible by §2 72.014, w } 0.9049 0.9041 552.712 0.810 
applying Eq. [8] to determine the w component of 53 72.520, ww 
each pair. A few very special sets of circumstances vy (009141 (0.9137 444 0.805 
can be envisioned where this technique would fail. 56 74.56 0, } 
For example, if 2(y —5) = 90 deg and two poles hap- 57 75.094, vw 
pened to de 180 deg apart, it would not be possible eget} 0.9366 © 0.9363 642 0.796 
3 to geometrically differentiate one pair of spotsfrom 6 %6600 ww 
; another. In this case another photograph could be 61 77.14 
taken at a different angle if the pairs could not be } 0.9620 0.9619 206 0.785 
distinguished from one another by an intensity dif- 64 81.54 a 
ference, difference in spot shape, etc. 65 82.560, w 99783 0.9781 604 333,511 0.780 
When the @ and w components of all poles, the in- ‘a, also present 


dices of which must be known, are determined, they 
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Fig. 8—Orientation of aluminum lamellae in eutectic 
specimen. 


can be plotted on a stereographic projection. A mul- 
tiple pole figure is the result. From this, a measure 
of the degree of preferred orientation and the rela- 
tive orientation of each phase with respect to the 
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Fig. 9—Orientation of CuAl, lamellae in eutectic specimen. 
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arbitrary specimen coordinate system can be de- 
termined. The next section illustrates this more 
clearly. 


EXAMPLE OF APPLICATION OF TECHNIQUE 


A specimen of CuAl2-Al eutectic unidirectionally 
solidified at a rate of 9.8 cm per hr, throughout 
which the lamellae were substantially parallel to 
one another, was investigated. The specimen was 
free of colonies, but contained lamellar faults (ap- 
proximate density of 4.5(10)° per sq cm) and a sub- 
structure size of about 19y in the transverse sec- 
tion. The mean orientation of the lamellae was de- 
termined by the two surface technique on four pairs 
of surfaces. The lamellar orientation in the speci- 
men is described in this paper by three orthogonal 
axes labeled ‘‘t’’ for the thickness, ‘‘/’’ for the 
length or growth direction, and ‘‘w’’ for the width 
or direction between mismatch surfaces in the 
transverse plane. 

Since it is necessary that the indices of the planes 
in the back-reflection region be known in order to 
apply the technique described here, a Debye-Scher- 
rer photograph was taken of filings of a heat which 
was predominantly CuAl2 in a 114.6 mm diam cam- 
era. The lines were indexed after correcting for 
film shrinkage and are shown in Table I. Examina- 
tion of this table and the chart of camera character- 
istics, Fig. 2, showed that the Al 420 and 422, and 
CuAl, or 6 424, 622, 514, and 543 reflections would 
be satisfactory for the present study. The Al 420 
and 6 424 lines overlapped but could be separated 
in the subsequent analysis by their known angular 
relationships to other planes in each type of crystal. 
With this exception each of these lines could be 
easily resolved, all were sufficiently intense, all 
could be simultaneously recorded on the circular 
film with CuK, radiation if the specimen to film 
distance were 1.9 cm, and none would yield am- 
biguous data such as the 6550, 710 reflection would. 

To facilitate the interpretation of the films and 
subsequent analyses of the data several labor saving 
aids were devised. The first consisted of a set of 
computations of the angle @ according to Eq. [1] 
performed on a high-speed digital computer for @ 
angles corresponding to the reflections which were 
to be used, for 8 from 5 to 45 deg in 5-deg incre- 
ments, and for y from 0 to 180 deg in 5-deg incre- 
ments. In addition, the quantities 2(y—65) and 2(y-- 
180 + 5) were computed using Eq. [5] for 5. From 
these computations two sets of graphs were pre- 
pared. The first set was a plot of @ vs y with 6 
as a parameter, 6 being held constant on each graph. 
The second set was a plot of 2(y—5) vs y with 6 as 
a parameter and § again constant on any one graph. 
On the latter set Eq. [6] was used to determine 
whether 6 or its supplement should be used in plot- 
ting the displacement between spots. To simplify 
reading of the films a commercial circular film 
reading device was equipped with two angularly ad- 
justable hairlines. When reading rotating film pho- 


VOLUME 221, AUGUST 1961-709 


| | 
4 
o> 
\ 
F 
8 
AN : 
Ap 
B 
\\ 
N 
AY; 
: 


hkl 


LAMELLAE -@—-®—O-— 


Fig. 10—Metallographic and crystallographic orientation 
data in eutectic specimen. 


tographs, the hairlines were set at the proper angle 
(which was obtained from the appropriate graph in 
the second set) and the angle w observed directly. 
Finally, the @ and w coordinates of each reflection 
were plotted on a stereogram using the specimen 
surface as a reference. To avoid having too many 
spots and identifying marks on one projection, one 
stereogram was made for each phase and a color 
code was used for each type of reflection. Compari- 
son of these experimentally determined stereograms 
with standard projections of each phase on which all 
of the planes of each type were color coded in the 
same manner provided a rapid means for determin- 
ing the orientation of the crystallites present in the 
specimen. 

As a preliminary step in studying the specimen, 
stationary film photographs were taken at 8 angles 
of 20, 25, 30, and 35 deg to determine the @ angles 
(up to more than 50 deg) for all reflections of in- 
terest. A series of rotating film photographs at 
various 8 angles and with the y window opened 10 
deg but at various mean values was then taken so 
that the w components of all of the reflections whose 
@ values were now known could be determined. The 
data obtained in this way are shown in Fig. 8 for 
the Al phase and Fig. 9 for the @ phase. 


DISCUSSION OF RESULTS 


It was deduced from Figs. 8 and 9 that the speci- 
men consisted of one mean orientation for each 
phase but that within the irradiated area (= 1 mm 
diam) the crystallographic orientation of separate 
lamellae varied from the mean by several degrees. 
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It was this multiplicity of orientations which con- 
tributed to the complexity of Laue photographs and 
made them undecipherable. The mean orientation 
data from Figs. 8 and 9 are combined in Fig. 10 
together with a description of the lamellar orienta- 
tion as deduced by optical microscopy. 

Although no general conclusions can be drawn 
from only one specimen, it is apparent that the 
crystallography of this eutectic specimen is more 
complex than frequently is assumed. For example, 
the orientation relationship between the phases in 
this eutectic has been reported variously as 


(001) 6 || (001) Al; [100]@ || [100] Al 
by Ellwood and Bagley,” and 
(001) 6 || (001) Al; [100] [110] Al 


by Takahashi.* Ellwood and Bagley determined the 
relationship by a Laue technique on wire samples 
which were subsequently passed through a gradient 
furnace. Takahashi prepared thin foils of eutectic 
for study by electron microscopy and electron dif- 
fraction by dipping a small loop of iron wire into a 
molten bath of eutectic alloy and rapidly withdraw- 
ing it. Apparently, these quite different modes of 
solidification were responsible for the different 
crystallographic relationships reported. The orien- 
tation relationship found in this paper was not con- 
stant and is approximately intermediate between the 
two extremes given above. It can be described as 


(001) 6 = || (001) Al; [100] 6 = || [210] Al 


Tiller,* has pointed out that the two phases will 
grow in such a way that the interfacial energy is 
minimized. A part of this interfacial energy comes 
from the strain present at the interface due to the 
disregistry associated with the contact of lattices of 
different crystallography and different atomic dis- 
tances. From the data reported here, it appears as 
though the preferred interfacial planes were (111) 
and (221) in the Al and @ phases respectively, these 
being the closest low index planes of the two lattices 
to the Al-@ interfaces. 

The discrepancy between the orientation relation- 
ships reported by the previous workers and the data 
given here indicate however that some force, in ad- 
dition to that suggested by Tiller, must also influ- 
ence the crystallography of eutectics. It seems 
likely that this may be associated with a preferred 
growth direction of each phase. Aluminum for ex- 
ample tends to grow with [001] normal to the heat 
flow in castings.” It would be expected therefore that 
the aluminum platelets in the Al-CuAl, eutectic 
would also tend to grow with [001] normal to the 
heat flow. But since the condition of preferred 
growth directions in both phases may not be crystal- 
lographically compatible with conditions of minimum 
interfacial energy, a compromise or balance is 
achieved. In general, it is logical to expect that 
thermal conditions, solute concentration, and the 
solidification rate will affect the relative import- 
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ance of these two tendencies. Therefore, the crys- 
tallography of eutectics can be a function of growth 
conditions. (For the specimen studied here the alu- 
minum (112) and CuAlez (102) were the low index 
planes closest to being parallel to the solid-liquid 
interface which was approximately normal to the 
heat flow.) It seems reasonable to postulate that the 
lamellar faulting described by Kraft and Albright’ 
may be a direct consequence of such a balance of 
forces. 


SUMMA RY 


1) A back- reflection X-ray diffraction technique 
is described which provides a means of determining 
preferred orientation in small portions of thick 
samples which are too complicated to analyze by 
more conventional techniques. The method can be 
combined with optical microscopy and a direct cor- 
relation obtained between metallographic and crys- 
tallographic phenomena. 

2) As an example of the application of the tech- 
nique, a specimen of unidirectionally solidified 


Erhard Hornbogen 


Twins were propagated into large, well-annealed 
crystals of a iron-phosphorous and a iron-molyb- 
denum solid solutions. Strain fields caused by in- 
teraction of these twins were made visible by pre- 
cipitation. These strain fields can be explained by 
assuming that transmitted and reflected plastic 
waves are created when a twin strikes an obstacle 
with high velocity. The twin front itself can be re- 
garded as a shear wave that may be able to develop 
a one-dimensional shock front. The occurrence of 
{100} fracture by the reflected stress is also dis- 
cussed. The described effects were not found when 
twins propagated at low velocity into disturbed 
crystals, for example, into crystals previously de- 
formed by slip. 


D EFORMATION twinning leads to shearing of a 
crystal lattice under external load. The shear ap- 
pears to be homogeneous over a large number of 
crystal layers. In @ iron, shear occurs on the {112} 
planes and in the <111> directions. The formation of 
a twin proceeds by the movement of partial disloca- 
tions that change the stacking at the twinning plane. '”? 
In the bcc lattice, this partial dislocation can be 


created by dissociation of a sessile Slit] dislo- 


cation that lies in the (112) plane: 
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Dynamic Effects During Twinning in Alpha Iron 


CuAl2-Al eutectic was analyzed and the orientation 
relationship, interfacial planes, and growth direc- 
tion determined. Analysis of these data and previ- 
ously published information revealed that the crys- 
tallography and morphology of eutectics is more 
complicated than is frequently assumed. 
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a a a 

Cottrell and Bilby’s spiral mechanism can explain the 
homogeneous shear, but has not been proven experi- 
mentally. Nevertheless, this mechanism can explain 
the possible high velocity of formation of a twin. In 
Cottrell and Bilby’s model, as in other models of 
twinning or phase transformation, a much higher en- 
ergy is required to spread the first stacking fault 
than to add new layers by further movement of the 
partial dislocations. The dislocations will therefore 
become accelerated proportional to the difference 
between the stress, Ty, to nucleate and Tp to propa- 
gate the twin. It has been assumed *** that Ty is the 
stress required to make two partial dislocations of 
opposite sign pass for the first time. After the first 
layer of new stacking has been formed, the maximum 
stress is 


"N Gnd 


where G is the shear modulus, b is the Burgers vec- 
tor of the partial dislocation, and d is their perpen- 
dicular spacing so that the amount of shear is S = b/d. 
From this formula, a value of 25 kg per mm? has 
been estimated for twinning in Zn*. The measured 
values are smaller, but local internal stresses may 
help to provide the necessary stress. For a iron, a 
higher value can be expected, mainly due to the higher 
value of G. That agrees with the observation that 
“burst” twinning occurs if the yield strength is in- 
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Fig. 1—Grain boundary and twin struck by a high velocity 
twin; a-Fe-20 at. pct Mo solid solution; aged 3 hrs at 600°C 
to decorate the strained zones. Nital etch. X1000. Reduced 


approximately 43 pct for reproduction. 


creased by lowering the temperature or by solution 
hardening.® The angular velocity, w, of the partial 
dislocation in the spiral is 


Gb 
where C= velocity of sound, if the friction is neg- 
lected.® It has been assumed that the friction stress is 
proportional to the velocity of the dislocations.* This 
damping may be due to the excitation of sound waves’ 
and to the stress fields caused by different lattice im- 
perfections. Thus, rate of formation of a twin may 
vary greatly due to changing concentrations of defects 
of the lattice into which it is propagated. 

Measurements of the velocity of dislocations under 

different stresses in an Fe-Si alloy have shown that 
there is a strong dependence of the velocity of a dis- 
location on the applied stress® 


where V is the velocity of a dislocation, 7 is the ap- 
plied shear stress, 7, is the applied shear stress re- 
quired for a velocity of 1 cm per sec, and 7” was 
found to be about 40 in the Fe-Si alloy and for veloci- 
ties far below that of sound. From this, it can be ex- 
pected that the partial dislocation that leads to the 
shear will be accelerated rapidly at the beginning of 
the twin formation. The acceleration will decrease 
sharply due to the increase in friction with increasing 
velocity and due to the fact that 7 will decrease as 
soon as the twin forms if no further stress is applied 
from outside. It is probable that the partial disloca- 
tions are able to reach velocities close to the speed 
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Figs. 2 and 3—Interaction of twins in an a-Fe-3.8 at. pct 
P solid solution; aged 4 hr at 500°C. X1000, nital etch. 
Reduced approximately 10 pct for reproduction. 


of sound at the beginning of twin formation in an un- 
disturbed crystal. 

There are measurements on the speed of formation 
of martensite plates,®?° and twins*!"’!? but it has been 
possible to measure only the rate of formation of 
the whole plate in length and thickness.* The meas- 
urements of formation of martensite plates have been 
analyzed in respect to the velocity of the growth in 
length. Bunshah and Mehl? estimated a velocity V = 
1000 m per sec, while Arsky'® and Lokshin’°assume 
a maximum value of V = 7000 m per sec which cor- 
responds to the speed of sound. 

From the possibility that the twin front reaches a 
very high velocity, it can be expected that this front 
can attain the properties of a shock wave propagating 
in the crystal. C. S. Smith proposed a model for a 
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Figs. 4 and 5—Formation of cracks by interacting twins 
a-Fe-3.8 at. pct P solid solution, aged 4 hr at 500°C. 
X1000. Nital etch. Reduced approximately 10 pct for re- 
production. 


shock front moving through a crystalline solid that 
contains dislocations moving in the shock front (Smith 
interface).'* Crussard pointed out that a martensite 
plate as it forms can be regarded as an “explosive” 
wave. He described the propagation in terms of hydro- 
dynamic theory of waves.'® It is therefore possible 
that the stress field at the front of a fast moving twin 
can also be described in terms of a propagating elasto- 


plastic wave. 
The optimum conditions for high velocity of a twin 


are achieved when a twin is originated, with little 
plastic deformation by slip, in a crystal of a-iron 
that contains a minimum of disturbances that contri- 
bute to damping. 


MATERIALS AND EXPERIMENTAL PROCEDURE 
Two alloys were used to produce crystals of a-iron 
solid solutions: Fe + 1.78 wt pct P (3.2 at pct P), and 
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Fe + 29.5 wt pct Mo (19.5 at pct Mo). The alloys were 
made of electrolytic iron containing 0.004 pct N, and 
0.004 pct C, with addition of 99.95 pct Mo or ferro- 
phosphorus containing 0.05 pct S, 1.5 pct Si, 1.1 pct 
C, and 2.0 pct P. The alloys were vacuum melted 
and cast, then held a longer time than necessary for 
solution at the homogenization temperature in order 
to obtain large grains. The Fe-P alloy was held for 
7 days at 1100°C, the Fe-Mo alloy for 1 day at 1440°C, 
then quenched into ice water. In this way, a-iron 
crystals ~10 mm in diam were obtained. 

Twins were initiated on surfaces of these crystals 
in two different ways: by impact with a sharp needle 
after quenching, or by notches put in the surface be- 
fore quenching. In the latter specimens, the quench- 
ing stresses were sufficient to initiate a few twins 
that penetrated into the interior of the crystal. 

To reveal the strain fields caused by twins, the 
specimens were aged so as to cause precipitation 
principally in the deformed zones. In this way, the 
shape of the strain fields produced by twins was 
shown and the amount of strain could be estimated. 
The best aging treatments for the two alloys were: 
Fe-P, 4hr at 500°C, Fe-Mo, 1 hr at 600°C. 


EXPERIMENTAL RESULTS 


Fig.1(a) shows a twin that encountered a grain be 
boundary and was stopped. Strain fields appear that ss 
can be interpreted as being caused by reflected and 
transmitted stress waves. The transmitted strain 
field extends about 10~? cm into the next grain, 
whereas the twin has a thickness of less than 107* cm. 
Slip seems to be largely restricted to one crystallo- 
graphic plane. The reflected strain does not extend 
as far into the crystal from which the twin came. 

In the following, a few cases of interaction between 
twins are shown, Figs. 1 to 3. Strain fields of this 
kind appear only if very few twins penetrate into an 
undisturbed crystal. If a whole network of twins is 
formed or if the twins penetrate into a crystal that 
has been deformed by slip, only the more localized 
plastic strain fields caused by static stresses are 
observed. 

Fig. 2 shows a twin that has been stopped by 
another one. The greater portion of the transmitted 
plastic strain is in the direction of the incident twin, 
whereas the reflected plastic strain seems to be 
randomly distributed over the whole range of reflec- 
tion. The strain penetrated again about 10-7 cm 
from the point of interaction. The micrographs show 
also that there is little strain produced along the 
sides of a twin. The nucleation sites for general 
precipitation, can be easily distinguished from those 
in the strain fields in the twin intersections, Fig. 1. 
Fig. 1(6) shows the interaction between two twins in 
an a@ iron-molybdenum crystal. The reflected and the 
transmitted plastic strain can again be easily recognized. 
In the a iron-molybdenum crystals, the strain seemed 
to be more restricted to the {110} planes than in the 

a iron-phosphorous crystals where {112} and {123} 
have also been found. Figs. 1(b) and 2 show that the Rgc: 
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Fig. 6—Growth in length of a twin in the [111] direction 
on a plane. The moving twin-front can be regarded as a 
one dimensional shear wave that moves in the [111] di- 
rection and changes the stacking of the (112) planes. The 
compression part of the shear wave (+) may be respon- 
sible for the observed effects. 


strain frequently occurs in slip lines with an angle 
of 45—60 deg to the direction of the propagating stress 
wave. 

Fig. 3 shows the same kind of interaction as Fig. 
2, but with two parallel twins struck by a third. The 
intensity of the transmitted strain is low in this case, 
for most of the energy is retained between the two 
parallel twins. This pattern may be explained by a 
zig-zag reflected stress that produced plastic strain 
between the two twins. The ratio between the reflected 
and the transmitted strain seems to be controlled by 
the thickness of the obstacle. There were instances 
in which only reflected plastic strain was visible; all 
the transmitted energy was absorbed by the obstacle. 

The concept that the moving twin can be regarded 
as a propagating linear shear wave’®'® implies that 
the reflected compression part of the wave will be a 
wave of tension.’® If the tensile stress has a compo- 
nent normal to a {100} plane, crack formation is 
possible if the stress is high enough. Cracks ata 
{112} twin interface can be excluded, for the reflected 
stress will reach its maximum amplitude at some 
distance from the reflecting {112} interface. {100} 
cracks that may have been originated in this way 
were found in the Fe-P crystals, Figs 4and 5, in ad- 
dition to cracks that arise from static stresses 
caused by twins.*?!” 


DISCUSSION 


The observation of interactions of twins in @ iron 
indicate that dynamic effects can be expected if the 
twins reach a high velocity. The observations can be 
explained qualitatively if the front of a twin is re- 
garded as a linear wave front, with a compression 
and a tension zone moving in the [111i] direction on 
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Fig. 7—Shapes of fast and slow moving twin fronts. A 
shock front can form if the velocity of the propagating 
twin (V) comes close to the velocity of sound, (x/t = 
Velocity of the wave fronts in [111].) 


a (112) plane, Fig. 6. If this wave hits an obstacle, 
for example another twin, a transmitted and a reflect- 
ed stress wave are created. The compression zone 
will create a reflected tension wave, the tension 
zone, a compression wave. Both may interfere de- 
pending on the particular geometrical situation. The 
transmitted stress wave will have the same sign as 
the incident wave. This stress wave will be an elas- 
toplastic wave. It degenerates to a pure elastic wave 
at some distance from the interaction spot, for ener- 
gy is used for the creation of plastic strain. It is 
probable that the compression part of the wave is 
solely responsible for the observed slip. In the com- 
pression part, the atom movement during shear is in 
the direction of the propagating twin, while it is in 
the opposite direction for the tension part (see Fig. 
6). 

Let V = velocity of growth in length, Vs = atom 
velocity during shear, VY = effective velocity of com- 
pression wave, Vr = effective velocity of tension wave, 
then, 


= 
V-Vs = Vr 
Y= Vr + 


Therefore, the formation of a shock front can be 
expected in the compression part of the wave first if 
V reaches values close to the velocity of sound. This 
would be the extreme case. Generally, the lengthwise 
growth of a twin may be described by the v. Karman 
theory of elastoplastic waves.'®»'® However, this 
theory assumes a constant velocity of the propagating 
wave. This condition is not fulfilled for the formation 
of a twin. A twin forms first at an accelerating, then 
with a decelerating rate. Therefore, the shape of the 
wave front will be different at various times during 
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twin formation. At a given instant, it will have the 
form given by the three solutions of v. Karman’s 
equation, Fig. 7 


ax _ V velocity of propagation of 

dt the twin. [1] 
a 

ah varying velocity. [2] 
dx E 

ai’ C velocity of sound. [3] 


where x/t is the velocity of propagation of a partic- 
ular strain. S = do/de is the modulus of deforma- 
tion which becomes E = do/de for the elastic defor - 
mation. p, = density of the undeformed material. 

Fig. 7 shows a schematic strain velocity diagram 
for a slow and for a fast moving twin where in the 
first case (7a) the elastic wave is travelling far 
ahead of the plastic wave. In Fig. 7(b), the rate of 
twin formation comes close to the velocity of sound, 
so that there is a tendency to form a shock front. In 
this condition, the effects shown in Figs. 1 to 5 can 
be expected. The evidence presented here is that 
twins do not always reach such a high velocity, but 
only under the conditions of propagation into an un- 
disturbed lattice. 


CONCLUSIONS 


1) The growth in length of a twin can be regarded 
as the movement of a linear plastic wave. 

2) If twins propagate into large undisturbed crys- 
tals, they will reach a maximum velocity. 


J. Rezek and G. B. Craig 


The critical resolved shear stress of zone-refined 
zinc single crystals deformed in tension is found to 
increase with increasing amount of striation sub- 
structure. The increase in strength with numbers of 
striations can be accounted for by a dislocation pile- 
up mechanism. A somewhat different means of 
plotting stress-strain data is introduced which al- 
lows a more unambiguous choice of yield stress to 
be made. 


Few systematic studies of the role played by mac- 
romosaic or striation-type substructure in the de- 
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3) Under these circumstances, dynamic effects can 
occur, such as emission of new stress waves if an 
obstacle is met. 

4) There is a possibility of initiation of {100} 
cracks by tension waves reflected when a twin strikes 
an obstacle. 

5) All the factors that favor high velocity of twin 
formation and therefore dynamic effects are also 
known to favor brittle fracture in a iron. These 
factors are a) large grain size, b) increased yield 
strength of the ferrite, c) high perfection of the crys- 
tal, for example, no predeformation by slip, or no 
subboundaries. 
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formation of high-purity metal single crystals grown 
from the melt have been reported. McGrath and 
Craig' found that striations increased the critical 
resolved shear stress of zone-refined aluminum 
crystals, postulating a dislocation blockage by the 
striations as the strengthening mechanism. Lauri- 
ente and Pond? found that, as the etch pit density in- 
creased in aluminum crystals grown from the melt, 
the critical resolved shear stress also increased. 
Fleischer and Chalmers’ also found changes in the 
critical resolved shear stress of aluminum crystals 
grown from the melt at varying rates, but could not 
be certain whether an increase of strength with rate 
was due to a higher concentration of impurity in the 
gage length or to an increase in the number of small- 
angled boundaries. An early work by Hibbard‘ indi- 
cated that copper crystals containing lineage boun- 
daries were stronger than those free from this type 
of imperfection. 
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Fig. 1—Orientations of zinc crystals. 


While little information exists on how substructure 
in melt grown crystals affect strength, considerable 
information exists on the effect of artificially intro- 
duced subboundaries. Washburn® introduced con- 
trolled small-angled boundaries into zinc. He found 
that introduction of these boundaries resulted in an 
increase in the yield stress when the crystal was 
deformed by pure shear. Parker and Hazlett® investi- 
gated the effect of prestraining pure polycrystalline 
nickel by varying amounts and determined that an 
increase in the density of subboundaries resulted in 
an increase in the flow stress. Ball’ investigated de- 
formed polycrystalline aluminum, and determined 
that the critical resolved shear stress was propor- 
tional to the inverse square root of the subgrain size. 

Despite an increase in the interest shown in the 
variation of mechanical properties of high-purity met- 
als with the substructure inherently present in the 
growth process, no work has been published to date 
on the effect of striation boundaries on the critical 
resolved shear stress of hexagonal close-packed met- 
als and of zinc in particular. The present work was 
undertaken to provide information on this subject. 


EXPERIMENTAL PROCEDURE 


The zinc employed in this investigation was pro- 
vided by the Consolidated Mining and Smelting Co. of 


Canada Ltd., and was of an initial purity of 99.9996 pct. 


Prior to use, the zinc was zone refined, the refining 
operation being verified by recrystallization tests 
and resistivity ratios. 

Single crystals were grown by the Chalmers’ tech- 
nique® at rates of 1.0, 4.0, and 7.0 mm per min under 
a gradient in the liquid of 30°C per mm. Following 
growth, the crystals were chemically cut in a 50 pct 
solution of concentrated nitric acid and water after 
which they were annealed at 410°C for 24 hr and 
furnace cooled. The crystals were etched in a 50 pct 
solution of hydrochloric acid and water. This treat- 
ment was followed by a chemical polish. The polish- 
ing solution, developed by Gilman and DeCarlo,® con- 
sisted of equal volumes of 30 pct hydrogen peroxide, 
ethylalcohol, and concentrated nitric acid. The fin- 
ished crystal, prior to deformation was about 5 in. 
long, 0.5 in. wide, and about 0.175 in. deep. 

Orientations of crystals were determined by X-rays 
using the Laue back-reflection technique. The aver- 
age orientations of the series of crystals grown are 
shown on the stereographic projection of Fig. 1. A 
traverse across the face of each crystal was made in 
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Fig. 2—Top and bottom surface of a heavily striated zinc 
crystal one-half actual size. 


order to ascertain the total angular misorientation 
due to the striations. 

The crystals were each strained approximately 
2 pet in a soft-type tensile machine, and an optical 
lever extensometer was employed to indicate strains. 
Up to approximately a strain of 0.014 pct the strain 
sensitivity was 2 x 107° over a gage length of 2 in.; 
the corresponding limits of accuracy in this range 
were, however, only + 4 x 107°. From the strain of 
0.014 pct up to 2 pct the strain sensitivity was of the 
order of 3.6 x 1074. The loading rate was approxi- 
mately 2 g per sq mm per min. 

In order to count the number of striations, the 
crystals were cleaved at liquid nitrogen temperature 
at both gage marks and midway between them. The 
number of striations were counted on each of the six 
cleavage surfaces. From these counts, two figures 
were obtained; a minimum number of striations on a 
cleavage surface, and essentially the arithmetic aver- 
age of the number of striations on the cleavage sur- 
faces. The minimum striation count was employed 
as the number against which the critical resolved 
shear stress was compared, while the average stria- 
tion count was used for other deformation parameters. 

The above method of counting striations was felt 
to be more accurate than counting striations on the 
surface of the crystal, since such a count was depen- 
dent upon the quality of the etch. X-ray techniques 
were found to be inadequate for the more densely 
striated crystals. Fig. 2 is a photograph of the top 
and bottom surfaces of a heavily striated single 
crystal. It shows graphically the difficulty of count- 
ing striations visually. 


RESULTS 


The results of this investigation are tabulated in 
Table I. It is apparent from this table that, in gene- 
ral, an increase in the rate of growth results in an 
increase in the number of striations. It is also ap- 
parent that the total angular misorientation also in- 
creases with increasing numbers of striations. The 
average orientation difference between striations, 
calculated by dividing the total angular misorienta- 
tion by the average number of boundaries per cross 
section, is tabulated in column 6. The average num- 
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Table |. Summary of Results 


Rate 
of Growth Minimum No. C.R.S.S. 
Specimen mm per Min of Striations g/mm? 


Striation Width 
Total Angular Angular - 
Misorientation, Misorientation, 
Degrees Degrees mm mm-/ 


X2A 1 1 

X2B 4 1 14.0 
X2C a 3 19.5 
X3A 1 14 21.5 
X3B 4 7 17-5 
X3C 7 24 29.0 
X4A 1 76 43.0 
X4B 4 35 40.5 
X4C a 136 47.5 
Y2A 1 4 15.0 
Y2B 4 3 14.5 
Y2C a 4 15.0 
Y3A 1 1 12.0 
Y3B 4 4 19.0 
Yse 7 16 26.0 
Z2A 1 1 13.0 
Z2B 4 5 20.0 
Z2C 4 20.5 
Z3A 1 2 15.5 
Z3B 4 5 17-5 
Z3C 7 15 26.5 
Z4A 1 2 TES 
Z4B 1 
Z4C 3 19.0 


0 
ES 0.75 1% 0.282 


2 0.50 4.23 0.485 
5 0.38 0.907 1.05 
7.5 0.62 1.815 0.740 
15 0.27 0.577 1.318 
= 0.167 2.45 
16 0.29 0.231 2.08 
a 0.093 3.27 
3 1.0 3.175 0.561 
4.5 1.1 4.23 0.485 
3 0.75 3.175 0.561 
a 1.0 12.7 0.282 
3.5 0.88 3.175 0.561 
12.5 0.42 0.794 1.12 
3 LS 12.7 0.282 
3 0.75 2.54 0.630 
2 0.5 3.175 0.561 
3.5 3.5 6.35 0.398 
6 0.67 2.54 0.630 
11 0.38 0.847 1.09 
0.5 Gs 6.35 0.398 
0 0 12.7 0.282 
1 0.5 4.23 0.485 


ber of boundaries equals the average number of stri- 
ations less one. For crystals X4C and A, the spread 
of angular misorientation was so great as to cause 
overlapping on the X-ray film of back reflections from 
differing planes. It was therefore not possible to de- 
termine the average or total angular misorientation 
for these particular crystals. 

For low numbers of striations, Laue back-reflec- 
tion photographs were taken straddling each boundary. 
The results were very inconclusive in that the angu- 
lar misorientation across individual boundaries var- 
ied from angles as high as 3 deg to as low as 0.5 deg. 
An investigation is now being initiated to determine 


Fig. 3—Cleavage surface of a striated zinc crystal. Mag- 
nification approximately X7. 
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and equivalent inverse shear hardening curves (number of 


the effect of carefully controlled thermal conditions 
on the nature of the striation boundaries. 

It appears from the results that the average angular 
misorientation derived by dividing the total misorien- 
tation by the average number of boundaries is approx- 
imately a constant of about 0.35 deg for crystals with 
five striations or more. For those crystals with few- 
er than five striations, the scatter of results is so 
great as to make analysis difficult. 

During the examination of cleavage surfaces, it was 
noted that the pattern of striations did not obey the 
classical picture presented for this type of substruc- 
ture by Teghtsoonian and Chalmers.’° Fig. 3 is a 
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Fig. 4—Typical resolved shear stress—shear strain curves 
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Fig. 5—Variation of critical resolved shear stress with 
numbers of striations. 


photograph of the cleavage surface of a crystal with 
few striations, and it will be noted that the striations 
do not have the classical “bundle of rods” shape. This 
feature of striations has been presented in a previous 


paper." 


| 


Stress-Strain data was plotted in two different ways. 


The first method was the standard one of plotting re- 
solved shear stress against resolved shear strain. 
This method was not satisfactory for determining 
the critical resolved shear stress; consequently, a 
new method of plotting stress-strain data was de- 
vised. This method is an adaptation of the inverse 
temperature curve used for calibrating thermocou- 
ples. Its advantage lies in the fact that in common 
with all differential type curves, differences in the 
measured parameters are accentuated. It is called, 
in recognition of its source, an inverse shear hard- 
ening curve. 

The inverse shear hardening curve is obtained by 
plotting the increment of resolved shear strain per 
unit increment of resolved shear stress against the 
applied resolved shear stress. Fig. 4 illustrates 
typical resolved shear stress-shear strain curves 
for zone-refined single crystals with increasing 
numbers of striations, as well as the corresponding 
inverse shear hardening curves for the same crys- 
tals. The expanded low strain region for the true 
stress-true strain curves is not shown. 

The position of the critical resolved shear stress 
is determined with little ambiguity in the inverse 
shear hardening curves. Its value is determined 
by noting the resolved shear stress at which the in- 
crement of resolved shear strain per unit increment 
of resolved shear stress reaches 5 x 107° sq mm 
per g. This figure is arbitrary, but the critical re- 
solved shear stress chosen in such a way is the re- 
solved shear stress at which a relatively large change 
of strain takes place with a small change in stress, 
the change of stress being held constant at all times. 
The choice of a yield stress in this manner is more 
in line with the concept of the yield stress as being 
that stress at which macroscopic flow begins to take 
place and is therefore not as arbitrary as choosing 
an offset yield or by extrapolating from a given por- 
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Fig. 6—Critical resolved shear stress as a function of 
striation width. 


tion of the stress-strain curve. 

From the curves of Fig. 4, it is apparent that in- 
creasing the number of striations increases the cri- 
tical resolved shear stress. It is also seen from the 
resolved shear stress-shear strain curves of this 
figure that an increase in the number of striations re- 
sults in an increase in the slope of the curves. This 
last point is now being investigated and will be re- 
ported at a later date. 

A plot of the critical resolved shear stress for all 
crystals vs the minimum number Of striations is pre- 
sented as Fig. 5. It is seen that striations increase 
the critical resolved shear stress rapidly for few 
striations and less rapidly for intermediate numbers; 
while for highly striated crystals, the relative 
strengthening effect of striations levels off at be- 
tween 70 and 80 after having increased the critical 
resolved shear stress by over 300 pct over that of 
an unstriated crystal grown from the melt. The 
shape of this curve is in agreement with that found 
for striated aluminum crystals by McGrath and 
Craig.’ 

To determine if striations alone could account for 
the strength of crystals, a heavily striated crystal 
was pinched at one end in order to remove striation 
substructure, and annealed for 24 hr at 410°C. This 
method of removing striation-type substructure has 
been used extensively by Aust and Rutter.’ The 
crystal was then treated and deformed as usual, and 
the critical resolved shear stress was determined 
to be 8 g per sq mm. From Table I, it is seen that 
the lowest value for this parameter for an unstriated 
crystal grown from the melt is 12 g per sq mm. Ob- 
viously, not only does the passage of a boundary 
through a striated crystal remove the optical mosaic, 
but it also removes substructure of an order below 
this. This substructure affects the strength of the 
crystal and may play an important role in solution 
hardening. 


DISCUSSION 


Cottrell has shown!* that the stress concentration 
at the head of a pileup of dislocations is 
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where ” are the number of dislocations in the pileup, 
o is the applied stress, and o; is the stress concen- 
tration. The number of dislocations in the pileup can 
be calculated from an equation developed by Eshelby, 
Frank, and Nabarro'* viz., 


no = 


_ knoL 


where k = (1-y) where y is Poisson’s Ratio 
o = applied stress 
L = length of slip plane between the source and 
an obstacle 
= shear modulus 
b = Burger's vector 


[2] 


The number of dislocations emitted by a source 
situated in the middle of a grain, diameter d, would 
be!5 


[3] 


the factor 4 entering because a back stress comes 
from dislocations piled up on both sides of the 
source. 

For a given oj in Eq. [1], we rewrite Eq. [3] as 


[ 4] 


where c is a constant. 

In applying Eq. [4] tostriations, we assume that the 
length of available slip plane is limited by the num- 
ber of striations--i.e., the obstacle to the disloca- 
tion movement is the striation boundary. Plotting o 
vs t-'”, Fig. 6, where ¢ is the striation width, prod- 
uces a straight line and shows that o is proportional 
to t='/2, Since Eq. [1] was derived on the assump- 
tion of a pileup of dislocations, then the agreement 
of the results with Eq. [4] indicates that a pileup 
mechanism can account for the strengthening effect 
of striations on the critical resolved shear stress. 
The functional relation between o and ¢ may be des- 
cribed by the equation 


14+ 5.55 x 107! 
ti/2 


[5] 


where the limit of ¢ is 12.7 mm-—i.e., the specimen 
width. 

The intercept of this straight line is at a stress of 
14 g per sq mm, the critical resolved shear stress 
of an unstriated single crystal. At least part of this 
resolved shear stress is required to overcome the 
effect of substructure other than the striation type, 
since the critical resolved shear stress of a crystal 
through which a boundary had passed at the expense 


of striation type substructure was only 8 g per sq mm. 


The orientations of crystals employed in this work 
were such that the slip direction was parallel to or 
within 15 deg of the traces of the striation boundaries 
on the cleavage surface. If the interaction between 
the edge component dislocations and the striation 
boundaries were alone responsible for the strength- 
ening effect of striations, it would be expected that 
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there would be little increase in strength. On the 
other hand, since the screw component dislocations 
would be moving at right angles to the boundary, it is 
felt that the interaction of a striation boundary with 
screw component dislocations does influence the cri- 
tical resolved shear stress. If such is the case, the 
strengthening effect of a striation as a function of its 
width could be explained satisfactorily. 

The present results are in qualitative agreement 
with those of Ball’ who found that o was proportional 
to ¢~'” for subgrains in polycrystalline aluminium. 
Fleischer’® has also pointed out that the results of 
McGrath and Craig’ show a proportionality between 
o and ¢~!/2, 

Having assumed that a dislocation pileup mechan- 
ism is operative, the strengthening effect of stria- 
ations can be explained by the use of Eqs. [1] and 
[2]. Crystals containing few striations present 
correspondingly long slip distances between them- 
selves and a source. As a result, the number of dis- 
locations in a pileup for a given applied stress will 
be large compared to a crystal with many striations. 
Consequently, the applied stress to break through 
the obstacles must be higher for crystals containing 
many striations than those containing few. 

The shape of the striation strengthening curve, 
Fig. 5, can also be explained in terms of Eq. [2]. 
This equation shows that for a given stress n is pro- 
portional to N~'. Thus, there will be a large pileup 
and a high stress concentration when few striations 
are present. A small increase in the number of 
striations causes a very rapid decrease in the num- 
ber of dislocations in a pileup, and in fact reaches a 
relatively constant number for over 70 striations. 
There must be, as a result, a correspondingly rapid 
increase in the applied stress with a small increase 
in numbers of striations to attain a stress concentra- 
tion sufficient to break through the boundaries. On 
the other hand, for crystals containing many stria- 
tions, an increase of a few scarcely changes the num- 
ber of dislocations in the pileup; consequently, it is 
expected theoretically and seen experimentally that 
the strengthening curve of striations levels off at 
high numbers of these boundaries. 


CONCLUSIONS 


The following conclusions are drawn from the ex- 
perimental results: 

1) The presence of striation boundaries raises the 
critical resolved shear stress of zone-refined zinc 
Single crystals. 

2) A dislocation pileup mechanism can explain the 
strengthening effects of striations in zinc, since o is 
proportional to ¢7!/?. 

3) Striations are seen to affect the slope of the 
true stress-true strain curve. 
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not all bear the usual <111> rotational relation to 
the deformation components. The dependence of the 
deformation texture transitions and the vecrystalli- 
zation orientations upon composition and solute- 
element type is discussed. 
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Alloys 
Arsenic, and Antimony 


of the deformation components. Since there is ap- 
parently not much difference in the final textures of 
the copper binary systems already investigated, only 
a limited variety of preferred orientations has served 
as the basis for current theories of the origin of an- 
nealing textures. In order to test the validity of the 
proposed theories, and the possibility that the <111> 
rotations are not unique, it would be most desirable 
to study the reorientation relationships of additional, 
and heretofore unanalyzed, recrystallization compon- 
ents if such components exist. 

Examination of the literature reveals a good deal 
of uncertainty concerning preferred orientations in 
copper alloyed with elements in Subgroup V-B of the 
Periodic Table. Phosphorus is known to inhibit the 
cube texture in copper when present in amounts as low 
as 0.01 wt pct,® but the recrystallized matrix that oc- 
curs instead of the cube orientation was reported as 
either random or weakly textured, with orientations © 
not observed in Cu-Zn, Cu-Ge, or Cu-Sn alloys.*~® 
A Cu-0.75 at. pct As alloy apparently, contained, along 
with the (001)[100] and so <211> type of recrys- 
tallization components, {110} <112> and {110} <001> 
components, whereas an almost random distribution 
of orientations was found in alloys of higher arsenic 
content.* A {110} <001> component also appeared in 
rolledand annealed Cu-Sb alloys, but otherwise the 
recrystallization textures of Cu-Sb alloys seem to con- 


Tabie |. Composition of the Alloy Constituents 


Element Grade Impurities 


P 99.4 pct 
As 99.6 pct 


Not analyzed 


0.02 pct Cu 0.05 pct Si 
0.05 pct Fe 0.01 pct other 
0.01 pct Pb 

0.20 Sb 

0.05 Ca 


0.003 pct Cu 
0.003 pct Fe 
0.010 pct Pb 
0.005 pct As 


Sb 99.97 pct 


720-VOLUME 221, AUGUST 1961 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
x 
‘ 
4] 
‘ 
Be 
3 
m4 
a 
| 
| 
| 
| 
| 
en 


Table Il. Chemical Compositions and Processing of 
Cu-P, Cu-As and Cu-Sb Alloys 


Homogeni- Annealing Prior 
zation to Final Rolling, 
Weight Atomic Temp., Time, Temp., Time, ness, ness, Reduc- 
Percent Percent °C He °C Hr In. In. tion 
COPPER-PHOSPHORUS 
0.002 0.006 900 65 400 1 0.493 0.0035 99.3 
0.005 0.010 850 62 450 1 0.553 —-U.004 99.3 
0.006 0.011 900 66 400 1 0.539 0.004 99,3 
62 1 
1 
1 


0.025 0.051 850 40 400 1.5 

0.031 0.063 850 40 400 ES 0.700 0.004 99.4 
0.035 0.072 850 40 400 1.5 0.698 0.0035 99.5 
0.053 0.109 850 40 400 ES 0.699 0.004 99.4 
0.098 0.20 850 66 400 1 0.548 0.0045 99.2 
0.15 0.31 800 66 400 1 0.545 0.0045 99.2 
0.22 0.46 800 66 400 1 0.546 0.0045 99.2 
0.32 0.66 800 66 400 1 0.600 0.0045 99.2 
0.38 0.78 800 68 450 1 0.547 0.0045 99.2 
0.50 1.03 800 66 450 1 0.541 0.004 99.3 
0.58 1,19 800 66 450 1 0.541 0.004 99.3 
0.63 1,29 800 66 450 1 0.540 0.004 99.3 
0.65 1.33 700 266 500 1 0.544 0.004 99.3 
0.84 1.70 700 266 500 1 0.544 0.004 99.3 

COPPER-ARSENIC 
0.054 0.048 #850 70 450 1 0.510 0.004 99.2 
0.085 0.072 850 65 450 1 0.496 0.004 99.2 
0.16 0.13 850 67 450 1 0.629 0.004 99.4 
0.28 0.23 850 65 450 1 0.500 0.004 99.2 
0.47 0.40 850 65 450 1 0.500 0.004 99.2 
0.74 0.63 850 66 500 1 0.536 0.004 99.3 
1.15 0.98 850 66 500 1 0.534 0.004 99.3 
1.97 1.68 850 67 500 1 0.624 0.005 99.2 
2.71 2.31 850 65 500 1 0.488 0.004 99.2 
3.24 2.76 800 65 500 y 0.529 0.004 99.2 
4.10 3.50 700 468 500 1 0.553 0.0045 99.2 
6.04 5.17 650 68 500 1 0.550 0.004 99.3 
COPPER-ANTIMONY 

0.017 0.0089 900 69 450 1 0.528 0.004 99.2 
0.033 0.017 900 69 450 1 0.487 0.0035 
0.066 0.035 900 65 450 1 0.537 0.004 99.3 
0.082 0.043 900 69 450 1 0.518 0.0035 99.3 
0.11 0.057 900 69 450 1 0.501 0.004 99.2 
0.18 0.094 900 65 450 1 0.535 0.004 99.3 
0.33 0.17 900 60 450 1 0.530 0.004 99.2 
0.37 0.19 900 65 450 1 0.537 —:0.004 99.3 
0.57 0.30 900 65 450 1 0.535 0.004 99.3 
0.67 0.35 900 60 500 0.5 0.760 0.0045 99.4 
0.82 0.43 900 65 500 1 0.537 0.004 99.3 
1.56 0.82 900 65 500 1 0.545 0.003 99.4 
2.74 1.45 800 66 500 I 0.274 0.0025 99.1 


form to the usual evolutionary pattern, at least up to 
0.63 at. pct Sb.4 

The evidence from past work points to the existence 
of recrystallization components in Cu-As and Cu-Sb 
alloys that are not the types usually observed in cop- 
per alloys. Probably such components also occur in 
the more highly alloyed Cu-P solid solutions. Unfor- 
tunately, many of the available results for these sys- 
tems are presented in terms of ‘complicated,” “ran- 
dom,” and “weak” making the existence of these com- 
ponents or their correspondence to theory quite un- 
certain. Preliminary experiments with several Cu- 
Subgroup V-B compositions confirmed the presence 
of the previously indefinite, as well as other unre- 
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Fig. 1—Transition of deformation textures in Cu-P, Cu-As, 
and Cu-Sb alloys. 

ported, recrystallization components. A detailed 
study was therefore undertaken to define more pre- 
cisely the preferred orientations in cold-rolled and 
annealed Cu-P, Cu-As, and Cu-Sb solid-solution al- 
loys. Knowledge of these orientations will ultimately 
permit more rigorous evaluation of current theories, 
and the patterns of evolution with changing composi- 
tion should provide further insight into the relations 
between deformation and annealing textures. Finally, 
it is hoped that a study involving three alloying ele- 
ments of the same Subgroup will contribute informa- 
tion concerning the influence of ion-core interactions 
upon textures. 


EXPERIMENTAL PROCEDURE 


Binary alloys were prepared from cathode copper 
99.95 pct pure containing 0.04 pct O as the major im- 
purity, and the alloying elements in Table I. The pro- 
cedures used for processing and treatment of the al- 
loys as well as the details of experimental determin- 
ations were the same as described in Ref 1. As in the 
previous work, the castings were grain refined prior 
to final rolling. Primary recrystallization was found 


Fig. 2—{111} Pole figure of a Cu-0.31 at. pet P alloy rolled 
99.3 pet A—{110} <112> A-{358} <523>. 
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Fig. 3—{111} Pole figure of a Cu-0.66 at. pct P alloy rolled 
99.3 pet A—{110} <112> A—{358} <523>. 


metallographically to be complete in all compositions 
after 1 hr at 400°C; extension of the annealing time 
to 2 hr at 400°C produced no significant changes in 
the recrystallization textures. Chemical compositions, 
intermediate heat treatments, and dimensions of the 
specimens are listed in Table II. 


EXPERIMENTAL RESULTS 


Deformation Textures. Changes in deformation tex- 
tures as phosphorus, arsenic, or antimony is added to 
copper were examined by the determination of pole 
figures and by the peak-height ratio technique.' The 
peak-height ratio method essentially consists of com- 
paring the heights of the diffraction peaks associated 
with the peripheral pole concentrations at 20 deg from 


Fig. 4—{111} Pole figure of a Cu-1.70 at. pct P alloy rolled 
99.3 pet A—{110} <112> A—{358} <523>. 
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Fig. 5—{111} Pole figure of a Cu-3.50 at. pct as alloy rolled 
99.3 pct A— {110} <112>. 


the rolling direction and at the transverse or 90-deg 
direction of {111} deformation pole figures. The 20- 
deg pole concentration is strong in both the copper 
type and the 70:30 brass type of deformation textures, 
but the 90-deg concentration is dense only in the 
70:30 brass type of preferred orientation. The ratio 
of 90- to 20-deg peak heights is used as a measure 
of the relative amounts of each type of preferred 
orientation in the deformation textures. 

It is found that the copper deformation texture is 
essentially unchanged by the first solute additions, 


Fig. 6—{200} Pole figure of a Cu-0.020 at. pet P alloy rolled 
99.3 pct and annealed 1 hr at 400°C. 

O-(001) (100) a—{123}<233> © —{227}<774>-II-Twin 
M@-{012} <100> @- {227} <774>-I @—{110}<112> + 14° 

A- {234} <323> @—{ 227} <774>-I 
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Fig. 7— {111} Pole figure of a Cu-0.020 at. pct P alloy rolled 
99.3 pct and annealed 1 hr at 400°C. 

(100) a—{123}<233> 
<100> <774>-I @—{110} <112>+14° 
A—{234} <323> @—{227} < 774>-I 


and when the change does occur it proceeds approx- 
imately linearly with the logarithm of the solute con- 
tent in atomic percent, as shown by Fig. 1. Initiation 
of the textural transition occurs at 0.43 at. pct P, 
0.41 at. pct As, or 0.24 at. pct Sb. Deformation texture 
pole figures of selected alloy compositions agree 


Fig. 9— {200} Pole figure of a Cu-1.03 at. pct P alloy rolled 
99.3 pet and annealed 1 hr at 400°C. 

—{110} <112> +14°  —{110} <112> — 16° 

@—{ 227 <774>-I 


well with these findings. For example, the deforma- 
tion texture of a Cu-0.31 at. pct P alloy should be of 
the copper type according to Fig. 1; comparison of 
the deformation texture for this composition, Fig. 2, 
with that of unalloyed copper® confirms the similarity. 
A phosphorus content somewhat above that required 
to initiate the deformation transition is represented 


Fig. 8— {200} Pole figure of a Cu-0.11 at. pct P alloy rolled 

99.5 pet and annealed 1 hr at 400°C. 

C-(001) [100] @—{227}<774>-1 @—{110} <112> + 14° 

{012} <100> {227} < 774>-114—{110} <112> —16° 
{227} <774>-I-Twin 
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Fig. 10—{111} —Pole figure of a Cu-1.03 at. pet P alloy 
rolled 99.3 pct and annealed 1 hr at 400°C. 

{110} <112>+ 14° $= {110} <112>-16° 

@- {227} <774>—I 


VOLUME 221, AUGUST 1961-723 


R.D. 
[Xe 
\/ 
6) ? © 75 
OR. 
— \ © 
~ 200 q 
q | 
200 \ Vay / 
60 
We 


"J 
"Ld 
hd 


INTENSITY, MULTIPLES OF RANDOM 


< a= | 

| 

012} <100> 

002 


{227} <774>-1- TWIN 
1 
0005 ool 005 Ol 02 05 2 


P CONTENT, ATOMIC PERCENT 
Fig. 11—Evolution of recrystallization components in cold 


rolled Cu-P alloys annealed 1 hr at 400°C. 
( (001) [100] component omitted). 


by the pole figure for a Cu-0.66 at. pct P alloy in Fig. 
3. The increase in the peak-height ratio for Cu-0.66 
at. pct P is reflected in the diminished intensities of 
the “yoke” areas of Fig. 3. Otherwise the general 
features of the copper type of deformation texture 
are preserved. At higher phosphorus contents, the 
deformation textures appear increasingly like that of 
70:30 brass, as for example the deformation pole fig- 
ure of a Cu-1.70 at. pct P alloy in Fig. 4. 

Completion of the deformation-texture transition 
was not achieved in two of the alloy series, presumably 
because of low solubility at room temperature in the 
case of Cu-P alloys,’° and because of brittleness in 
alloys of high antimony content. Extrapolating the 
linear transitions to the approximate peak-height ra- 
tio values of the preceding investigation,' it is esti- 
mated that about 2.5 at. pct P or 1.5 at. pct Sb is nec- 
essary to complete the transition. In the Cu-As series 
the transition is completed at 3.0 at. pct As witha 
peak-height ratio slightly higher than that observed 
for Cu-Sn alloys, but comparable to the ratio for Cu- 
Ge alloys.' A solute content higher than that required 
for completion of the deformation transition results in 
the 70:30 brass type of deformation texture, such as 
that of Cu-3.50 at. pct As in Fig. 5. 

Recrystallization Textures. Copper-Phosphorus 
Alloys. The pole figures appearing in Figs. 6 to 10 
illustrate the influence of phosphorus upon the re- 

crystallization texture of copper; the evolutionary 
patterns of the individual recrystallization compon- 
ents are presented in Fig. 11. The methods employed 
to obtain Fig. 11, and the reasons for omitting the 
(001) [100] component from this figure, have already 
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Fig. 12—{200} Pole figure of a Cu-0.035 at. pct Sb alloy 
rolled 99.2 pct and annealed 1 hr at 400°C. 
C-(001) [100} A-{113} <211> type 
m-{012}<100> a — {358} <523> type 


been described in detail.' Because of the complexity 
of the preferred orientations in Cu-P alloys, some 
explanatory comments follow. 

Dilute alloys exhibiting orientations other than the 
cube component and its twins are categorically re- 
presented by {200} and {111} pole figures of the Cu- 
0.020 at. pct P composition in Figs. 6 and 7. Eight 
components are identified: (001)[ 100], {012} <100>, 
{234} <323>, {123} <233>, {227} <774>-1, {227} 
<774>-II, the twin of {227} <774>-II, and a compon- 
ent designated {110} <112>+ 14 deg. The {234} 
<323> and {123} <233> components, whose exact in- 
dices are {478} <747> and {257} <12,19,17, appear 
to be twin related; the {234} <323> component is also 
very close to a twin relation with the (001)[100] com- 
ponent, making it quite likely that the {123} <233> 
component is a second-order twin of (001)[ 100]. 

Recrystallization textures in dilute Cu-P alloys 
are complicated by the components designated {227} 
<774>—I and —II. The actual indices of the {227} 
<774>-I component are {227} <15,13,8>, related to 
the ideal {227} <774> orientation by a 4-deg rotation 
around the rolling plane normal. This slight difference 
from the ideal {227} <774> orientation is not illus- 
trated clearly in Fig. 6, but the peak shapes on the 
original chart recordings demonstrate the necessity 
of the rotated indices. Similarly, the indices of the 
{227} <774>-II component are {2,5,12} <553>, which 
is a radial split of the ideal {227} <774> orientation 
instead of the {227} <774>-I type of circumferential 
split. The stereographic coordinates of these ideal 
orientations are given in Table III. The {227} <774>— 
twin component shown in Figs. 6 to 8 seems best 
related to the {227} <774>-II orientation, resulting 
in the ideal indices {5,13,29} <2,15,T. 

The mutual proximity of certain of the cube poles 
of the ideal {227} <774>—I, {227} <774>—II. and 
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Table Ill. Observed Stereographic Coordinates of 
the Cube Poles of Cu-P Recrystallization Components 


Coordinates 

Ideal Indices Alternate Designation Beta* Alphaf 
44 21 
1478} <747> {234} <323> 156 44 
296 38 
6 52 
{257} <12, 19, 17> {123} <233> 117 15 
218 34 
0 67 
{227} <774> 133 16 
227 16 
6 68 
{227} <15, 13, 8> {227} <774>=I 138 14 
232 16 
24 66 
{2, 5, 12} <553> {227} <774> —II 132 8 
226 23 
19 20 
{225} <412> {227} <774> —I-Twin 152 61 
282 19 
¥ 23 
15, 13,29} <2. 15; 7> {227} <774> —II-Twin 171 65 
277 8 


*Rotation along the basic stereographic circle, counterclockwise from 
the rolling direction. 

tDegrees of tilt from the circumference along a diameter of the polar 
stereographic projection. 


{234} <323> orientations necessitates a graphical 
subtraction, using information from another {234} 
<323> cube pole that is not influenced by any adjacent 
pole concentrations, to determine the peak heights of 
the {227} <774> components. Furthermore, the peak 
heights of the {227} <774>-I component were meas- 
ured at the ideal {227} <774> position for simplic- 
ity; the values plotted in Fig. 11 are really the 
average interaction of two {227} <774>-I peaks 8 
deg apart. 

Both Yen? and Baldwin"! identified a {112} <111> 
component in the recrystallization textures of Cu-P 
alloys of approximately this same composition. In- 
asmuch as this orientation was not observed in the 
present investigation, the {112} <111> of the prior 
researches may have been confused with either or 
both of the {227} <774> types of components. The 
{227} <774>-I component is very similar to the {113} 
<785> orientation observed by Koh in ultra-thin 
molybdenum permalloy tapes.'?»!% 

Figs. 8 to 10, representing alloys of intermediate 
and high phosphorus content, display two strong re- 
crystallization components with {110} in the plane 
of the sheet. One of the components has a cube pole 
concentration on the periphery of the stereogram 21 
to 23 deg from the rolling direction, depending on the 
phosphorus content. The angle is 21 deg for alloys con- 
taining more than 0.20 at. pct P, so that the ideal orien- 
tation can be conveniently related to the {110} <112> 
orientation by a 14-deg counterclockwise rotation about 
the sheet normal, i.e., {110} <112> + 14 deg. Similarly, 
the other component with a cube pole 49 to 51 deg 
from the rolling direction (51 deg for the high-phos- 
phorus alloys) is equivalent to a 16-deg clockwise 


rotation, or {110} <112>-16 deg. Although the amounts A- 
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Fig. 13—{200} Pole figure of a Cu-0.19 at. pet Sb alloy 
rolled 99.2 pet and annealed 1 hr at 400°C. 
O-(001) [100] —{358} <523> type 
{012} <100> @— {227} <774>-1 
A~ {113} <211> type ®—{225} <412> 
—{110} <001> + 8° 


of these two components do not vary identically with 
phosphorus content, they usually occur together in 

the recrystallization textures; consequently, they can 
be denoted {110} <112>+ 15 deg without serious er- 
ror. One of the reasons the peak maxima values for 
the {110} <112>+ 15 deg orientations are so high is 
that these components have a multiplicity of two rather 


tro 


Fig. 14—{200} Pole figure of a Cu-0.82 at. pet Sb alloy 
rolled 99.3 pct and annealed 1 hr at 400°C. 
A—{227} <774>-I @—{110}<001> + 4° 

225} <412> 4 @—{110} <221>+ 4° 
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Fig. 15—{111} Pole figure of a Cu-0.82 at. pct Sb alloy 
rolled 99.4 pet and annealed 1 hr at 400°C. 

A—{227} <774>-I {110} <001>+ 4° 

—{225} <412> @ 9—{110} <221>+ 4° 


than the four usually associated with recrystallization 
components of high Miller Indices. 

Copper-Antimony Alloys. Figs. 12 to 15 typify the 
changes in recrystallization textures as antimony is 
added to copper, and Fig. 16 summarizes the evolu- 
tion of the individual components. A primary feature 
of dilute Cu-Sb alloys is the prominence of the {358} 
<523> component, illustrated in Fig. 12. In this re- 
spect, the influence of antimony is similar to that of 
tin.! The {113} <211> type of recrystallization com- 
ponent is also present in dilute alloys, Figs. 12 and 
13, although the amount is little affected by antimony 
content over the range of its existence. As the {358} 
<523> and {113} <211> types of components disap- 


10 


{227}<774>-1 


{ 
| 
| 
| 
| 


{358} <523> 


INTENSITY, MULTIPLES OF RANDOM 


| {012} <100> 


005 02 
Sb CONTENT, ATOMIC PERCENT 
Fig. 16—Evolution of recrystallization components in cold 


rolled Cu-Sb alloys annealed 1 hr at 400°C. 
( (001) [100] component omitted). 
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Fig. 17—Stereographic analysis, with corresponding sym- 
bols, of Fig. 16. 


pear at intermediate antimony contents, a component 
with the apparent indices {110} <001> appears in the 
recryStallization textures, Figs. 14 and 15. Actually, 
this component is a {110} <001> orientation rotated 
clockwise and counterclockwise about the rolling 
plane normal by an amount depending upon the anti- 
mony content. The rotation, measured on {111} 


Fig. 18—{200} Pole figure of a Cu-0.13 at. pet as alloy 
rolled 99.4 pct and annealed 1 hr at 400°C. 

<233> @—{012} <100> 

A—4{234; <323> @—{227} <774>-I 
100) O—{225} <412> 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


800 // 
Ol + 
(°) \ A 
¢ 6) 3 
= 
\ 
=> 
O )\\ 
2 150 
¢ 
| 
R.D. 
a 
150 
| /100 
| 60 150 
— + + + + 17 100 
4,700 
H = 400 
| SS 
| / 
{110} <oo1> 
4 + 4 4 + 
Q FANCY O 
| 
250 


Fig. 19—{111} Pole figure of a Cu-0.13 pct as alloy rolled 
99.4 pct and annealed 1 hr at 400°C. 

A— {123} <233> @—{012} < 100> 

A—{234} <323 > 774>—I 

(001) [100] ~O= {225} <412> 


chart recordings, varies from 8 deg in 0.057 at. pct 
Sb to 3 deg in 1.45 at. pct Sb. A {110} <001> recrys- 
tallization component was previously observed in a 
Cu-0.63 at. pct Sb alloy* and more recently in molyb- 
denum-permalloy tape.'® 
In addition to the components mentioned above, the 

{227} <774>-I and {225} <412> components are also 
present in most Cu-Sb recrystallization textures. 


Fig. 20—{200} Pole figure of a Cu-2.76 at. pet as alloy 
rolled 99.3 pet and annealed 1 hr at 400°C. 

A—{227} <774>-I —{110} <112> + 25° 
A—{225} <412> 4 —{110} <112> — 23° 


®- {203} <302> 
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Fig. 21—{111} Pole figure of a Cu-2.76 at. pct as alloy 

rolled 99.3 pct and annealed 1 hr at 400°C. 

a-{227} <774>- I @ —{110} <112> + 25° 

<412> — {110} <112> -23° 

®-{203 <302> 

Like the split {110} <001>, the {227} <774>-I com- 

ponent changes slightly with composition, and seems i 
to approach the ideal {227} <774> orientation with : 
increasing antimony content. The {225} <412> com- , 
ponent is in twin relation to the {227} <774>-I com- 


| | 


{iio} -23° 
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Fig. 22—Evolution of recrystallization components in cold 
rolled Cu-As alloys annealed 1 hr at 400°C. 
( (001) [00] component omitted). 
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Fig. 23— Deformation texture transition points and atom 
misfit for solute elements in copper. 


Number in square at upper right is lattice parameter change 
of copper,!5 Aa/Ac x 10°; number at lower center is atom 
percent of solute to initiate transition. 


ponent. Because each {227} <774>-I orientation is 
almost symmetrical with respect to the rolling direc- 
tion axis, it is not certain which of two possible {111} 
poles is the twinning pole. The chart recordings indi- 
cate that the pole concentrations associated with this 
component consist of several smaller peaks. The re- 
ported peak heights are therefore average values 
centered on the ideal {227} <774>—twin position. The 
similarity in the variations with composition of the 
{227} <774>—I and {225} <412> components serves 
to support the proposed twin relationship, Fig. 16. 

Two minor components with the designation {110} 
<221> + 4 deg, not included in Fig. 16, appear in the 
pole figures of the Cu-0.82 at. pct Sb alloy, Figs. 14 
and 15. These components are also characterized by 
{110} in the plane of the sheet, and can be alternately 
described as {110} <112>+ 31 deg and {110} <112> 
+ 39 deg. A stereographic analysis shown in Fig. 17 
reveals twin relationship among the five components 
{225} <412>, {227} <774>-1, {110} <001> + 4 deg, 
and {110} <221>+4 deg. The symbols of Fig. 17 cor- 
respond to those of Fig. 15 with the ideal orientations 
represented by heavy dots. Thus, the {110} <221>+ 
4 deg orientations are, geometrically at least, third- 
order twins of {225} <412>. 

Copper-Arsenic Alloys. Figs. 18 to 21 show that 
the recrystallization textures of Cu-As alloys are, in 
a sense, intermediate between those of Cu-P and Cu- 
Sb alloys. In the dilute alloys, represented by the Cu- 
0.13 at. pct As composition in Figs. 18 and 19, the 
{012} <100> is apparently the dominant component 
in a texture that includes the {234} <323>, {123} 
<233>, {227} <774>-I, and {225} <412> components. 
The latter two components persist to high arsenic- 
content alloys, and the {200} pole figure of the Cu- 
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Table IV. Rotational Relations between Deformation and 
Recrystallization Components 


Separation 
of Low In- 
Nearest dex Axis 
LowIndex andCen- Amount 
Axis to ter of Ro- of Related 
Recrystallization Center of tation, Rotation, Deformation 
Component Rotation Deg. Deg. Component 
(001) [100] <111> i) 44 {358} <523> 
{358} <523> <11i> 0 44 {358} <523> 
<111l> 0 38 {110} <112> 
{113} <211> {<u> 0 16 {358} <523> 
<111> 0 60 {358} <523> 
{234} <323> <11b 4 12 {358} <523> 
{123} <233> <111> 10 {358} <523> 
or 
{110} <112> 
{012} <100> <111l> 6 38 {110} <112> 
{227} <774> -I 32 {358} <523> 
<110> 9 30 {110} <112> 
{227} <774> —II <111> 10 {110} <112> 
{225} <412> <11b> 6 {358} <523> 
{110} <112> 
{5, 13, 29} {2, 15, 7} <111b> 11 {358} <523> 
11 {110} <112> 
{110} <112>+15 deg <110> 0 +15 {110} <112> 
{110} <112>+ 24 deg <110> 0 +24 {110} <112> 
{110} <001> + 4 deg <110> 0 -31 {110} <112> 
{110} <001> - 4 deg -39 
{110} <221> + 4 deg <110> 0 +31 {110} <112> 
{110} <221> - 4 deg +39 


2.76 at. pct As alloy, Fig. 20, clearly demonstrates 
the split of the ideal {227} <774> orientation around 
the sheet normal. 

Alloys of high arsenic content exhibit strong re- 
crystallization components with {110} in the plane of 
the sheet, as do the Cu-P and Cu-Sb alloys. Concen- 
trations of cube poles occur on the periphery of the 
stereogram centered at 9 to 11 deg and 57 to 59 deg 
from the rolling direction. Taking the mean positions 
as 10 and 58 deg, the components may again be re- 
ferred to the {110} <112> orientation as {110}<112> 
+ 25 deg and {110} <112>—23 deg, or for convenience 
{110} <112> + 24 deg. The relative amounts of each 
of the recrystallization components over the inves- 
tigated range are given in Fig. 22. 

It is seen in Figs. 18 and 19 that the intensities of 
the {012} <100> component, unlike the other compon- 
ents, are not the same on the {200} pole figure as on 
the {111}. This situation was also observed with the 
Cu-P and Cu-Sb series, although to a lesser degree. 
As was pointed out previously,’ the cube component 
pole concentration originally at the transverse direc- 
tion of {200} pole figures appears to spread along the 
equator toward the sheet normal direction with 
increasing solute content, thus augmenting the 
{012}<100> component pole concentration 26 deg 
from the transverse direction. In addition, {200} 
poles of the {225} <412> component obscure the true 
height of the {012} <100>. It is also possible that the 
differences between the {200} and {111} peak heights 
of the pole concentrations on the equator at 26 deg 
from the transverse direction are due in part to an 
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as yet unidentified minor component. Consequently, 
all the {012} <100> component peak heights plotted 
in Figs. 11, 16, and 22 are derived from data taken 
from {111} chart recordings. 


DISCUSSION 


Deformation Textures. It appears from the results 
of the peak-height ratio method that all solute 
elements exert the same type of influence upon the 
deformation texture of copper. As seen in Figs. 2 to 
5, and in pole figures from past work,'»*»*%14 the cop- 
per type of deformation texture changes toward the 
70:30 brass type as the alloy content increases, re- 
gardless of the solute element. In the Cu-Subgroup 
V-B alloys the composition point at which the de- 
formation transition begins moves to lower alloy 
content as the ion-core size of the solute increases 
from phosphorus to antimony, as illustrated in Figs. 
1 and 23. The number in the lower center of each 
square of Fig. 23 is the at. pct of solute at which 
the deformation transition begins. Texture transi- 
tions in Cu-Ge, Cu-Sn, and Cu-Si alloys are also con- 
sistent with this ion-core effect, as shown in the lat- 
ter figure. 

Smallman* demonstrated a correspondence between 
misfit of solute atoms in the solvent fcc lattice and 
the quantity of solute element needed to complete the 
deformation texture transition. Peak-height ratio 
data for transition completion have been obtained 
only for Cu-Ge, Cu-Sn, and Cu-As alloys, so it is not 
possible to test Smallman’s correlation rigorously. 
However, even for these three solutes the transition 
end points of 4.3, 3.5,and3.0 at. pct Ge, Sn, and As 
respectively, do not correlate with the Aa/Ac x 10° 
values of 3.3, 10.1, and4.7 for the same elements in 
the copper lattice. Since the information on texture- 
transition completion is neither as extensive nor as 
precise as for the start of the transition, it is more 
informative in this case to compare atom misfit (the 
numbers in the smaller boxes of Fig. 23) with the 
quantity of solute element required to initiate the tex- 
ture transition. The misfit values correlate well with 
texture transition points within each column (sub- 
group) of Fig. 23 and within each horizontal row, but 
among all the solute elements there is not an unequiv- 
ocal correlation. Apparently elastic interaction, al- 
though important, is not sufficient as a criterion of 
deformation behavior. Perhaps it would be better to 
attribute the changes in deformation modes simply to 
a combination of electronic interactions (horizontal 
rows in Fig. 23) and ion-core interactions (vertical 
columns in Fig. 23) rather than to misfit energy or 
elastic interactions. For each type of solute change, 
electronic or ion core, the texture-transition changes 
are relatively consistent. 

Not only are the specific atomic interactions that 
change deformation modes unknown, but the changes 
in the modes themselves have not been adequately 
described for polycrystals. Both Calnan’’ and Small- 
man*® have suggested that the differences in deforma- 


and “overshoot” when strained in tension. In particular, 
Calnan has offered an explanation of the observed 
deformation textures based upon the initial crys- 
tallographic rotations of single crystals strained in 
tension or compression. Alloying delays the onset 

of duplex slip in single crystals, and undoubtedly 
alters the lattice rotations in the early stages of 
strain. However, it must be appreciated that indivi- 
dual crystals in a polycrystalline matrix cannot be 
limited to one or two glide systems. In order to pre- 
serve grain boundary contiguity several glide sys- 
tems must function simultaneously; Taylor specified 
a minimum of five systems.'® It is unlikely that sin- 
gle-crystal rotations involving one or two glide sys- 
tems are appropriate without modification for poly- 
crystals that deform by many glide systems, and the 
differences in glide mechanisms between alloyed and 
unalloyed fcc polycrystals must be considered still 
uncertain. 

Calnan also proposed that a major end orientation 
in the rolling textures of unalloyed fcc metals is of 
the {113} <121> type, but from his analysis, or from 
any preceding,'* it is not clear why this should be so 
even if the specific initial differences in single-crys- 
tal rotation pertain to polycrystals. According to 
Calnan, the {113} <121> type of orientation is gene- 
rated by competition between tension and compression 
rotations for certain orientations. However, still as- 
suming that single-crystal rotations are appropriate, 
the compression axis cannot oscillate around the 
[113] position without moving gradually toward [110], 
since the compression rotations even in the region 
of [113] are not exactly parallel to the [100] -[111] 
symmetry line. Small portions of such a compromise 
orientation would constantly be breaking away from 
the “pseudo-equilibrium” {113} <121> to move toward 
{110} <112>, and fcc rolling textures would all ap- 
proach {110} <112> in the limit as rolling reductions 
increase. This has not been observed experimental- 
ly.'® Consequently, explanation of the differences in 
textures awaits a more comprehensive description, 
either theoretical or experimental, of crystal defor - 
mation modes and rotations as a function of orienta- 
tion, composition, and strain in a polycrystalline ma- 
trix. 

Piercy, Cahn, and Cottrell?° demonstrated elegantly 
that overshooting in a-brass single crystals is due to 
the difficulty that slip on the conjugate system expe- 
riences in cutting through the active slip planes. Re- 
cent explanations of overshoot in terms of solute ele- 
ment locking of dislocations on the conjugate glide 
system, or migration of vacancies away from planes 
of the active slip system thus appear to be disproved, 
whereas the old hypothesis of “latent hardening” is 
strongly supported. The absence of overshoot in un- 
alloyed single crystals indicates an exceptionally 
turbulent deformation in which an equal number of 
barriers to primary slip are formed (by slip on in- 
tersecting systems) as barriers on the conjugate 
slip system. On this basis, perhaps an extension of 


tion textures between copper and its alloys are related Calnan’s ideas will provide the nucleus for explana- 


to the tendency of alloy single crystals to easy glide 
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tion textures. Probably the fundamental difference in 
deformation modes between alloyed and unalloyed fcc 
metals resides in the number and choice of operative 
systems,”! and the relative amount of glide on each 
of the concurrently operating systems. Overshoot in 
single crystals is the continued operation of one 
glide system rather than conjugate slip; in polycrys- 
tals the analogous situation may be slip on five or 
six rather than eight or more systems. It remains 
to rationalize, in terms of the various electronic and 
ion-core interactions in the solvent lattice, the rela- 
tively invariant influence of any solute element upon 
deformation textures. 

Recrystallization Textures. Some insight into the 
evolutionary pattern of recrystallization textures in 
Cu-Subgroup V-Balloyscan be gained by a compari- 
son of the deformation transition curves, Fig. 1, with 
the curves showing the peak heights of each of the re- 
crystallization components at the various composi- 
tions, Figs. 11, 16, and 22. As a first approximation, 
it appears as if there are two “generations” of re- 
crystallization components, those appearing before 
and those appearing after the deformation transition 
commences. For instance, significant intensities of 
the {358} <523>, {113} <211>, {234} <323>, and {123} 
<233> types of components do not persist much be- 
yond the start of the deformation transition. Correla- 
tion of the {358} <523> type of recrystallization com- 
ponent with the deformation textures is consistent 
with the explanation offered before!; the {358} <523> 
recrystallization component originates in the {358} 
<523> deformation component. 

The behavior of the {113} <211> type of recrystal- 
lization component is a departure from previous ob- 
servations and analyses. In almost all the past work 
with binary copper alloys, increasing the alloy con- 
tent increased the amount of {113} <211> type of com- 
ponent in the recrystallization texture, or else pro- 


duced complex textures approaching randomness.*s4,®,!4 


In many cases the {113} <211> component consti- 
tutes essentially a one-component recrystallization 
texture at or near the solid solubility limit, as typ- 
ified by 70:30 brass. These observations of the par- 
allel development of the 70:30 brass type of defor- 
mation texture and the {113} <211> recrystalliza- 
tion component led to the suggestion that the {113} 
<211> is the terminal recrystallization component 
in binary copper alloys, or, forthat matter, fcc al- 
loys in general.?* Now it is seen that the deformation 
texture of the Cu-3.50 at. pct As alloy (Fig. 5) is of 
the 70:30 brass type, but there is no significant 
amount of {113} <211> in the recrystallization tex- 
ture. Instead, recrystallization components with 
{110} in the plane of the sheet are the terminal com- 
ponents for the Cu-Subgroup V-B alloys. 

Each alloy series exhibits at least one major re- 
crystallization component with {110} in the plane of 
the sheet, but no two of the series show precisely the 
same {110}-components. In proceeding down Peri- 
odic Subgroup V-B from the smallest (phosphorus) 
to the largest (antimony) solute ion-core, it is seen 
that the geometrical relation of the {110}-compon- 
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ents to the {110} <112> orientation is an increasing- 
ly larger rotation around the rolling plane normal, 
i.e., + 15, + 24, + 32 deg. Moreover, these {110}- 
recrystallization components can be conceived of as 
the “characteristic” recrystallization components of 
each alloy series, since they are the only components 
peculiar to a given alloy type. The Cu-Subgroup V-B 
alloys develop different annealing textures than do 
other binary copper alloys having the same 70:30 
brass deformation texture, but Subgroup V-B copper 
alloys having the same degree of deformation tex- 
ture transition have essentially the same annealing 
textures, except for the characteristic components. 
This is not to say that the characteristic components 
are wholly unrelated to the deformation matrices. As 
shown best by the Cu-P and Cu-As alloys, the rapid 
increases in peak heights of the {110} <112> + 15 
deg and {110} <112> + 24 deg components coincide 
well with the deformation texture transition. One may 
thus conclude that the deformed-matrix orientations 
are an important, but not the only, factor in the devel- 
opment of recrystallization orientations. 

The existence of the {110} <112> + X deg and {227} 
<174 types of recrystallization components neces- 
sitates revision of the usual correlations between de- 
formation and recrystallization textures. Neither of 
these types of components can be related by an obvi- 
ous <111> relation to any of the orientations thought 
to constitute the deformation textures of cold-rolled 
fcc metals. Therefore, it may be deduced that the 
often-observed <111> rotational relation between 
recrystallized grains and the deformed matrix is 
the manifestation of a process that may be only one 
of several possible recrystallization mechanisms. 
Hypotheses requiring a <111> rotational relation- 
ship can account for the origin of some, but not all, 
of the observed recrystallization components. Some 
possible geometrical relations between deformation 
components and the recrystallization components 
observed in Cu-Subgroup V-B alloys are summar- 
ized in Table IV. A <111> rotation is seen to appl 
well only to the (001)[100], {358} <523>, and {113 
<211> types of recrystallization components. Seven 
of the remaining recrystallization components pos- 
sess {111} poles within 12 deg of tl amen of the 
deformation components, making it possible to im- 
pose an approximate <111> rotation, but the repro- 
ducible nature of the angular separation of deforma- 
tion and recrystallization {111} poles makes the im- 
posed <111> rotations appear more artificial than 
intrinsic. Of course, the rotational relations of Table 
IV were compiled for only two deformation orienta- 
tions, {110} <112> and {358} <523>, and it is con- 
ceivable that a better correlation might be found with 
minor undetected deformation components. 

Both the {110} <112> + X deg and the {227} <774> 
types of components can be accounted for by the rota- 
tional reorientation concept if the restriction of a 
<111> rotation is not imposed. As is implicit in the 
designation, the {110} <112> + X deg components are 
related to the {110} <112> deformation component 
by rotation about a <110> axis which is also the rol- 
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ling plane normal. Evidence from the present investi- 
gation cannot be used to differentiate between the two 
kinds of axes. However, annealing of an aluminum 
single crystal cold-rolled from an initial {110} <112> 
orientation resulted in recrystallized grains related 
to the deformed matrix by <110> rotations.”° In this 
case a latitudinal spread of the {110} <112> orienta- 
tion was developed by the cold rolling. When such a 
deformation spread was absent in a subsequent inves- 
tigation of aluminum single crystals with the same 
initial orientation, the <110> rotational relationship 
was not observed after annealing.** In the aluminum 
crystal that did show the <110> rotations, the func- 
tional {110} poles were those of planes containing a 
<111> zone axis parallel to the transverse direction. 
One rotation was a unidirectional 30 deg about the 


<110> parallel to the rolling plane normal, and 
yielded an orientation close to the off-{110} <001> 
component in Cu-Sb alloys. Rotations of 30 deg 
around the other two {110} poles of the transverse 
<111> zone resulted in an orientation not far from 
the {227} <774>-I component. The various <110> 
rotations found in the present work are also listed 

in Table IV. Although it is emphasized that all the 
correlations are geometrical, the unambiguous gene- 
ration of {110} <112> + X deg recrystallization com- 
ponents from {110} <112> deformation textures 
strongly suggests that <111> rotational relations be- 
tween deformation and recrystallization components 
in fcc metals may not always have significance. 

The formation of annealing twins is another possi- 
ble mechanism for the origin of some components of 
the recrystallization textures, as was discussed in 
the previous study.! Further support for this con- 
cept is received from observations of several orders 
of twin-related orientations during this investigation. 
In Cu-P and Cu-As alloys the recrystallization com- 
ponents may be divided into one low alloy and two 
high alloy twin series. The low alloy sequence is 
composed of, in the probable twinning order, (001) 
[100], {234} <323>, and {123} <233>. The high al- 
loy series are {225} <412> and {227} <774>-I, as 
well as {110} <112> + 15 deg in Cu-P or {110} 
<112> + 24 deg in Cu-As. Attention is called to the 
fact that each component of the type {110} <112> + 
X deg consists of four orientations, and that each such set 
of four orientations is composed of two twin-related 
pairs of orientations. In Cu-Sb alloys, the low solute 
series is {358} <523> and {113} <211> types, and the 
high solute series is {225} <412>, {227} <774>-I, 
{110} <001> + 4deg, and {110} <221> + 4 deg. It 
was noticed that {110} <221> + 4 deg recrystalliza- 
tion component is also in twin relation to the {110} 
<112> orientation. It is quite possible that the low 
and high solute sequences in each alloy series are 
connected by an undetected high-indices component 
or components. Further experiments are necessary 
to elucidate this concept of the origin of annealing 
textures. 


SUMMARY AND CONCLUSIONS 
1) The peak-height ratio technique, proposed in a 
previous study, adequately describes the transition of 
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deformation textures in Cu-Subgroup V-Balloys. It is 
found that the copper type of deformation texture be- 
gins to change when the composition of the alloys 
reaches 0.43 at. pct P, 0.41 at. pct As, or 0.24 at. 
pct Sb. Transition to the 70:30 brass type of defor- 
mation texture proceeds linearly as the logarithm 

of the solute content of the copper. 

2) All the solute elements investigated to date 
cause the deformation texture of copper to change 
toward the 70:30 brass type. The composition at 
which the deformation transition begins is moved 
consistently to lower solute content as the ion core 
size or the number of electrons of the solute atoms 
is increased. Elastic interaction of the solute atoms 
with the copper lattice correlates with the degree of 
texture transition if either the ion core size or the 
number of electrons of the solute atoms remains 
relatively constant. However, there seems to be no 
general correlation of solute-atom misfit with tex- 
ture transition. 

3) The recrystallization components of Cu-Sub- 
group VB alloys appear to evolve in two stages as a 
function of composition. Components in the first 
stage are those observed in previous investigations 
of copper alloys. In the second stage the {113} <211> 
recrystallization component, usually occurring as the 
terminal component of copper solid solution alloys, 
is replaced by new recrystallization components. 

One set of terminal components has {110} in the 
plane of the sheet, and thus can be geometrically re- 
lated to the {110} <112> deformation component by 
rotation about the sheet normal. The rotation relat- 
ing {110} <112> and the recrystallization components 
increases with increase in the ion-core size of the 
solute atoms, z.e., + 15 deg for phosphorus, + 24 deg 
forarsenic, and + 32 deg for antimony. 

4) Two of the new recrystallization components, 
{110} <112> + X deg and {227} <774> types, are not 
related by <111> rotations to the major orientations 
in the deformation textures, and several other recrys- 
tallization components are only imperfectly related 
to the deformation orientations by <111> rotations. 

It is deduced, therefore, that the often-observed <111> 
rotational relation reflects a recrystallization mech- 
anism that is not unique. 
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The Strain Rate and Temperature Dependence of the 


Yield Point in Mo in Torsion 
D. Weinstein, G. Sinclair, and C. Wert 


Yielding in annealed arc-cast molybdenum in tor- 
sion was studied as a function of strain vate and tem- 
perature. The temperature dependence of the yield 
point for different strain rates was used to calculate 
a heat of activation for the yield point. The heat of 
activation was not a constant but was approximately 
a linear function of the stress at yield. It is pro- 
posed that the vate effect in yielding is determined 
in part by a site place-change of C (or other inter- 
stitial atom) in the metal. 


Tue low-temperature embrittlement phenomenon 

in metals and alloys has been known to exist for a 
long time. Although a transition from ductile to brit- 
tle behavior has been observed in some close-packed 
hexagonal metals' and a face-centered cubic alloy, 
the most common class of metals exhibiting this be- 
havior has a body-centered cubic lattice structure. 
For example, a ductile to brittle transition has been 
observed in iron,* molybdenum,* chromium,* colum- 
bium,® and tungsten.’ In the present investigation, 
molybdenum specimens were tested in torsion over 
a wide range of temperatures at three widely sepa- 
rated strain rates, and the temperature for onset of 
embrittlement was determined. 

Characteristic of body-centered cubic metals and 
closely associated with plastic deformation is the 
appearance of a sharp upper and lower yield point. 
Theoretical explanation of the yield point in iron and 
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low-carbon steel is due to Cottrell,® who attributes 
the phenomenon to the pinning of dislocations by the 
formation of impurity atmospheres around the dislo- 
cations. These atmospheres tend to lock the dislo- 
cations and make them more difficult to move. The 
stress required to move a dislocation and thereby 
cause plastic deformation is greatly increased, and 
thus an upper yield point is observed. In addition, 
theoretical analysis,? as well as experimental obser - 
vations, show that the upper yield point is strongly 
a function of temperature. The upper yield point is 
observed to decrease with an increase in testing 
temperature, and above a certain temperature 
(~700°K in iron) it no longer appears. This is con- 
sistent with the concept that thermal vibrations will 
help free a dislocation from its atmosphere, so that 
the external stress required to free a dislocation from 
its pinning atmosphere decreases with increasing 
temperature. Furthermore, with increasing temper- 
ature the equilibrium concentration of impurity atoms 
around a dislocation decreases exponentially with the 
result that the dislocation is less firmly pinned. 

In Cottrell’s theory of yield point a static model is 
visualized in which the pinning atmospheres, particu- 
larly interstitial atoms, are immobile, and the dislo- 
cations are anchored to stationary positions in the 
lattice. However, experiments’? show the upper 
yield point to be time-dependent or a function of the 
rate of straining, a high strain rate causing a high 
upper yield point. Present theory does not adequately 
account for the rate dependence of the yield point, and 
the exact function of the interstitial atom is not under- 
stood. Nevertheless, observation of the temperature 
dependence and rate dependence strongly suggests 
that the upper yield point phenomenon is due to the 
interaction between dislocations and pinning atoms, 
and that a diffusion mechanism is important in de- 
termining the yield point. 
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Table |. Chemical Analysis of Molybdenum in ppm 


205 
N 10 
O 30 
Fe 52 
B 8 
Co 150 
Mn 38 
Cd 150 
Al 120 
Mg 15 
Zn 150 
Sn 38 
Cu 750 
Pb 
Cr 38 
Si 
Ti 75 
Ni 8 
V 15 
Na 150 
Ag 15 


Recent fracture theory'°~'* has postulated that in 
steel, and probably in other body-centered cubic 
metals, fracture is started or nucleated by the oc- 
currence of plastic deformation. The generation of 
a crack depends upon a certain train of events. First, 
dislocations are thought to break away from their 
locking atmosphere under the influence of the applied 
external stress. The movement of the freed disloca- 
tions is eventually stopped by grain boundaries and 
the dislocations are caused to pileup at these boun- 
daries. These piled-up groups are thought to be able 
to form a crack under proper conditions. Fracture 
follows if this crack can propagate indefinitely. 

If a crack is to form, the material around the 
piled-up groups of dislocations must not yield, and 
this condition is satisfied when the existing Frank- 
Read sources are locked in the manner described by 
Cottrell. Furthermore, either the formation of a 
crack or the yielding of the material around a piled- 
up group is likely to be a function of temperature, 
for the locking of Frank-Read sources is thought to 
be strongly dependent on the temperature. For exam- 
ple, a theoretical analysis'* of the interaction of so- 
lute atoms with dislocation walls shows that for an 
interaction energy of 1 ev between solute and dislo- 
cation, the dislocations might be completely saturated 
at 500°K in a typical body-centered cubic metal; 
whereas, at 700°K the dislocation might be only one- 
tenth saturated. Thus, if the temperature is low 
enough to lock the Frank-Read sources, the material 
is likely to be brittle, for the piled-up groups of dis- 
locations will form cracks which can propagate under 
the action of the applied external stress. Basically 
then, the mechanistic explanation of the low-temper- 
ature embrittlement phenomenon is found in the inter- 
action between dislocations and pinning atoms which 
interfere with dislocation motion at low temperature. 

The observations pointed out above, plus the furth- 
er fact that the transition from ductile to brittle be- 
havior is not determined by temperature alone, but 
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Fig. 1—The geometry of the specimens. 


also by rate of loading, suggest that the embrittle- 
ment of body-centered cubic metals at low tempera- 
tures may be caused in part by the sluggish move- 
ment of interstitial impurities. If this is a major 
factor, then it should be possible to determine a heat 
of activation for the embrittlement phenomenon. One 
of the purposes of this investigation was to deter- 
mine whether a heat of activation exists for the on- 
set of low-temperature embrittlement, and if it does, 
to try to relate this heat of activation with the behav- 
ior of a specific interstitial atom. 


SPECIMENS AND APPARATUS 


A) Materials and Specimen Geometry. The high- 
purity, arc-cast molybdenum used in this investiga- 
tion was obtained from the Climax Molybdenum Co. 
in the form of 5/8-in. diam rods in the annealed con- 
dition. The grains of this material were equi-axed 
and fairly uniform in size; the microstructures show 
no evidence of any remaining cold deformation. The 
grain size was approximately 950 grains/ mm? (about 
ASTM No. 7). Chemical composition of the molyb- 
denum used is given in Table I. 

Hollow torsion specimens with the dimensions 
shown in Fig. 1 were machined from the as-received 
rod. The critical dimensions were held to within 
0.002 in. To prevent fracture from occurring at the 
fillets, a slight undercutting of the gage length was 
necessary. The hole through the specimen was 
reamed and honed to give a reasonably smooth finish, 
the wall thickness was chosen large enough to prevent 
failure by plastic buckling. 

B) General Description of Torsion Testing Machine. 
The testing machine used in this investigation was a 
mechanical apparatus designed to apply a pure tor- 
sional load to one end of the test specimen while the 
other end was held fixed. It is a slight modification 
of an apparatus used by Work and Dolan, who des- 
cribe it in detail.?4 With the device as it was used 
here, a wide variation in loading rates was possible, 
strain rates from 0.005 to 12.5 per sec being attain- 
able. Strain rates lower than 0.005 per sec would 
have been possible, but 12.5 per sec was about the 
upper limit of the apparatus as we used it. This 
range was, however, quite adequate to show the ef- 
fect we wished to observe. 

The recording of data was done with an oscillo- 
graph. Again this will not be described in detail since 
it is reported in a thesis (Daniel Weinstein, 1958) at 
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Fig. 2—Typical torque-strain records for the three testing 
rates used. The ordinates show the torque applied to the 
specimen, The abscissae are surface strains (or time since 
these two are proportional). The scale of the strain is 
shown for each curve by an appropriate angle interval. 


the University of Illinois. Typical pieces of data for 
each of three strain rates used in this work are 
shown in Fig. 2; these illustrate the ability of the 
equipment to show the elastic portion of the curve, 
the upper and lower yield points and the further de- 
formation of the specimen to fracture. (Note in Fig. 

2 the zig-zag traces just below the torque time traces 
for the two faster strain rates. These are a second 
set of oscilloscope traces which allow the strain to 
yield and fracture to be calculated.) 

The maximum strain rate of 12.5 per sec is close 
to the limit of reliability of the apparatus. This lim- 
it is set by the ability of the weighbar and oscillo- 
graph to respond to the torque in the specimen. The 
first of these, the reliability of the weighbar was 
checked by comparison on a dual beam cathode ray 
oscilloscope of output signals from electric SR-4 
strain gages, one set attached directly to the speci- 
men, and one set on the weighbar itself. Differences 
were no more than 3 pct which is well within our 
ability to read the trace. The ability of the galvano- 
meter of the Hathaway oscillograph to respond to 
this signal rate was also checked by comparison of 
its trace to that of a cathode ray oscilloscope for the 
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Fig. 3—Typical fractures of annealed molybdenum speci- 
mens loaded in torsion at 0.25 per second. A) Ductile: 
120°C, 1000-deg twist. B) Brittle: —160°C, 10-deg twist. 


same signal. Again the differences were small. It is 
concluded therefore, that the apparatus does give re- 
liable information at the highest strain rate, though 
calculations show it to be close to the limit. 


RESULTS 


Prior to the start of the testing program on an- 
nealed molybdenum, exploratory tests were carried 
out on specimens of SAE 1020 steel, and on small 
diameter solid specimens of arc-cast molybdenum 
in the as-swaged condition. Tests were made at tem- 
peratures down to -196°C with neither material ex- 
hibiting brittle behavior with a strain rate of 12.5 
sec™!. Shear fracture occurred after many degrees of 
twist, with the fracture surfaces being normal to the 
axis of the specimen. For the as-swaged molybdenum 
specimen, gross plastic deformation occurred ina 
zone of approximately 1/4-in., and a very sharp line 
of demarcation existed between this deformed region 
and the adjacent material. This behavior is quite dif- 
ferent from experience with tensile testing, for tensile 
tests on these materials at comparable temperature 
and strain rate would certainly result in brittle frac- 
ture. There are numerous papers in the literature 
which show this. Apparently a change in the state of 
stress from tension to torsion is very effective in de- 
pressing the ductile to brittle transition. 

The major part of this investigation consisted of 
the testing of the annealed, arc-cast molybdenum 
specimens over a wide range of temperature at strain 
rates of 0.005, 0.23, and 12.5 sec™'. Two typical 
fractures are shown in Fig. 3, one ductile and one 
brittle. For the ductile specimen, large plastic de- 
formation took place within the gage length, and a 
shear fracture occurred normal to the specimen ax- 
is resulting in a dull, “mattelike” fracture surface. 
The brittle specimen is characterized by the absence 
of measurable ductility and a bright, crystalline, 
helical fracture occurring normal to the direction 
of maximum tension. The brittle fracture is catas- 
trophic in that failure occurred with great speed and 
resulted in many pieces of specimen. 

Using a strain rate of 12.5 sec™', these specimens 
first exhibited a measurable loss of ductility at ap- 
proximately -50°C. This behavior can be compared 
to the results obtained for the as-swaged solid mo- 
lybdenum specimens where, using the same strain 
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Fig. 4— Propagation of cracks in annealed molybdenum 
tested at —196°C using a strain rate of 12.5 per second. 
Etchant: Alkaline K,Fe(CN), solution. X200. Reduced 
approximately 23 pct for reproduction. 


rate, large plastic deformation was observed down 
to -196°C. These observations are in agreement 
with previous ones that cold working is effective in 
lowering the ductile to brittle transition temperature. 

The tests on annealed molybdenum offer further 
evidence for the importance of state of stress in de- 
termining the transition range, as is known from 
earlier studies. Tensile tests on recrystallized 
molybdenum® show zero ductility at approximately 
25°C. For torsion tests at a comparable strain rate 
(0.25 sec™'), it was found that loss of measurable 
ductility did not occur until the test temperature was 
depressed to -100°C. This comparison is significant 
inasmuch as grain size, composition, prior metallur- 
gical history, and strain rates were almost identical, 
only the state of stress was changed in the two tests. 

A photomicrograph of a typical brittle specimen is 
shown in Fig. 4 for a specimen being tested at -196°C 
with a strain rate of 12.5 sec™'. One sees that the 
fracture propagates both transgranularly and inter- 
granularly with a tendency for the latter to be favored. 
Strain markings were found in a few grains in the 
vicinity of the fracture which might be said to re- 
semble Neumann bands (mechanical twins), however, 
no attempt was made to determine the nature of these 
markings. Bechtold earlier reported strain patterns 
in molybdenum which do closely resemble mechanical 
twins. 

From oscillograph records such as those shown in 
Fig. 2, the upper yield point and angle of twist to 
fracture were determined. The upper yield point vs 
temperature and angle of twist vs temperature were 
plotted for the three strain rates previously men- 
tioned, and are shown in Figs. 5 and 6, respectively. 
These curves show normal behavior for body-centered 
cubic metals in that, at a given test temperature, 

a high rate of straining will result in a higher yield 
stress and lower ductility than that caused by a low 
rate of straining. Other investigators have obtained 
similar results on molybdenum by tensile testing. 
Note the straight-line behavior of the yield-point 
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Fig. 5—The upper yield point as a function of temperature. 
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Fig. 7—The heat of activation is approximately a linear 
function of the yield stress. The spread of the calculated 
values for AH is shown by the height of the lines at each 
value of yield stress, 


curves and the almost exact parallelism between 
them. 

Note in addition the peculiar behavior of the yield- 
point curve obtained using a strain rate of 12.5 sec™'. 
In this curve the yield point goes through a maximum 
at -120°C and then drops to a stress of 87,000 psi at 
-196°C. An attempt was made to verify this drop in 
yield point by carrying out a series of tests ata 
strain rate of 7.7 sec™'. The results of these tests 
showed the yield point to remain constant below 
-100°C, but no drop in yield point was observed. It 
is possible that the behavior observed at the highest 
strain rates is associated with an increase in “notch 
sensitivity” to surface imperfections. At a given 
strain rate, preyield microstrain goes through a max- 
imum as a function of temperature as shown by Bech- 
told, Wessel and others. 


DISCUSSION 


Two topics will be considered in the discussion of 
the results. They are: a) the observation of yield 
points greater than the fracture stress, and b) the 
determination of a heat of activation associated with 
the embrittlement phenomenon. Discussion of these 
topics will be presented in the paragraphs to follow. 

a) From Figs. 5 and 6, we have determined that 
brittle fracture occurs when the yield point reaches 
a value of approximately 90,000 psi. However, the 
data obtained at a strain rate of 12.5 per sec shows 
yield points greater than this value. This observation 
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requires some explanation. The brittle fracture con- 
cepts originally developed by Ludwik, who proposed 
that brittle fracture occurs when the temperature is 
such that the yield strength equals the brittle frac- 
ture strength, are not able to explain yield points 
greater than the fracture stress. Mott,'° Stroh,'! 
Petch,’? and Cottrell'® have proposed a model which 
can offer an explanation, however. They suppose that 
yielding must precede fracture and postulate that dis- 
locations gliding along a slip plane will pile up at 
grain boundaries. These piled-up dislocation arrays 
act as Griffith’s cracks. The yield point is thus the 
stress required to nucleate a crack, and the fracture 
stress is the stress required for propagation of the 
crack. Since yielding on this model must, therefore, 
precede fracture, decreasing the temperature below 
the maximum brittle temperature can result in an 
increase in yield point over the fracture stress (as 
is observed). 

b) From the yield-point curves in Fig. 5, a heat 
of activation was calculated. We supposed that the 
strain rate, €, depends on stress, o, and tempera- 
ture, 7, through some equation 

= f(a)e~SH/RT [1] 
If f(a) is not a function of temperature, then AH may 
be calculated from the yield-point data in a standard 
manner. 

The results of these calculations show that AH is 
not constant but varies with the magnitude of the 
yield point. This behavior is clearly obvious in Fig. 
5 since the three curves are about parallel in T it- 
self (not 1/7). The variation of AH is large, being 
about 27,000 cal per mole at 30,000 psi and only 
5,600 cal per mole at about 90,000 psi. Further- 
more, the value calculated for AH is about a linear 
function of stress up to about 85,000 psi; the calcula- 
tions are shown in Fig. 7. The linearity may be only 
approximate since lines with slight curvature might 
also be drawn through the calculated points. We will, 
however, assume that the relationship is linear. Note 
that the value of AH corresponding to zero stress is 
about 36,000 cal per mole. , 

If our initial postulate is correct; z.e. that the time 
effects in yielding are caused by motion of an inter- 
stitial; then we should expect that the activation ener - 
gy determined above would be the same as that for 
motion of one of the interstitial impurities in Mo. 
This interpretation is plagued by two troublesome 
features, the nonconstancy of AH and the lack of dif- 
fusion data for impurities in Mo. In answer to the 
first of these, we will suppose that AZ is indeed in- 
fluenced by stress in some unknown manner. Then 
the AH appropriate for comparison with a diffusion 
experiment should be that corresponding to zero 
stress, namely 36,000 cal per mole. The second 
point, that of the diffusion data, is described as fol- 
lows. 

Experimental measurements of diffusion coefficients 
and heats of activation for the diffusion of interstitial 
atoms in molybdenum are virtually nonexistent. How- 
ever, a heat of activation for the diffusion of carbon 
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in molybdenum has been reported.”* This measure- 
ment was obtained by the method of chemical analysis 
of different regions following diffusion in a chemical 
gradient. The value obtained was 33,400 cal per 
mole. This value compares closely with the value 

of 36,000 cal per mole cited above. This comparison 
suggests that the diffusion of carbon determines the 
yield point or controls the onset of embrittlement 

(if the yield point is indeed due to interstitial atoms 
pinning the dislocations). However, the heats of acti- 
vation for the diffusion of other interstitial atoms in 
molybdenum are not known, and it is possible that 
another interstitial, particularly nitrogen, may have 
a heat of activation that is also close to 36,000 cal 
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Grown from the Melt 
P. E. Doherty and R. S. Davis 


Subboundaries and micropores, as well as certain 
other imperfections, may be revealed in aluminum by 
the formation of pits on the surface during cooling 
from elevated temperatures. The pits are attributed 
to the condensation of vacancies from supersaturated 
solution, This ‘‘vacancy pit’’ phenomenon has been 
used as an etching technique for studying the struc- 
ture of aluminum specimens grown from the melt. 
Three fundamental structures were studied: stria- 
tions, cells, and dendrites. Two types of striations, 
as well as a crosswise structure are reported. Mic- 
roporosity is observed to occur in the cell walls on 
freezing. Subboundaries between primary, secon- 
dary, and tertiary branches are observed in dendritic 
growth, A special case is cited in which cellular 
growth suppresses the formation of striations. 
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per mole. Nevertheless, the value of 36,000 cal per 
mole obtained by means of the yield-point behavior 
and Eq. [1] is of the proper magnitude to indicate 
that diffusion of interstitial atoms may be extremely 
important in determining the mechanism of embrittle- 
ment. The most logical type of diffusion which one 
might envision as being important here is not long- 
range diffusion, but only atom movement, of the order 
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S MALL, well-defined pits have been observed to 
form on the surfaces of electropolished aluminum 
specimens during cooling from elevated tempera- 
tures.! This phenomenon was attributed to the con- 
densation, from supersaturated solution, of vacan- 
cies at particular points on the surface. It was 
shown that the amount of cooling required for the 
formation of pits increased exponentially with de- 
creasing holding temperatures in a way that was 
consistent with the thesis that a critical supersa- 
turation of vacancies was required for the pits to 
form. 

Pits do not form in the vicinity of certain imper- 
fections, namely, subgrain or normal graind bound- 
aries, phase boundaries, certain surface irregulari- 
ties, and pores. The width of the pit-free region in- 
creases with decreasing cooling rate. This observa- 
tion suggests that the imperfections in question are 
effective sinks for vacancies and that the pit-free 
region around them is material that is not sufficiently 
supersaturated with respect to vacancies to nucleate 
the surface pits during cooling. 
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Fig. 1—A heavily striated aluminum single crystal, grown from left to right, at approximately 10 cm/hr. (X3.6). Re- 


duced approximately 30 pct for reproduction. 


It is, therefore, possible to reveal the presence of 
certain imperfections by taking a suitably prepared 
aluminum specimen through a heating and cooling cy- 
cle. Subgrain boundaries that represent as little as 


3 sec of misfit are revealed as easily and as effective- 


ly as large-angle grain boundaries. Pores or holes in 
the surface of a specimen, of the order of ly in 
diameter or even less, are revealed in the same way. 
Similarly, pores situated just below the surface of the 
specimen are revealed. This paper discusses pre- 
liminary observations made by applying this tech- 
nique to studies of the structures in aluminum single 
crystals grown from the melt. 


EXPERIMENTAL TECHNIQUE 


Aluminum of varying purity, ranging from zone- 
refined material to material containing a percent or 
two of magnesium, was cast into a suitable form and 
electropolished. The blank was then melted in a gra- 
phite mold in a helium atmosphere and was solidified 
under varying conditions to be discussed later. Pits 
were observed to form on the as-grown surface to 
reveal the structure of the specimen. These pits form 
on cooling only a few degrees below the freezing tem- 
perature. Material below an as-grown surface can be 
studied by electropolishing the specimen, heating in 
air to an elevated temperature, and cooling. Structural 
changes that occurred on annealing may be studied 
directly without the electropolishing step, as the pit 
formation process is, to a large extent, reversible. 


OBSERVATIONS 


Striations. Aluminum single crystals prepared 
by linear growth from the melt? were examined under 
varying growth conditions. Except in cases of high 
growth rates (greater than 2 cm per min), two types 
of subgrain boundaries were generally present: 
striations, which are aligned in the growth direction, 
and a crosswise structure aligned approximately 
perpendicular to the striations, Fig. 1. 

The striations are characterized by the fact that 
they are very stable on long-term annealing, whereas 
the crosswise structure coarsens and in some cases 
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disappears on prolonged annealing. The density of 
both the striation boundaries and crosswise bound- 
aries normally increases with increasing growth 
rate and increasing impurity content, with an excep- 
tion that will be discussed later. In general the num- 
ber of striations and crosswise boundaries was ob- 
served to increase along the length of the specimen. 

The details of the striation boundaries formed in 
crystals grown from the melt in the absence of a 
seed were studied by the Schultz X-ray technique.® 
Two distinct types were observed: 

1, Small-angle boundaries that are present from 
the beginning and which increase in angle only when 
they coalesce. 


Abe 


4 


Fig. 2— A (100) surface of an aluminum single crystal grown 
dendritically with a 100 axial orientation. There are four 
primary branches growing from left to right; the secondary 
branches are perpendicular to these. Tertiary branches, 
perpendicular to secondaries, are also present. Air cooled 
from 600°C. (X14). Reduced approximately 37 pct for repro- 
duction. 
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Fig. 3—An aluminum single crystal grown dendritically. The 
dark circular pit-free regions surround small holes or pores 
that are only a few microns in diameter. Shown are secon- 
dary branches which grew from top to bottom. (X23). Re- 
duced approximately 48 pct for reproduction. 


2. Boundaries that form after an incubation period 
and continously increase in angle to a limiting value 
of several degrees. A number of observations of 
striation boundaries of this type have been reported.*® 

Both types behave similarly in other respects, in 
that they tend to follow the interface normal and are 
very stable. 

Dendritic Growth. Fig. 2 is a photomacrograph of 
a high-purity aluminum crystal grown dendritically 
in the [100] direction by thermal (or positive) super- 
cooling. The subboundaries, which are found when 
the last liquid between adjacent branches freezes, 
are outlined by the pit-free regions. 

Fig. 3 illustrates an aluminum single crystal that 
grew dendritically where the predominant microstruc- 
tural feature is the rows of pores aligned in regular 
arrays relative to the dendrites and their branches. 
The pores occur in the regions between neighboring 
branches. 

A preliminary study of the subgrain boundaries of 
the type illustrated in Fig. 2 by the Schultz technique 
indicates that the misorientation between primary 
dendrite arms is about 1°. This misorientation is 
due mainly to the misorientations in the material 
from which the dendrites grew, i.e., striated regions. 
The orientation difference across the secondary 
branches is of the order of the resolving power of 
the Schultz X-ray technique used (15 sec of arc), and 
the boundaries observed between tertiary branches 
are not resolved with the Schultz technique. 

Cellular Growth. Single crystal specimens of alu- 
minum with minor additions of magnesium were 
grown under conditions that resulted in cellular 
growth.® Fig. 4 is a photomacrograph of a specimen 
with cells that had been electropolished and then 
heated and cooled to produce pits on the surface. The 
pit-free regions, which appear as long lines in this 
figure, are shown in Fig. 5 at a higher magnification. 
Here it can be seen that the lines are the result of a 
series of circular, pit-free regions that surround 
small pores that lie in the cell walls. The surface 
intersects only a portion of the pores; the other pit- 
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Fig. 4—The bottom surface of an aluminum single crystal 
exhibiting cellular growth. The specimen was electro- 

polished, heated to 600°C, and air cooled. (X50). Reduced 
approximately 42 pct for reproduction. 


free regions are associated with pores that lie just 
below the surface. Decanting experiments were used 
to demonstrate that the structure observed in Fig. 4 
is associated with cellular growth. However, the 
pores were not located on or near the growing sur- 
face, as revealed by decanting. When approximately 
0.1 mm of material was removed from the decanted 
surface by electropolishing, the porosity was re- 
vealed. The pores were located in a hexagonal array 
in the plane normal to the growth direction, that was 
identical with that of the cell walls. 

Cells and Striations. An aluminum specimen was 
grown under conditions that would promote cellular 
growth from the beginning. When about half of the 
crystal was frozen, the growth conditions were 
changed so that cellular growth terminated. At this 
point no striation boundaries were visible. When 
growth continued for about a centimeter, striation 
boundaries began to form. 


DISCUSSION OF RESULTS 


This investigation was conducted primarily to dem- 
onstrate the usefulness of the technique for macrosco- 


Fig. 5—A photomicrograph taken in the vicinity of the dark 
lines in Fig. 4, showing the microporosity in the cell walls. 
(X450). Reduced approximately 42 pct for reproduction. 
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pic studies of very small-angle subgrain boundaries 
and other imperfections such as small pores or holes. 
It is particularly useful for studies of certain aspects 
of the structure resulting from the solidification proc- 
ess and shows promise for studies of polygonization, 
recrystallization, etc. The technique will not provide 
information on the degree of misfit associated with 
small-angle boundaries. However, the pits have a 
strong crystallographic morphology (in the case of 
aluminum they are bounded by (111) planes), so that 

it is possible to distinguish between small- and large- 
angle grain boundaries by studying the detailed 

shape of the pits on either side of a boundary. 

Striations. Our observations on striations in alu- 
minum are in general very similar to those of Teght- 
soonian and Chalmers on tin* and Atwater and Chal- 
mers® on lead. The principal difference is in the 
indentification of two types of striation boundaries: 
those that start from the beginning of growth and 
those that require some incubation period to form. 
The increase in angular misorientation across the 
former may be accounted for entirely by coalescence 
of a number of smaller angle boundaries of similar 
orientation and of similar sign, whereas the bound- 
aries of the second type seem to grow in angle, at 
least in part, without the coalescence of individual 
boundaries. 

Dendrites. Observations have been reported in the 
literature of subboundaries located between dendrites 
and their branches.’ The technique used in this work 
reveals in considerable detail the substructure asso- 
ciated with dendritic growth from the melt. Most of 
the misfit between the main dendritic arms may be 
accounted for by misorientations due to striations 
that existed in the parent crystal. No change in the 
misorientation between two parallel dendritic arms 
that had grown several inches was observed. 

The porosity that is illustrated in Fig. 3 occurred 
between the dendritic branches. It is presumably due 
to the volume shrinkage that occurs during freezing. 
The location of these shrinkage cavities suggests that 
the last liquid to freeze is located near the stem of 
the dendrite rather than at the intersection of the 
branches of two main dendritic arms. 

Cells. Rutter and Chalmers observe small misori- 
entations of up to 15 min of arc between the corruga- 
tions produced by cellular growth in lead. Similar 
misorientations have not been observed in this inves- 
tigation for the case of cellular growth in aluminum, 
although a misfit of less than 3 sec of arc would have 
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been detected. The only structural features observed 
were rows of pores. This porosity is presumably due 
either to the formation of shrinkage cavities, as in the 
case of dendritic growth, or to the precipitation of 
gas to form small bubbles. The formation of shrink- 
age cavities would imply that the solid-liquid inter - 
face extends back into the crystal for a considerable 
distance of the cell walls, a distance that is much 
larger than that implied by the results of decanting 
experiments. However, gas bubbles could form in 
the cell walls at a position that is close to the mean 
position of the solid-liquid interface. The decanting 
experiments did not reveal cavities in the cell walls 
near the mean position of the solid-liquid interface; 
this result tends to confirm the shrinkage cavity 
hypothesis to account for the porosity associated 
with cellular growth. 

Cells and Striations. Striations were observed not 
to form during cellular growth in the case of alumi- 
num single crystals grown at moderate speeds. At 
high growth rates (1 cm per min), striations formed 
under cellular growth conditions. These observa- 
tions would tend to confirm the vacancy disc collapse 
mechanism as the origin of dislocations for the for- 
mation of striations.* Presumably the pores produced 
during cellular growth act as vacancy sinks to reduce 
the over-all supersaturation with respect to vacancies 
in the crystal. 


SUMMARY 


The formation of pits on the surface of aluminum 
specimens by the condensation of vacancies forms 
the basis of a useful technique for studies of defects 
that act as sinks for vacancies. The results reported 
here on the structure of aluminum single crystals 
grown from the melt confirm most of the previous 
work on this subject, with the exception that we did 
not observe misfit associated with the corrugations 
formed by cellular growth. Certain features of linear 
crystal growth from the melt have been observed 
that had not previously been reported in the literature. 
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Observations on Twinning in 
H. B. Probst 


Mechanical twins were produced in zone-refined 
tungsten single crystals by explosive working at 
room temperature. These twins are parallel to 
{112} planes and have irregular boundaries rather 
than the classical plane twin boundaries. These 
boundaries are grooved surfaces in which the 
grooves themselves are parallel to a<111>direc- 
tion and the sides of the grooves appear te be par- 
allel to {110} planes. 


Twws were produced in tungsten single crystals 
by explosive working at room temperature. These 
twins differ in character from any previously re- 
ported for tungsten; however, they are similar to 
those found in molybdenum after compression at 
-196°C.! 

Deformation twins “resembling Neumann bands in 
ingot iron” have been observed in tungsten by Bech- 
told and Shewmon.? This observation was made with 
sintered polycrystalline tungsten pulled in tension to 
fracture at 100°C and using a strain rate of 2.8 x 1074 
sec". More recently Schadler* found deformation 
twins in zone-refined tungsten single crystals pulled 
in tension at -196° and -253°C. These tests were 
conducted using a strain rate of 3.3 x 10°* sec”, and 
the twin bands were found to be parallel to a {112} 
plane. 

Deformation twins in tungsten’s sister metal, mo- 
lybdenum, were observed by Cahn.* These twins were 
produced by compressing small (0.7 mm) vapor-de- 
posited molybdenum single crystals at -183°C. The 
compression was performed “by impact.” By the 
use of precession X-ray techniques, Cahn was able 
to identify the twin plane as {112} and the shear di- 
rection as <111>. 

Mueller and Parker' produced deformation twins 
in polycrystalline electron-beam-melted molybdenum 
by compression at -196°C. Their “loading rate” was 
5000 psi per min which, judging from their stress- 
strain curve, corresponds to a strain rate of approx- 
imately 0.3 x 10°*sec™'. These twin bands were found 
to be parallel to {112} planes; however, they differed 
in appearance from previously observed twins. In 
place of straight and parallel twin boundaries they 
were found to be irregular, jagged, and sawtoothed. 
The sides of the saw teeth were identified as {110} 
planes and irrational planes of a {111} zone. The 
twins observed in the present work in tungsten single 
crystals are similar in appearance to those of Mueller 
and Parker in polycrystalline molybdenum. 


H. B. PROBST is Research Metallurgist, National Aeronau- 
tics and Space Administration, Lewis Research Center, Cleve- 
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Zone-Refined Tungsten 


EXPERIMENTAL PROCEDURE 


The starting material used in this investigation was 
3/16-in. diam commercial tungsten rod produced by 
powder -metallurgy techniques. This material was 
converted to a single crystal by the electron-bombard- 
ment floating-zone technique.> The process was car- 
ried out in a vacuum of 10° mm of Hg using a travers- 
ing speed of 4 mm per min. 

Segments (~2 in. long and 3/16 in. in diam) of two 
crystals (A and B) produced in this manner were 
studied. Crystal A received one zoning pass, while 
crystal B received two passes. 

The two crystals were explosively worked at Bat- 
telle Memorial Institute in the following manner. A 
1 /2-in.-thick layer of plastic was applied to the 
crystals to serve as a buffer in an attempt to prevent 
cracking. The composite, crystal and buffer, was 
then wrapped with 1/8-in.-thick DuPont sheet ex- 
plosive EL506A2 and detonated in water at room 
temperature. 

Metallographic samples of the worked crystals 
were prepared, and back-reflection Laue X-ray pat- 
terns were obtained using unfiltered molybdenum 
radiation. 


RESULTS AND DISCUSSION 


Blasting the crystals as described above failed to 
prevent cracking. The crystals fractured into sev- 
eral fragments about 3/16 to 1/2 in. long; however, 
the fragments were of sufficient size to be useful for 
the subsequent study. 

The diamond pyramid hardness of the crystals 
after blasting was in the range 430 to 450 as com- 
pared with 340 for the as-melted material, which 
shows a definite hardening resulting from plastic 
deformation. These hardness values were obtained 
using a 1000-g load and taking readings only in sound 
portions of the crystals free of cracks. 

The crystals exhibited profuse twinning as shown 
in Fig. 1. No such structure is present in the as- 
melted condition. Most of these twins have jagged 
twin boundaries and are similar in appearance to 
those found in molybdenum by Mueller and Parker. 
The twins in both crystals were found to be parallel 
to {112} planes. This identification was made by us- 
ing the conventional two-trace method. 

Subsequent efforts to describe these twins more ful- 
ly were carried out on crystal A. If the longitudinal 
axis of crystal A is placed in the (001)-(011)-(i11) 
basic triangle of the standard cubic stereographic 
projection, as in Fig. 2, then the two sets of twins 
shown in Fig. 1 are parallel to the (112) and (121) 
planes. 

Fig. 3 shows a schematic representation of a twin 
with jagged boundaries. This type of twin with a <111> 
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Fig. 1—Transverse section of crystal A. Etchant, Mura- 
kami’s reagent. X250. Reduced approximately 44 pct for 
reproduction. 


shear direction is the type proposed by Mueller and 
Parker for molybdenum. It is apparent from Fig. 3 
that a cut perpendicular to the shear direction would 
yield jagged twin boundaries and a cut parallel to the 
shear direction would yield straight twin boundaries. 
More generally, exposing any plane in the zone of 
the shear direction should result in straight twin 
boundaries (assuming the grooves of the twin sur- 


PLANE TO 
MAXIMIZE 
JAGGED 
APPEARANCE 


Fig. 3—Schematic view of twin showing irregular twin 
boundaries. 
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Fig. 2—Crystal A located in (001) standard projection. 


face are continuous as depicted in Fig. 3), while 
any plane not in this zone should result in jagged 
boundaries. 

In this work the type of twin depicted in Fig. 3 
with a <111> shear direction was assumed, and the 


Fig. 4—(011) plane of crystal A showing straight twin 
boundaries. Etchant, Murakami’s reagent. X650. Reduced 
approximately 40 pct for reproduction. 
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crystal was then cut to expose planes which should 
result in straight and jagged boundaries in an effort 
to verify or disprove the assumed twin. 

As pointed out above, any exposed plane in the zone 
of the shear direction should exhibit straight twin 
boundaries. In a case such as crystal A, where two 
sets of twins are present, there is only one plane 
that would show straight boundaries for both sets of 
twins, and that plane is the plane common to both 
shear-direction zones. Since the two sets of twins 
present in crystal A were found to be parallel to the 
(112) and (121) planes, their assumed shear direc- 
tions are [111] and [111] respectively. The plane 
common to both the (111) zone and the (111) zone is 
(011); thus, exposing the (011) plane should result 
in straight twin boundaries for both sets of twins. 

Fig. 4 shows the (011) plane of crystal A, and in- 
deed both sets of twins exhibit straight boundaries 
as predicted. The fact that all the twin boundaries of 
Fig. 4 are straight verifies that the grooves of the 
twin surface are continuous. The two sets of twins 
shown in Fig. 4 are approximately 70 deg apart, as 
they should be, since the (112) and (121) planes inter- 
sect the (011) plane in the [111] and [111] direction, 
respectively, which are 70.5 deg apart. 

In order to identify the components of the saw- 
toothed twin boundary, z.e., the sides of the saw teeth, 
it was desirable to expose a plane which would maxi- 
mize the jagged character of the twin boundary. It is 
apparent from Fig. 3 that this plane should be near 


the plane which is parallel to the twin band, i.e., {112}, Planes intersect the (111) plane in the [110] and [101] 


and on the zone connecting this plane and the shear 
direction. In the case of crystal A with its two sets 
of twins, exposing the (111) plane is a compromise to 
maximize the jagged character of the boundaries of 


Fig. 5—(111) plane of crystal A showing jagged twin bound- 
aries. Etchant, Murakami’s reagent. X650. Reduced ap- 
proximately 48 pct for reproduction. 


directions, which are 60 deg apart. 


CONCLUSIONS 
As a result of this work the following conclusions 


both sets of twins. In order to show a maximum jagged may be drawn: 


appearance in the boundary of the twins parallel to the 
(112) plane, a plane of the (110) zone near (112) should 
be exposed. Similarly, a plane of the (101) zone near 
(121) should be exposed in order to maximize the 
jagged appearance of the boundary of the twins paral- 


lel to the (121) plane. The plane which represents a 
compromise between these two conditions is located 
at the intersection of the (110) and (101) zones, i.e., 
the (111) plane. 

The (111) plane of crystal A is shown in Fig. 5. 
Both sets of twins exhibit the irregular boundaries. 

The lengths of the sides of the saw teeth, as shown 
in Fig. 5, are short, and thus the angular measure- 
ments between these and the twin band are inaccurate. 
The only thing that can be said for these measure- 
ments is that, in the main, the angle between the 
Side of a saw tooth and the twin band is in the neigh- 
borhood of 60 deg. This suggests that the compo- 
nents of the saw teeth are planes of the {110} type. 

The two sets of twins shown in Fig. 5 are 60 deg 
apart, as they should be, z.e., the (112) and (121) 
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1) Zone-refined single-crystal tungsten will de- 


form plastically by mechanical twinning at room tem- 


perature when subjected to explosive loading. 


2) The twins so formed have irregular boundaries 


rather than the classical plane boundaries and are 
parallel to {112} planes. 


3) The irregular twin boundaries are grooved sur- 


faces in which the sides of the grooves appear to be 


parallel to {110} planes and the grooves themselves 


are parallel to a <111> direction. 
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The Growth of Large Single Crystals of 99.9 Pct 
lron of Controlled Orientation 


D. F. Stein and J. R. Low, Jr. 


Single crystals of iron have been grown from 
three different lots of Ferrovac ‘‘E’’ of somewhat 
different chemical composition by the strain anneal 
technique. Using a technique to seed the crystal 
similar to Dunn’s for silicon-iron, it has been pos- 
sible to orient the crystals grown in both direction 
and plane of growth. Crystals having the plane of 
the strip oriented (100), (110), (111), (112), (123), 
and (491) have been grown. The growth directions 
used have been [100], [110], 45 deg from a [110], 
and various others of no specific crystal orienta- 
tion. The usual dimensions of the crystals were 
8 by 1 by 0.08 in, Attempts to grow crystals were 
about 90 pet successful. 


Meruops of growing single crystals of high purity 
iron have been reported in the literature.~* How- 
ever, each of these methods was not completely re- 
liable when used on materials having slightly dif- 
ferent chemical composition and in some instances 
a small number of successes were obtained using 
identical materials. Except for the method used by 
S. Dohi and T. Yamoshita,' it has not been possible 
to reorient single crystals of high purity iron to 
give any desired orientation. The method to be des- 
cribed has made it possible to grow single crystals 
from three different lots of material having different 
compositions, and to orient the crystals with respect 
to growth direction and surface. 


STARTING MATERIAL 


The material used during this investigation was a 
vacuum melted high purity iron marketed by the Vac- 
uum Metals Corporation designated Ferrovac “E.” 
Three lots of Ferrovac “E” having the following com- 
position were used with equal success: 


Heat A Heat B Heat C 
0.005 "0.005 0.034 
N, 0.0011 0.0003 0.003 
O, 0.013 0.0092 0.0017 
H, * 0.00003 0.0004 
Mn 0.005 0.001 
P * 0.002 
s * 0.006 
Si 0.005 0.006 
Ni 0.029 0.04 


D.F. STEIN and J. R. LOW, Jr., Member AIME, are Metal- 
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Heat A Heat B Heat C 
Cr 0.003 0.01 * 
Mo 0.006 0.01 * 
Cu * 0.01 * 
Al 0.005 0.01 * 
V 0.003 Trace * 


*Not Determined 


The compositions listed are those of the as-received 
material; and they may have been modified before the 
growth of single crystals. Analysis of heat B just be- 
fore growth and after growth revealed that the heat 
treatment prior to growth did not change the carbon , 
content, but the oxygen content was changed from 
0.0092 pct to 0.0034 pct and the nitrogen content from 
0.0003 pct to 0.0001 pct. After growth of the single 
crystals, the carbon had dropped to 0.001 pct. None 
of the heat treatments would be expected to change 
any of the other impurities very markedly. Heat C 
would be expected to have a metallic impurity con- 
tent similar to heats A and B. 


PROCEDURE 


Ferrovac “E” iron which had been obtained in bar 
form having a diameter of about 1 in. was rolled into 
strip for growing single crystals. By passing the 1- 
in. bar through a cold rolling mill several times, it 
was reduced to a strip 0.15 in. thick. The strips 
obtained were then cut into suitable lengths for heat 
treating (about 9 in. long), annealed at 925°C for 2 
hr in dry hydrogen and water quenched. It was then 
necessary to bake the strip at 200°C for 24 hr in air 
in order to prevent cracking during further rolling 
operations. While it was possible to cold roll the 1- 
in. bar directly to the desired 0.080-in. strip, the 
intermediate anneal was used because the strip so 
obtained produced better single crystals. The strip 
obtained by rolling the 1-in. bar directly to 0.080-in. 
strip produced single crystals having a large number 
of occluded grains. Experiments showed that the op- 
timum reduction in area by rolling prior to the 
growth of single crystals was about 50 pct. Attempts 
to grow single crystals from material that had been 
reduced less than 40 pct were unsuccessful presuma- 
bly because the matrix did not possess the critical 
amount of texture necessary for growth. The strip 
obtained after the rolling operations had very irregu- 
lar edges which were ground to give a strip with uni- 
form dimensions. 

The strip was then annealed at 825°C for 3 hr in 
hydrogen and furnace cooled. Fig. 1 illustrates the 
grain size obtained. A temperature of 940°C was used 
for the annealing temperature on one group of strips 
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Fig. 1—Ferrovac ‘‘E”’ grain size after 825°C anneal. X100 
2 pet Nital Etch. Reduced approximately 41 pct for repro- 
duction. 


but attempts to grow single crystals from this mate- 
rial were unsuccessful. It did not appear that any 
grain growth took place after the 940°C anneal when 
the strip was strained 3.0 pct and gradient annealed. 
The grain structure obtained from the 940°C annealing 
operation was equi-axed and the recrystallized mate- 
rial did not appear to have a texture when etched in a 
50 pct HNO, - 50 pct H,O solution. If the annealing tem- 
perature was high in the ferritic region (830° to 890°C) 
the higher the temperature, the larger the number and 
size of occluded grains in the final crystal. There was 
some indication that if annealing temperatures were 
lower than 825°C it might be possible to produce single 
crystal completely free of occluded grains, but this 
possibility has not yet been explored. 

The strain necessary for growth using the strain 
anneal method was introduced by pulling the strip 
in tension in a standard Instron tensile testing ma- 
chine. A very slow strain rate of 0.01 per hr was 
selected to prevent the formation of a Liiders Band 
which would produce inhomogeneous deformation. 
Total strains of from 2.0 pct to 3.5 pct were used, 
with the best results being obtained from material 
that had been strained between 2.2 to 2.6 pct. When 
larger strains were used, it became very difficult 
to restrict the nucleation of new grains in the matrix 
which competed with the seed grain for growth of a 
single crystal. With strains of less than 2.2 pct it 
was difficult to nucleate grains necessary to seed 
the crystal. 

After straining, the portion of the strip that had 
been in the grips of the tensile machine was cut 
away. The sample was then etched in a 50 pct HNO, 
-50 pct H,O solution, which preferentially etches the 
{100} planes in iron. It was found that by etching the 
Surface in this manner it was possible to suppress 
nearly completely the formation of occluded twin 
grains which have a tendency to form during the 
growth of iron single crystals. 


FURNACE AND GROWTH OF CRYSTALS 


In order to obtain a large temperature gradient a 
furnace developed by Dunn and Nonken® was employed. 
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Fig. 2—Temperature gradient obtained with furnace set to 
maintain maximum temperature of 870°C. 


This furnace employs a water-cooled copper slot to 
obtain a sharp gradient. The atmosphere in the fur- 
nace is line hydrogen. With the furnace set to main- 
tain a maximum temperature of 870°C the tempera- 
ture gradient was measured by passing a thermocou- 
ple spot welded to a sample through the temperature 
gradient, Fig. 2. 

The method used to reorient the crystals was quite 
similar to the one developed by Dunn and Nonken® for 
Si-Fe. Large crystals necessary for use as seeds 
were developed at one end of the strip by passing the 
strip into the furnace at a rate of 1/4 cm per hr until 
the leading edge had passed about 2 cm into the maxi 
mum temperature region. Usually three or four 
grains started at the end of the sample. The orienta- 
tion of each grain was determined by X-ray diffrac- 
tion using the standard back reflection Laue method. 
The grains were cut in such a manner that only a 
grain possessing the orientation which most closely 
approached the desired orientation was connected to 
the main body of the strip, Fig. 3. By use of a ster- 
eographic projection and a Wulff net the desired plane 
and direction of growth are located and the neces- 
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Fig. 3—Diagram demonstrating the selection and joining of 
seed grain to matrix. 
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that this may have had something to do with the initial 
grain size. Using the method described, about 90 pct 
of the attempts to grow single crystals were success- 
ful. 

The suggestion*»® that a large amount of carbon was 
necessary for the growth of single crystals was found 
to be unnecessary in our material. Carbon analysis 
of a strip from lot B which had been partially grown 
into a single crystal was made. About 0.25 in. in 
front of the growth interface the carbon content was 
interface the carbon content had dropped to 0.001 pct. 
Because of the apparent difference between the carbon 
concentration ahead of the interface and that re- 

Fig. 4—(110) plane of sheet single crystal grown in<100> ported for heat B material, a check was made of 
direction. 50 pct HNO;—50 pct H,O Etch. the carbon content of a crystal from the same heat 
that had been subjected to all the preliminary oper- 
ations but not to the gradient anneal. The carbon 
content of this crystal was 0.0057 +0.0010. If it is 
assumed that the same error exists in the analysis 
of carbon concentration 0.25 in. ahead of the inter- 
face the difference may well be very small. While 
it has not been determined accurately, it appears 


sary rotations to bring the seed crystal to the de- 
sired orientation were determined. Using a device 
developed by Dunn and Nonken® the seed grain may 
be reoriented to the desired orientation. To facili- 
tate bending, the neck joining the seed crystals and 
the matrix was maintained at about 800°C by heating 
with a torch. The most severely strained regions of _ that there may be a slight increase in carbon con- 
the seed grain and neck due to reorientation were centration in a region slightly in advance of the in- 
removed by etching in 50 pct HNO,-50 pct H,O solu- _ terface. 

tion until about 50 pct of the neck had been removed. 

The strip was then lowered at 1/4 cm per hr, seed SUMMARY 


grain first, into the gradient anneal furnace set to The critical requirements for the growth of single 
maintain a maximum temperature of 890°C. 890°C crystals in Ferrovac “E” are: an annealing treat- 
was chosen as the growth temperature because it ment below the growth temperature before straining, 


was found that the higher the temperature of growth _ a critical strain of 2.2 to 2.6 pct, and a growth tem- 
the easier it was to grow single crystals. Also, 890C erature near 890°C. There is also reason to believe 
was safely below the transformation temperature SO _ that a preferred orientation in the matrix material 
that fluctuations in furnace temperature did not pro- is also required, but this point is not yet proven. 
duce transformation. 
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Precipitation of the phase Co,Ti (Cu,Au type) from 
a Co-5 pet Ti alloy has been investigated using single- 
crystal X-ray diffraction techniques. Oscillation and 
transmission Laue patterns of specimens aged for 
short-time periods at 600° C indicate the formation 

of titanium-vrich and titanium-poor zones coherent 
with the {100} matrix planes. Longer aging times at 
600° C establish that the equilibrium phase also 
forms on the {100} matrix planes as platelets. 

These observations are corroborated by electron 
metallography; electron diffraction studies show the 
phase Co,Ti to be ordered. A probable sequence of 
the precipitation reaction is discussed. 


A previous publication by two of the present authors 
reported on the phase relations and precipitation in 
Co-Ti alloys containing up to 30 pct Ti.’ The results 
of this investigation established the existence of a 
new face-centered cubic intermetallic phase, y, rang- 
ing in composition from about 17.0 to 21.7 pct Ti at 
temperatures below 1000°C. The decomposition of 
the fcc supersaturated solid solution was studied 
employing hardness and electrical resistivity meas- 
urements. The changes in hardness upon precipita- 
tion in alloys containing 3, 6, and 9 pct* Ti were 

*All compositions are expressed in wt. pct. 


found to be associated with an initial increase in 
hardness followed by a plateau and then a second, 
more pronounced hardness increase. Investigation 
of this behavior by electrical resistivity measure- 
ments suggested that two different kinetic processes 
were involved, which, when interpreted in terms of 
the kinetic relation,?"* indicated that initial precipita- 
tion was in the form of thin plates. On continued ag- 
ing, the plates impinged during the growth process. 
The general features of these findings have been 
confirmed by Bibring and Manenc,° while, in addition, 
they report the y phase to be ordered. 

The present investigation was undertaken to provide 
more definite information on the structural relation- 
ships between the precipitate and the matrix. 


EXPERIMENTAL PROCEDURE 


Single crystals of a Co-5 pct Ti alloy were pre- 
pared from the melt employing the Bridgman tech- 
nique. Polycrystalline rod, 1/2 in. in diam, prepared 
from vacuum-melted material, was machined to 3/8- 
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Structural Relationships between Precipitate and Matrix 
in Cobalt-Rich Cobalt-Titanium Alloys 


R. W. Fountain, G. M. Faulring, and W. D. Forgeng 


in. diam to remove any surface contamination that 
may have resulted from hot-working. The crystals 
were grown under a purified hydrogen atmosphere in 
high-purity alumina crucibles heated by induction. 
Considerable difficulty was encountered in attempting 
to grow monocrystals because of the high melting 
point of the alloy and the high solute concentration. 
However, one crystal about 6 in. long was obtained 
which was essentially a single crystal except for one 
or two very small grains around the periphery. The 
as-grown crystal was solution heat-treated for 24 hr 
at 1200°C in a purified argon atmosphere and water- 
quenched. One-quarter-in. slices were taken from 
each end of the solution heat-treated crystal for chem- 
ical analyses, and the remainder of the crystal was 
mounted and oriented by the back reflection Laue 
Method. The chemical analysis of the crystal was 

as follows: 


Pct Ti PctO PctC PctN PctH Pct Co 
5.29 0.08 0.004 0.002 0.0003 #£4Balance 


By proper tilting of the crystal, it was possible to 
obtain slices 1/32 in. thick of [100] and [110] orien- 
tation. The solution heat-treated crystal slices were 
sealed in silica capsules for the aging treatments, 
with titanium sponge placed at one end of the capsule 
to act as a getter. All slices were water -quenched 
from the aging temperatures, the capsules being 
broken under the water to ensure a rapid quench. 
Thinning of the slices for transmission X-ray stud- 
ies was accomplished by a combination of mechanical 
and electrolytic techniques, the final thickness being 
about 0.1 mm. Laue patterns of the solution heat- 
treated crystal indicated that no strain was intro- 
duced by the thinning technique. 


ELECTRON METALLOGRAPHY 


After X-ray examination, the structural changes 
attending the precipitation were followed by examina- 
tion of direct carbon replicas of polished and etched 
surfaces of the single-crystal slices and extracted 
phases. The earliest indication of significant struc- 
tural change was observed after aging at 600°C. The 
structure of a heavily etched, solution-treated crys- 
tal is shown in Fig. l(a). Aside from the etch pit pat- 
tern, no regularity of background structure is ob- 
served. On the other hand, in the background of the 
specimen heated for 500 hr at 600°C, the etching pat- 
tern shows a directionality indicating the influence 
of minute precipitate particles, Fig. 1(b). On elec- 
trolytic dissolution of this specimen in 10 pct HCl in 
alcohol, a large volume of very small, flattened cubes 
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(a) Solution-treated single crystal 


(6) Solution treated and aged 500 hr at 
heavily etched—carbon replica, X16,500. 600°C.—carbon replica, X40,000. 


(c) Extracted particles from alloy 
aged at 600°C. X40,000. 


Fig. 1—Co-5 pct Ti alloy. Reduced approximately 35 pct for reproduction. 


of the type shown in Fig. l(c) was obtained. The aver- cipitate can be seen to be parallel to the diagonals 


age diam of these platelets is approximately 0.01 y. 
By X-ray diffraction, the particles were identified as 
the y phase, Co,Ti (~17.0 pct Ti). 

At higher temperatures, even short aging times 
produced a well-defined directional pattern, as shown 
for a specimen aged 24 hr at 800°C, Fig. 2(a). The 


‘precipitate itself is not observed here, but only a con- 


figuration of etch pits, although the y particles iso- 
lated from this alloy were well-defined cubic plates 
with an average diam of about 0.2 y. The diagonals 


of the etch pit in the upper left corner of Fig. 2(d). 
This block-like structure appears to define cer- 
tain crystallographic directions in the precipitate. 
Since the cube directions of the single crystal were 
known both from X-ray diffraction and etch-pit con- 
figuration, it seemed likely that the orientation rela- 
tionships between the precipitate and matrix could 
be uniquely defined by determining the directions of 
the markings in the precipitate. The steps in deter- 
mining these directions are illustrated in Fig. 3. 


of the etch pits define the precipitate directions. From Fig. 3(a) shows a relatively large plate isolated from 


X-ray evidence it was found that the diagonals of the 
square-shaped etch pits also define the <100> direc- 
tions of the matrix which indicates that the etch pits 
are pyramidal depressions whose sides are parallel 
to the faces (hll). 

With longer aging times at this temperature, not 
only can the precipitate phase itself be seen, Fig. 
2(b), but structural details are observed within the 
precipitate. The flat, elevated areas of the precipi- 
tate are divided into straight-sided segments, and the 
particles of the precipitate extracted from the alloy 
also have this characteristic block-like structure, 
Fig. 2(c). The sides of the internal blocks of the pre- 


X20,000. X20,000. 


(6) 100 hr at 800° C.—carbon replica. 


a 9 pct Ti alloy solution treated and aged at 900°C 
for 20 hr. The orthogonal markings are clearly evi- 
dent. In the course of transferring from the micro- 
scope image to electron diffraction, the transition 
image, Fig. 3(b), showing both the particle and dif- 
fuse diffraction spots was obtained. The electron 
diffraction pattern of the particle, Fig. 3(c), clearly 
indicates that [100] directions are defined by the in- 
ternal block boundaries. Therefore, each of the 
blocks is a section of a cube which establishes that 
the y phase (Co,Ti) precipitates with its cube direc- 
tions parallel to those of the matrix. , 

These observations indicate that the morphology 


2 


(c) Extracted particles from alloy 
aged 100 hr at 800°C. X20,000. 


Fig. 2—Solution treated and aged 5 pct Ti alloy. Reduced approximately 35 pct for reproduction. 
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a 

(a) 24 hr at 800°C.—carbon replica. 


(a) Electron optical image. X18,000. 
Reduced approximately 28 pct for re- 
production. 


electron beam. 


(b) Transition image with defocused 


(c) Electron diffraction pattern of 
particles. 


Fig. 3—Precipitate particle (y) isolated from a Co-9 pct Ti alloy solution treated and aged 20 hr at 900°C. 


of the precipitate is controlled by the {100} planes 

of the matrix, probably because of the closeness of 
the lattice parameters (y, ay = 3. 604A, matrix, dy = 

3. 573A) and crystal symmetry of the matrix and pre- 
cipitate. Whether the rectangular markings are a re- 
flection of a substructural configuration in the matrix 
or result from periodic depletion of the matrix upon 
growth of the precipitate is uncertain. A similar type 
of growth, however, has been observed during the 


precipitation of carbides in austenitic stainless steels.® 


In addition to the strong reflections corresponding 
to a fcc lattice, weaker spots can be observed in the 
pattern as indicated in Fig. 3(c). These spots corre- 
spond to superlattice reflections, establishing that the 
Co,Ti phase is ordered. This confirms the earlier 
X-ray diffraction results of Bibring and Manenc,*® who 
found superlattice reflections in a powder pattern of 
a 17.4 pct Ti alloy. 


X-RAY DIFFRACTION 

After thinning, the heat-treated crystal slices were 
oriented on a two-circle goniometer and mounted on 
a precession camera. The [100] or [110] crystal 
directions were nearly perpendicular to the parallei 
flat surfaces of the specimen slice, and thus, it 
could be assumed that the X-ray absorption factor 
was approximately constant over the area radiated. 
Transmission Laue patterns were obtained employ - 
ing molybdenum radiation, a 0.25-mm diam collima- 
tor, and a 5-cm specimen to film distance. 

Some of the oriented crystal slices were trans- 
ferred on the goniometer head to a 57.3-mm diam 
oscillation camera. Oscillation patterns were ob- 
tained using vanadium-filtered chromium radiation, 
a complete oscillation angle of 80 deg, and a 0.5-mm 
diam collimator. Only one side of the film was devel- 
oped employing the technique described by Parrish’ 
to eliminate some of the fogging due to the fluores- 
cence of the titanium and air scatter. 


OSCILLATION PATTERNS 
Oscillation patterns of crystals aged at 600°C for 
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times up to 30 min were characterized by satellite 
reflections. This can be seen from the series shown 
in Figs. 4(a) to 4(c). The satellite reflections ob- 
tained from crystals heated at 600°C for 10 and 30 
min are of equal intensity on opposite sides of the 
matrix reflection, although those for the 30-min ag- 
ing were slightly more diffuse. After aging for 48 
hr at 600°C, the discrete satellites merge with the 
matrix reflection to form a broadened reflection oc- 
curring over the entire original area occupied by the 
satellites, Fig. 4(c). On prolonged aging at 600°C or 
after aging for 48 hr at 800°C, Fig. 4(d), two fairly 
sharp spots were obtained corresponding to reflec- 
tions from the matrix and a well defined precipitate. 
Theories to account for the presence of side bands 
or satellites* of equal intensity observed on opposite 


*The term satellites refers to the anomalous X-ray diffraction effects 
observed on single-crystal type X-ray diffraction patterns. The term 
side bands refers to the same phenomenon but observed as bands on 
powder X-ray diffraction patterns, 


sides of the matrix reflections on powder and rota- 
tion patterns have been proposed by Daniel and Lip- 


(c) (d) 
Fig. 4—Portion of oscillation pattern of solution-treated 
and aged Co-5 pct Ti alloy. (a) 600°C—10 min. (b) 600°C— 
30 min. (c) 600°C—48 hr. (d) 800° C—48 hr. 
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son,® Hargreaves,® and Guinier.'® Daniel and Lipson, 
and Hargreaves explained the occurrence of satellites 
in Cu-Fe-Ni alloys by the existence of a modulated 
structure consisting of a periodic arrangement of al- 
ternating copper-rich and copper-poor lamellae. 
Guinier, on the other hand, considered that complex 
zones distributed at random in the solid solution 
would be sufficient to account for the side bands. In 
either event, satellites can result from a directional 
and periodic variation of the lattice parameter, a 
periodic variation in scattering power, or a combin- 
ation of the two. 

Satellites were most clearly revealed in the aged 
crystals by chromium radiation; they were also de- 
tected with Cu or MoKa radiations, but the intensity 
of the reflections was less. This results from the 
fact that the difference in the dispersion-corrected 
scattering factors for cobalt and titanium is greater 
for chromium radiation than for molybdenum or cop- 
per radiations (fCo - fTi for CrKa = 26.33, for 
MoKa = 17.3, and for CuKa = 6.56). The satellites 
occurred exactly on the zero layer line and rho lines 
of the matrix reflections of the rotation patterns, and 
no satellites were observed immediately above or 
below the zero layer line. This would indicate that the 
satellites are due primarily to a variable lattice par- 
ameter resulting from a coherent modulated structure 
consisting of a periodic arrangement of alternating 
titanium-rich and titanium-poor lamellae placed sym- 
metrically with respect to the lattice points. The 
fact that satellites occur on the rho lines of the ma- 
trix further indicates that the matrix material is 
modulated along the three cube axis directions. This 
conclusion is in agreement with that of Bibring and 


(a) 


(3) 


Satellites and (200) matrix reflections, X3. Enlarged 
approximately 15 pct for reproduction. 


Fig. 5—Small-angle scattering region of Laue patterns of 
Co-5 pct Ti alloy aged 10 min at 600°C. (a)[100]. (5) [110]. 
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Manenc® who observed side bands on powder patterns 
of a Co-9.7 pct Ti alloy heated for 30 min at 750°C. 


LAUE PATTERNS 


The observation of satellite reflections on the os- 
cillation patterns of crystals aged up to 30 min at 
600°C prompted a further study of the precipitation 
process employing the Laue technique. Early stages 
of precipitation in some alloy systems can often be 
observed from Laue patterns and are manifest by 
streaks which are superimposed on the normal dif- 
fraction pattern. Streaks can result from the pres- 
ence of two-dimensional type zones consisting princi- 
pally of atoms having a scattering power different 
from that of the matrix, from strong lattice distor- 
tion, or from a combination of both. As precipitation 
progresses, the original diffuse streaks become more 
definite and finally may develop into distinct reflec- 
tions characteristic of a three-dimensional type 
precipitate. Streaking has been of value in establish- 
ing the presence and orientation of the precipitating 
phase in several alloy systems." 

Laue patterns of the aged Co-Ti single crystals are 
characterized by a singular lack of streaking. This 
most probably results from the absence of large 
lattice distortion and the fact that the scattering fac- 
tor difference is not great enough between cobalt 
and titanium for the wave lengths contained in the 
polychromatic beam. The lack of streaking due to a 
scattering factor difference may be explained by 
consideration of the reciprocal lattice concept as 
follows: From the polychromatic molybdenum beam, 
there will only be a limited range of wave lengths of 
radiation that will emphasize the difference in the 
scattering power of cobalt and titanium (H6nl effect).'* 
Thus, there must be a reciprocal lattice point in a 
reflecting position for a limited range of wave lengths 
in order to have streaking appear on a Laue film. 
Because of the similarity in scattering factor of co- 
balt and titanium, the probability that this situation 
could occur in Co-Ti alloys is extremely slight. 

Faint, rod-shaped reflections, howéver, were evi- 
dent in the small-angle scattering region of the Laue 
patterns obtained from crystals heated at 600°C for 
3, 10, and 30 min. From angular relationships, it 
was determined that the rods were pointing in the 
<100> directions. In Fig. 5 are shown the small-angle 
regions of the Laue patterns obtained from crystals 
oriented in the [100] and the [110] directions heated 
at 600°C for 10 min, and sketches emphasizing the 
rod-shaped reflections easily seen on the films but 
only slightly visible on the photographic reproduc- 
tions in Figs. 5(a) and 5(b). These rod-like reflec- 
tions were not noted on Laue patterns obtained from 
crystals heated at temperatures and times greater 
than 600°C for 30 min. 

The phenomena noted here may be related to small- 
angle scattering due to a difference in the scattering 
factor of the titanium-rich and titanium-poor zones 
or to double Bragg reflections caused by slight mis- 
orientations of the crystallites. The straight, although 
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somewhat diffuse, edge on the rod-shaped reflections 
is more characteristic of a small-angle scattering 
than double Bragg reflections. 

The length of the rod-shaped reflections was equi- 
valent to a 6-deg angular range from the center of 
the direct beam. On the other hand, the average an- 
gular range of the normals to the {221} matrix planes 
was found to be approximately one deg, and this value, 
calculated from the dimensions of the {221} matrix 
reflections, did not vary appreciably with heat-treat- 
ment. If the rod-shaped reflections result from a 
double Bragg phenomenon, they should extend over an 
angular range of approximately twice that of the 
normals to the matrix reflections. Consequently, 
the 6-deg angular range of the rod-shaped reflec- 
tions is too great to be accounted for by double 
Bragg phenomena. The conclusion that a small-angle 
scattering origin is responsible for the phenomena 
is further substantiated by the fact that neither the 
rod-shaped reflections nor the satellites were de- 
tected on patterns from crystals heated at 600°C for 
48 hr. Finally, the occurrence of rod-shaped reflec- 
tions in the <100> directions only, is a further indi- 
cation that the zones are forming on the {100} planes 
of the matrix. 


DISCUSSION 


In the initial stage of decomposition of supersa- 
turated solid solutions in systems where the solute 
and solvent atoms have different sizes, zone forma- 
tion occurs as platelets.'* As an example, in Al-Cu 
alloys the zones are formed on the {100} matrix 
planes, and X-ray evidence indicates that both the 
matrix and the zones are deformed. In the Co-Ti al- 
aloys the difference in atomic size between the solute 
and solvent atoms is almost the same as that between 
copper and aluminum, and the zones are also formed 
on the {100} matrix planes. Therefore, it appears 
reasonable to conclude that titanium-rich and titani- 
um-poor zones are formed as platelets. 

The existence of satellite reflections has been at- 
tributed to the presence of solute-rich zones formed 
coherent with the parent lattice. From the oscillation 
pattern of the aged crystals, Fig. 4, the following se- 
quence of events can be postulated for the aging proc- 
ess. For aging times up to 10 min at 600°C, titanium- 
rich and titanium-poor lamellae are formed coherently 
on the {100} planes of the parent lattice. As the aging 
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time at 600°C is increased to 30 min, the satellite re- 
flections on the oscillation patterns become quite dif- 
fuse, indicating a substantial loss of coherency. Since 
the equilibrium precipitate and the lamellae are both 
formed on the {100} matrix planes, it appears that 

the lamellae lose coherency and continue to grow to 
form the equilibrium structure. The diffuse nature 

of the satellites at this point, as well as the fact that 
they become closer to the matrix reflection, is indica- 
tive of a thickening or growth of the zones. 

The final stage of the precipitation is exemplified 
by the crystal aged 48 hr at 800°C. The oscillation 
pattern, Fig. 4(d), shows the appearance of two dis- 
crete spots, one of the fully developed precipitate 
and the other of the depleted matrix. The rod-shaped 
reflections observed in the small-angle region of the 
transmission Laue patterns presumably result 
from a small-angle scattering phenomenon. Since 
the presence of these reflections is affected by 
heat-treatment in the same manner as the satellite 
reflections, it is concluded that both result from 
the presence of titanium-rich and titanium-poor 
zones. The rod-shaped reflections follow the <100> 
directions of the matrix. 

The electron-microscope studies establish that 
the equilibrium precipitate is in the form of plates 
with their cube directions parallel to those of the 
matrix. The equilibrium precipitate, Co,Ti, is also 
shown by electron diffraction to be ordered, in agree- 
ment with the X-ray diffraction results of Bibring 
and Manenc.® Whether the Co,Ti phase precipitates 
in the ordered state or becomes ordered after preci- 
pitation is unknown. 


REFERENCES 


1R. W. Fountain and W. D. Forgeng: Trans. Met. Soc., AIME, 1959, vol. 215, 
pp. 998-1008. 

7C. Wert: J. Appl. Phys., 1949, vol. 20, pp. 943-49. 

°C. Zener: J. Appl. Phys., 1949, vol. 20, pp. 950-53. 

‘D. Turnbull: Solid-State Physics, vol. 3, pp. 225-306, Academic Press, Inc., 
New York, 1956. 

5H. Bibring and J. Manenc: Compt. Rend., 1959, vol. 249, pp. 1508-10. 

®E. M. Mahla and N. A. Nielsen: Trans. ASM., 1951, vol. 43, pp. 290-322. 

™W. Parrish: Norelco Reporter, 1955, vol. 2, p. 67. 

®V. Daniel and H. Lipson: Proc. Roy. Soc., 1943, Ser. A, vol. 181, p. 368, 
and 1944, Ser. A, vol. 182, p. 378. 

°M. E. Hargreaves: Acta Cryst., 1951, vol. 4, p. 301. 

0A. Guinier: J. Metals, 1956, vol. 8, p. 673. 

114) J. M. Silcock, T. J. Heal, and H. K. Hardy: J. /nst, Metals, 1953-54, vol. 
82, p. 239, 

b) A. H. Geisler and J. K. Hill: Acta Cryst, 1948, vol. 1, p. 238. 
c) A. G. Guy, C. S. Barrett, and R. F. Mehl, AJME, Trans., 1948, vol. 175, 

» 256, 
° d) R. F. Mehl, C. S. Barrett, and F. N. Rhines: A/JME, Trans., 1933, vol. 99, 
p. 215. 

2H, Honl: Z. Physik., 1933, vol. 84, p. 1, and Ann, Physik, 1933, vol. 82, p. 625. 

13A. Guinier: AJME, Trans., 1956, vol. 208, p. 673. 


VOLUME 221, AUGUST 1961-751 


ae 
‘ 


The Control of Annealing Texture by Precipitation in 


Cold-Rolled Iron 
W. C. Leslie 


The textures of cold-rolled and of annealed iron 
are compared with those of an iron-0.8 pct copper 
alloy in which the amount of precipitation after cold 
rolling was controlled. Previously published pole 
figures for cold-rolled and for annealed iron are 
confirmed. The effects of precipitation after cold 
rolling ave to retain the cold-rolled texture after 
annealing, to inhibit the formation of the usual an- 
nealing texture, and to produce elongated recrys- 
tallized ferrite grains. It is suggested that the in- 
hibition of new textures by precipitation after cold 
rolling is a general phenomenon. 


A great deal of attention has been paid to the devel- 
opment of texture during the secondary or tertiary 
recrystallization of ferritic alloys, but very little 
work seems to have been done on the control of tex- 
ture during primary recrystallization. If such con- 
trol were attained, it might be possible to simplify 
the processing of oriented materials or to change 
the characteristics of current cold-rolled and an- 
nealed products. 

From previous experience, it seemed likely that 
texture could be controlled by recrystallizing a sup- 
ersaturated solid solution. Green, Liebmann, and 
Yoshida!’ found that the formation of preferred orien- 
tation in aluminum (40 deg rotation about <111> re- 
lative to the deformed matrix) was inhibited when 
iron was retained in supersaturated solid solution in 
the strained aluminum. The authors attributed this 
inhibition to iron atoms in solid solution. There is, 
however, an alternative explanation. Green ef al, 
took a highly supersaturated solution of iron in 
strained aluminum and heated it to an unspecified 
temperature for recrystallization. It is probable that 
precipitation occurred prior to and during recrys- 
tallization, and it is proposed that the inhibiting agent 
is this precipitate, rather than the iron atoms in solid 
solution. It is important to note that precipitation be- 
fore cold work is ineffective; the effective precipitate 
is that formed after cold working and either before or 
during recrystallization. The location and distribu- 
tion of the precipitate are critical. Precipitation in 
such a manner has been found to have profound effects 
upon kinetics of recrystallization and the microstruc- 
ture of the recrystallized alloys.*"* It would be sur- 
prising, indeed, if this were accomplished with no 
change in texture. 


W.C. LESLIE, Member AIME, is with the E. C. Bain Labora- 
tory for Fundamental Research, U. S. Steel Corp., Monroeville, 
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Because of the relative simplicity of the system, 
and because of previous experience,*” it was decided 
to determine the effect of precipitation on texture in 
an alloy of iron and copper. Bush and Lindsay® found 
an unspecified change in texture in cold-rolled and 
annealed low-carbon rimmed steel sheets when the 
copper content exceeded 0.1 pct. 


MATERIALS 


In earlier work, the rate of recrystallization of a 
low-carbon steel was greatly decreased by 0.80 pct 
copper, and, after the proper treatment, the recrys- 
tallized ferrite grains were greatly elongated.* Ac- 
cordingly, it was decided to investigate the effect of 
precipitation on texture at this level of copper content. 

The iron and the iron-copper alloy were made 
from high-quality electrolytic iron and OFHC cop- 
per, vacuum-melted in MgO crucibles, cast, hot- 
rolled to 0.2 in., then machined to 0.150 in. The 
compositions are given in Table I. The plates were 
heated to 925°C and brine quenched, twice. This 
produced a ferrite grain size of ASTM 0 in the iron 
and ASTM 1 in the Fe-Cu alloy. Disk specimens 
were cut from the heat-treated plates, repeatedly 
polished and etched, then used to determine (110) 
and (200) pole figures by reflection. Despite the 
complication of large grain size, these pole figures 
strongly indicated a random texture. 


PROCEDURES 


The copper content in solid solution in ferrite be- 
fore cold rolling and recrystallization, and hence, 
the amount that could precipitate during the recrys- 
tallization anneal, was controlled at three levels by 
heat treatment. The specimens as quenched from 
925°C were presumed to have all the copper, 0.80 
pct, in solid solution. Other samples of the quenched 
alloy were aged 5 hr at 700°C to retain about 0.5 pct 
Cu in solid solution.® A third set of quenched speci- 
mens was reheated to 700°C, then slowly cooled in 
steps, to reduce the amount of copper in solid solu- 
tion to a very low level. All specimens were cold- 
rolled 90 pct, from 0.150 to 0.015 in. thick. The rol- 
ling was done in one direction only, z.e., the strip 
was not reversed between passes, with a jig on the 
table of the mill to keep the short specimens at 90 
deg to the rolls. The rolls were 5 in. in diameter 
and speed was 35 ft. per min. Machine oil was used 
as a lubricant. 

In a supersaturated alloy, the maximum effect of 
the copper precipitate on microstructure and on re- 
crystallization can be developed by a treatment at 
500°C, after cold rolling and before recrystallization. ! 
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Table 1. Chemical Composition Materials 


Cu Cc e) Mn P s Si N Ni Cr Mo Al Co Ti Zr V 
Fe 0.001 0.0016 0.008 0.001 0.0009 0.004 0.010 0.0007 0.009 0.017 <0.005 0.004 0.004 0.003 <0.001 
Fe-Cu 0.80 0.0024 0.020 0.004 0.004 0.006 0.0006 0.035 0.001 0.005 0.004 <0.008 <0.004 0.001 0.003 
This treatment initiates precipitation of the €-phase mmr 2 
(copper saturated with iron).’ Recrystallization to 
elongated ferrite grains can then be accomplished by 

raising the temperature, to 700°C, for example. This 
fous TO 925°C, HOLD I5 min., BRINE QUENCH TO PRODUCE 


observation, made on low-carbon copper-bearing SUPERSATURATED SOLUTION WITH RANDOM ORIENTATION 


steels, was confirmed by preliminary experiments on 


the Fe-Cu alloy. AS QUENCHED AGED SLOWLY, COOLED 
The details of specimen history are given in Table 
7 AGE 500°C, 3h * ° 
Il. Specimens of iron were carried through the same : 
processes as a control, with the exception of the NEUES FURNACE COOL TO ROOM TEMP. 
[AGE 500°C, 3 hrs, 
slow-cooling treatment. COPPER FROM SOLID SOLUTION 
Specimens for determination of pole figures were [RECRYSTALLIZE AT 700°C, Shrs] 
thinned to 0.0025 to 0.0035 in. in a 1:1 solution of marae 
H,O, (50 pct concentration) and orthophosphoric 
|RECRYSTALLIZE AT 700°C, 5 hrs_| 


acid (85 pct concentration). Complete (110) pole 
figures were constructed for each specimen. The 
central portions (0 to 50 deg outward from the cen- 
ter) were determined by reflection, using a Seifert 
pole figure goniometer on a G.E. XRD 3 unit, with 
filtered CrK, radiation. The outer portions (0 to 
60 deg inward from the periphery) were determined 


by transmission, using a G.E. pole figure goniometer 
and filtered MoK, radiation. The reflection intensi- 
ties were converted to the transmission intensities 
by use of the ratios of the measured intensities by the 
two methods in the region of overlap. The intensity 


(a) Elongation ratio = 1.5 Longitudinal Section Elongation ratio = 3.9 (d) 


Rolling 
direction 


Section parallel to rolling plane Fe - 0.80 pct Cu (d) 


Fig. 1—Effect of precipitation before recrystallization on ferrite grain structures (quenched from 925°C, cold rolled 90 
pet, pretreated 3 hr at 500°C, recrystallized at 700°C). X300 Nital etch. Reduced approximately 30 pct for reproduction. 
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Held 5 hr. at 700°C before cold rolling. 
Elongation ratio = 3.4 


(a) 


levels were taken as multiples of the random inten- 
sity measured from iron powder specimens made to 
the same absorption thicknesses as the iron and Fe- 
Cu samples. 


RESULTS AND DISCUSSION 


Microstructures. The contrast between the recrys- 
tallized ferrite grain structure in iron, with no preci- 
pitation occuring after cold rolling, and in iron-cop- 
per with considerable precipitation, is shown in Fig. 
1. The precipitation produced markedly elongated 
ferrite grains, which are believed to result from a 
combination of inhibition of “nucleation” of new grains 
and barriers to grain growth. As the concentration of 


(a) 


cooled. 


754-VOLUME 221, AUGUST 1961 


Fig. 2—Decrease in grain elongation with decrease in amount of copper precipitated from solid solution after cold rolling. 
(Fe—0.8 pet Cu, quenched from 925°C, treated as noted above, cold rolled 90 pct, pretreated 3 hr at 500°C, recrystallized 


at 700°C.) Nital etch X300. Reduced approximately 30 pct for reproduction. 


Fig. 3—{110} pole figures of iron and iron-0.8 pct copper alloy, cold rolled 90 pct in one direction only after indicated 
treatments, (a) Iron, quenched from 925°C. (b) Iron—0.8 pct copper alloy, quenched from 925°C, reheated to 700°C, slowly 


(b) Slowly cooled from 700°C before cold rolling. 
Elongation ratio = 2.1 


copper in solid solution before cold rolling, and hence, 
the amount available for precipitation, is decreased, 
the ferrite grains become more equi-axed (Fig. 2a 
and 2b compared with Fig. 15). 

Textures. a. Cold-Rolled. The pole-figures ob- 
tained from iron and from the iron-copper alloys, 
cold rolled 90 pct after quenching from 925°C, after 
aging at 700°C, and after slow cooling from 700°C, 
were identical. Typical examples are shown in Fig. 
3a and 3b. The cold-rolled texture was not affected 
by the presence of copper, whether in supersaturated 
solid solution or in precipitated € particles. It is pos- 
sible, of course, that this conclusion may not be valid 
for lesser amounts of cold reduction. 


(b) 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


4 
3 
2 
4 / 
3 78 9 10 € 789 13 14 
CESS CEES 
| 
oa 6 7 8 9 10 | 
- K 2 2 >I - 
A 
= 
: 


(a) 


(0) 


Fig. 4—{110} pole figures of recrystallized iron and iron-copper, quenched from 925°C, cold rolled 90 pct, annealed 3 hr 


500°C, 5 hr 700°C. (a) Iron. (5) Iron—0.8 pet copper. 


The pole figures for the cold-rolled iron and iron- 
copper alloys are interesting in that they cannot be 
described in terms of the “ideal orientations” (100) 
[011], (112)[110], or (111)[112], as has been custo- 
mary in the past.*:!° They agree, however, with the 
results of Haessner and Weik"! on iron cold-rolled 
80 to 95 pct. In Fig. 3a and 30, there is a slight asym- 
metry, due to rolling in one direction only, without 
reversal, which did not appear in the pole figures 
of Haessner and Weik. The four maxima are rotated 
about 2-1/2 degrees away from the rolling direction, 
about a transverse axis. 

Haessner and Weik proposed, after the work of 
Grewen and Wassermann on aluminum,’ that the 
four intensity peaks are due to a combination of 
two [110] fiber textures, one with the axis at an 
angle of 35 deg to the sheet normal, toward the rol- 
ling direction, and the other with the [110] axis in 
the direction of rolling. The scatter in the intensity 
maxima is explained as being due to scatter of the 
fiber axis and incompleteness of the fiber texture. 
There may also be traces of a (100)[011] texture. 
These proposals seem reasonable, but they do not 
establish the mechanism of formation of the texture 
of cold-rolled iron. 

b. Recrystallized, The textures of the iron and 
iron-copper alloy, quenched from 925°C, cold rolled 
90 pct, pretreated 3 hr at 500°C, then recrystallized 
5 hr at 700°C, are shown in Fig. 4. These pole figures 
were taken from specimens with microstructures 
corresponding to those shown in Fig. 1. The texture 
of the recrystallized iron (Fig. 4a) is similar to pre- 
vious determinations®»%,!; it consists of the cold- 
rolled texture rotated 15 deg about the sheet normal 
to each side of the rolling direction, with greatly re- 
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duced intensity maxima. This texture has been des- 
cribed as (111)[ 112], (100) 15 deg from [ 011], and (112) 
15 deg from [110] .° The iron-copper alloy (Fig. 4), how- 
ever, retained the cold-worked texture, with greatly 
reduced maxima, with only a slight tendency to form 
the annealed texture. 

When the amount of copper in solid solution prior 
to cold rolling was reduced by aging at 700°C for 5 
hr, the grain elongation after recrystallization was 
reduced (Fig. 2a) and the texture (Fig. 5b) was less 
pronounced than when the copper was retained in 
solid solution. Although this texture still resembles 
that of the cold-rolled specimens, the intensity max- 
ima have been so reduced that a random orientation is 
approached. The texture of the iron after a similar 
treatment was the usual annealing texture (Fig. 5a), 
but with low intensity maxima. 

Reducing the copper in solid solution still further, 
by very slow cooling from 700°C prior to cold rol- 
ling, reduced but did not eliminate the tendency to 
form elongated ferrite grains (Fig. 2b). The texture 
after this treatment again resembled the texture after 
cold rolling, but with very low intensity maxima 
(Fig. 6). Despite the very slow cooling, and the very 
low solubility of copper in ferrite at low tempera- 
tures, there seemed to be enough copper remaining 
in solid solution to form a precipitate during the 
500°C treatment after cold rolling. 

Haessner and Weik" reported that the texture of 
cold-rolled and annealed iron, with a constant amount 
of cold reduction, varied with the annealing temper- 
ature. In their work, iron annealed at low tempera- 
tures retained the cold-rolled texture, whereas high 
annealing temperatures produced the frequently ob- 
served annealing texture of the type shown in Figs. 
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(a) 


(0) 


Fig. 5—{110} pole figures of recrystallized iron and iron-copper, quenched from 925°C, aged 5 hr 700°C, cold rolled 90 
pet, annealed 3 hr 500°C, 5 hr 700°C. (a) Iron. (b) Iron—0.8 pct copper. 


4a and 5a. The presence of copper in ferrite raises 
the “recrystallization temperature,”* and the re- 
sults shown in Figs. 4b, 50, and 6 indicate that iron— 
0.8 pct copper, recrystallized at 700°C, tended to 
retain the cold-rolled texture. It seemed possible, 
therefore, that the effect of copper on texture was 
due to the raising of the “recrystallization tempera- 
ture”, z.e., a “high” annealing temperature for iron 


RD 
4 


Fig. 6—{110} pole figure of recrystallized iron—0.8 pet cop- 


per alloy, quenched from 925°C, reheated to 700°C, slowly 
cooled, cold rolled 90 pet, annealed 3 hr 500°C, 5 hr 700°C. 
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would be a “low” annealing temperature for iron- 
copper. 

To determine whether this notion was correct, and 
to check the results of Haessner and Weik, a speci- 
men of iron was quenched from 925°C, cold rolled 
90 pct, then annealed 2 hr at 540°C. Recrystallization 
was complete after this treatment as judged from 
the microstructure, but as shownin Fig. 7, the cold- 


6 55 5 44 4 3} 


Fig. 7—{110} pole figure of recrystallized iron, quenched 
from 925°C, cold rolled 90 pct, annealed 2 hr at 540°C. 
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rolled texture was retained to a remarkable extent, 
thus confirming the observations of Haessner and 
Weik. 

A sample of the iron-copper alloy was quenched 
from 925°C, cold rolled 90 pct, then annealed 3 hr 
at 500°C to precipitate € particles and 4 hr at 800°C 
to recrystallize. If the effect of precipitation on tex- 
ture was due to the raising of the temperature re- 
quired for recrystallization, this treatment would be 
expected to produce the annealing texture illustrated 
by Figs. 4a and 5a. This did not occur. The texture 
after recrystallization, although it contained vestiges 
of the cold-rolled texture, was very close to random 
(Fig. 8). 

Under the condition of severe cold-rolling employed 
in this investigation, the € precipitate increases the 
tendency to retain the cold-rolled texture after anneal- 
ing. The intensity of this texture after annealing can 
be reduced by increasing the annealing temperature 
or by decreasing the amount of precipitate formed 
after cold rolling. In the presence of the € precipitate, 
high annealing temperatures produce a nearly random 
texture rather than the annealing texture commonly 
found in iron. 

In view of the alternative explanation offered in 
the introduction of this paper for observations of 
Green et ai' on impure aluminum, it seems probable 
that inhibition of annealing textures by precipitation 
after cold rolling is a general phenomenon. Another 
example may be found in the common use of con- 
trolled precipitation of AlN in cold-rolled, alumi- 
num-killed, low-carbon steel sheets to produce the 
elongated ferrite grains that are desirable for good 
performance in deep drawing.”»* The effect of this 
controlled precipitation upon the texture of the an- 
nealed steel sheets should be redetermined, using 
modern techniques. 

Since the large effects upon recrystallization kine- 
tics, microstructure, and texture in the iron-copper 
alloys used, and probably also in aluminum-iron 
alloys,’ were due to precipitation, it follows that the 
Liicke-Detert theory'’ of the effects of solutes upon 
boundary migration cannot be used to explain the 
phenomena, as has been done in the past.’ It also 
follows that Lticke and Detert were in error in as- 
signing a minor role to precipitation. 

It is clear from the results of Haessner and Weik, 
and from those presented here, that the primary re- 
crystallized texture of straight rolled iron can be 
controlled by — 


1) Amount of cold reduction. 
2) Annealing temperature. 


3) Precipitation following cold rolling. 


CONCLUSIONS 


1) It is very difficult to describe the texture of 
iron after straight cold rolling in terms of “ideal 
orientations,” and the development of this texture re- 
mains obscure. 
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Fig. 8—{110} pole figure of recrystallized iron—0.8 pet cop- 
per alloy, quenched from 925°C, cold rolled 90 pct, annealed 
3 hr 500°C, 4 hr 800°C. 


2) The texture of severely cold-rolled iron is not 
affected by the presence of copper, whether precipi- 
tated or in solid solution. 


3) As previously noted,'' low annealing tempera- 
tures cause a retention of the cold rolled texture in 
fully recrystallized iron. Increasing the annealing 
temperature produces the customary texture of an- 
nealed iron. 


4) The precipitation of copper in cold-rolled iron, 
after rolling, increases the tendency to retain the 
cold-rolled texture after annealing and prevents 
the formation of the usual annealing texture. 


5) The cold-rolled texture of iron is retained to 
a greater extent after annealing as the amount of 
precipitate formed after cold rolling is increased. 
Such an increase also leads to the greatest elonga- 
tion of recrystallized ferrite grains. 


6) A new interpretation of observations of prefer - 
ential grain growth in aluminum makes it probable 
that inhibition of new textures by precipitates dur- 
ing annealing is a general phenomenon. The effec- 
tive precipitates are those formed after cold rolling. 
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Annealing Twins and Coincidence Site Boundaries in 


Zone-Refined Aluminum 
K. T. Aust 


The occurrence of annealing twins in high-purity 
aluminum resulted in the formation of grain bound- 
aries having orientation relationships which corre- 
spond to a high density of coincidence sites. The 
results provide support for the coincidence site 
model and indicate that large-angle coincidence 
boundaries have lower free energies than large- 
angle noncoincidence boundaries. Observations are 
presented concerning the coherent structure of twin 
interfaces in aluminum and the importance of inter- 
facial energy in preferred orientation. 


Recent experiments! have shown that when an an- 
nealing twin is formed during grain boundary migra- 
tion in zone-refined lead, a large-angle random 
boundary is replaced at the growth front by a large- 
angle coincidence site boundary. The coincidence 
site orientation relationships obtained by twinning 
were of the type considered by Kronberg and Wil- 
son,” Frank,* and Dunn.‘ On the basis of the theory 
of annealing twins advanced by Fullman and 
Fisher,® these observations indicate that the energy 
of a coincidence site boundary is less than the en- 
ergy of a random boundary by an amount which ex- 
ceeds the energy of the coherent twin boundary. 
This energy difference between the coincidence and 
random boundaries must be at least about 5 pct 
since the ratio of twin boundary energy to grain 
boundary energy in zone-refined lead is 0.05 + .014.°® 
Fullman’ has found that the twin boundary energy 
in aluminum is about 21 + 5 pct that of a large-angle 
grain boundary. A twin boundary energy as large as 
this would be expected to exclude the formation of 
many coincidence site grain boundaries, especially 
those which have a relatively low density of coin- 
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cidence sites. Therefore, if the coincidence site 
model is a useful interpretation of certain large- 
angle boundaries, then it would be predicted that 
only coincidence boundaries which separate adja- 
cent crystals with a relatively high density of coin- 
cidence sites may be obtained as a result of twin- 
ning in aluminum. The present experiments provided 
a means of testing this prediction since annealing 
twins occurred during the growth of recrystallized 
grains into striated, melt-grown single crystals of 
zone-refined aluminum. 


EX PERIMENTAL PROCEDURE 


A striated single crystal of zone-refined alumi- 
num, about 1 cm sq and 37 cm in length, was ob- 
tained during zone melting of aluminum of 99.996 
wt pct starting purity in a graphite boat under he- 
lium atmosphere.’ A molten zone of 2 to 3 cm in 
length, which was maintained by induction heating, 
was passed along the length of the bar for eleven 
passes at a rate of 0.9 mm per min. An additional 
final pass was given at a rate of 0.2 mm per min. 
The center portion of the zone-melted bar was 
characterized by an electrical resistivity ratio 
between room temperature and 4.2°K of 8000 to 
9000. Single crystals of 1 to 2 cm in length were 
removed from the center section of the zone-re- 
fined bar and electrolytically polished in a 2:1 solu- 
tion of methyl alcohol and concentrated nitric acid. 
The specimens were then chemically polished in 
Alcoa R-5 solution. X-ray analysis of the single 
crystals indicated the presence of striations or lin- 
eage substructure having misorientations as high 
as 2 deg. 

New, recrystallized grains were introduced into 
each striated crystal by the technique of artificial 
nucleation and growth, previously described.® Dur- 
ing the growth of the recrystallized grains at 300° 
to 600°C in argon, it was sometimes found that a 
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Fig. 1—Macrophotograph showing growth of grain A and its 
twin A’ into an aluminum single crystal S. X10. 


twin of a recrystallized grain would form and grow 
into the striated crystal. An example of an anneal- 
ing twin which formed during grain boundary migra- 
tion is shown in Fig. 1. A recrystallized grain A, 
which was introduced by artificial nucleation and 
growth, and its twin A’, which formed during the 
growth of A, have advanced into the single crystal 
S. X-ray analysis confirmed the first-order twin 
relationship existing between grains A and A’. The 
orientation relationships between grains A and §, and 
between A! and S, were determined from X-ray 
back-reflection analysis. 


RESULTS AND DISCUSSION 


The results of the orientation determinations are 
given in the separate stereographic triangles of 
Fig. 2 for each case of twinning observed in the 
present study. The single axis of rotation relating 
the first growing grain A to the striated crystal S, 
by the smallest amount of rotation 6, is shown at 
the position before the arrow; the axis of rotation 
relating the twin of grain A, namely grain A’, to the 
striated crystal is given at the position after the 
arrow. The amount of rotation 6 is indicated at each 
axis position in Fig. 2. 

In every case, except in triangle No. 7, grain A 
is related to the striated crystal by rotations about 
high-index axes; these orientation relationships are 
similar to those previously defined as ‘‘random’’ 
grain boundaries.’ However, in all cases grain A! 
(twin of A) is related to the striated crystal S by 
ratations about axes near <110> and<111>. The 
orientation relationships about <110> cor- 
respond closely to the coincidence site relationships 
of 39 deg about <110> in which the density of coin- 
cidence sites is 1 in 9 (triangle Nos. 1,2, and 3), and 
50 deg about < 110> in which the density of coinci- 
dence sites is 1 in 11 (No. 4). The observed rota- 
tions about < 111> (Nos. 5 and 6) may be interpreted 
in terms of the coincidence site relationship of 38 
deg about <111> with a density of coincidence sites 
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Fig. 2—Stereographic plots of the axes of rotation which 
relate each of the grains A and A! with the striated crystal 
S by the smallest amount of rotation 6, in eight cases of 
twinning. 


of 1 in 7. In one instance (No. 7), the coincidence 
value of near 39 deg about <.110> was replaced as 

a result of twinning by a near-twin boundary of 58 
deg about < 111> in which the density of coincidence 
sites approaches 1 in 3. The results given in the 
last triangle (No. 8) confirm a previous suggestion’ 
that twinning may also occur when the boundary 
separating grains A’ and S is a medium-angle bound- 
ary and, therefore, a lower energy boundary. 

A summary of the coincidence site orientation 
relationships obtained by twinning, in the previous 
study on lead! and in the present work on aluminum, 
is shown in Table I. It is evident that where an an- 
nealing twin was formed during grain boundary 
migration in high-purity aluminum, a large-angle 
random boundary is replaced at the growth front by 
a large-angle coincidence boundary or, in one case, 
by a medium-angle boundary. The observed coin- 
cidence site relationships in aluminum are those 
with the highest densities of coincidence sites about 
<110> and <111>.?™ In the previous work on 
zone-refined lead,' the formation of annealing twins 
resulted in the appearance of coincidence boundaries 
corresponding to low as well as high densities of 
coincidence sites, e.g. see Table I. These observa- 
tions are, therefore, consistent with the experiment- 
ally measured larger ratio of twin boundary energy 
to grain boundary energy in aluminum’ as compared 
to lead.® 

It should be noted that the ratio of interfacial free 
energy of twin boundaries to that of grain boundaries 


Table |. Coincidence Site Orientation Relationships 
Obtained by Twinning 


Density of 
Coincidence 
Axis 6, deg Sites 
High-purity lead <110> 39 1in9 
(Ref. 1) <110> 56 1 in 41 
<100> 16 1 in 25 
<111> ~60 ~1lin3 
22 ‘lin 7 
<111> 47 1 in 19 
High-purity aluminum <110> 39 1in9 
(present work) <110> 50 1in 11 
<11b ~60 ~1 in 3 
<111> 38 lin7 
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Fig. 3—Photomicrograph showing surface pits near a co- 
herent twin boundary in aluminum. X300. Reduced approxi- 
mately 23 pct for reproduction. 


of 0.21 + 0.05 was determined for aluminum of 99.96 
pet purity.” This ratio may be somewhat lower for 
the zone-refined aluminum used in the present ex- 
periments. For example, Bolling and Winegard® 
found that 0.1 at. pct of silver in zone-refined lead 
raised the ratio of twin boundary energy to grain 
boundary from 0.050 + 0.014 to 0.077 + 0.016. Con- 
sequently, the difference in interfacial energy be- 
tween the random and coincidence boundaries in the 
present specimens may not be quite as large as 
would be deduced from the Fullman- Fisher theory 
and from Fullman’s twin boundary energy measure- 
ment on relatively impure aluminum. 

The presence of a coherent structure in the twin 
interface of aluminum may be inferred from ob- 
servations on the formation of surface pits at twin 
boundaries. For example, Fig. 3 shows a photo- 
micrograph of a twin boundary in zone-refined alu- 
minum after a 4 hr anneal at 600°C in argon fol- 
lowed by furnace cooling at a rate of approximately 
2°C per min. The surface pits shown in Fig. 3 are 
similar to those which have been observed by 
Doherty and Davis’® to form on smooth-polished 
surfaces of aluminum single crystals during cooling 
from elevated temperatures. They concluded that 
these pits are formed by the condensation of vacan- 
cies at surface sites in the free surface. These sur- 
face pits do not form in the vicinity of small or large 
angle grain boundaries since such boundaries act as 
sinks for vacancies.’° The presence of surface pits 
right at the twin boundary in Fig. 3 indicates that 
this boundary is not a good sink for vacancies, pre- 
sumably due to the coherent structure in the twin 
interface. In this connection, Barnes et al.!! demon- 
strated that grain boundaries in copper are effective 
sources of vacancies but twin boundaries are not. 

Doherty and Davis’® suggested that the points of 
emergence of dislocations at the surface act as sites 
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for the nucleation of pits. This was recently con- 
firmed by Lommel,” who used X-ray diffraction 
microscopy to compare the distribution of disloca- 
tions with the distribution of vacancy pits in alumi- 
num. The pit density in regions on the surface, as 
shown in Fig. 3, was about 10° per sq cm, which may 
also correspond to a dislocation density in view of 
the above results. 

The coincidence site orientation of 38 deg about 
<111>, which was obtained by twinning in aluminum, 
is of interest since it is an orientation relationship 
frequently observed in annealed fcc metals.’* In this 
connection, Verbraak’* has found that secondary re- 
crystallized grains in copper, which are related to 
the primary cube texture matrix by Kronberg and 
Wilson rotations of 38 and 22 deg about <111>, 
were derived by twinning. In addition, Aust and 
Rutter’ have shown that grain boundary energy, 
through the twinning process, plays an important 
role in obtaining preferred orientations of the coin- 
cidence type in high-purity lead. It is evident from 
these various observations that grain boundary 
energy is an important factor in the development of 
preferred orientations in annealed metals. 


SUMMARY 


Annealing twins were obtained during the growth 
of recrystallized grains into striated, melt-grown 
single crystals of zone-refined aluminum. It was 
found that where an annealing twin was formed, a 
large-angle random boundary was replaced by a 
large-angle coincidence site boundary or by a me- 
dium-angle grain boundary. The coincidence bound- 
aries observed in the present experiments corre- 
spond to orientation relationships having a high den- 
sity of coincidence sites about <111> and <110> 
axes. 

These results are consistent with the relatively 
high ratio of twin boundary energy to grain boundary 
energy in aluminum and, therefore, provide support 
for the interpretation of certain large-angle grain 
boundaries in terms of the coincidence, site model. 
The present study indicates that large-angle coin- 
cidence grain boundaries have lower free energies 
than large-angle noncoincidence grain boundaries 
in high-purity aluminum. The importance of these 
differences in grain boundary energy, in the intro- 
duction of preferred orientations of the coincidence 
type, is noted. 
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The Effect of Hydrostatic Pressure On 


Self-Diffusion in Lead 


John B. Hudson and Robert E. Hoffman 


The self-diffusion coefficient of pure lead has been 
measured at five pressures between atmospheric and 
40 kb. over a temperature range of about 150°C near 
the melting point at each pressure. Measurements 
were made using a radiotracer technique, samples 
being sectioned electrochemically after the diffusion 
anneal to determine the diffusion penetration curve. 
Pressure was applied ina ‘‘belt’’ type pressure de- 
vice similar to that used by Hall et al., in the dia- 
mond synthesis. 

The self-diffusion coefficient, D, can be repre- 
sented by an equation of the form 


AH* 

D =D, RT. 

at constant pressure, and an equation of the form 
PAv* 


D=D,e RT 


at constant temperature. 

An apparent correlation between the effects of 
pressure on self-diffusion and on the melting point 
of the material observed by Nachtrieb et al., at pres- 
sures below 10 kb. was found to be only approximate 
as measurements are carried to higher pressures. 


Over the course of the past 30 years a large num- 
ber of studies*”® of the rate of atom movements in 
solid metals have been carried out. These studies 
have in general been aimed at increasing the under- 
standing of the detailed atomic process by which 
atom movements in metals can take place. The 
largest portion of these studies consisted of meas- 
urements of the self-diffusion coefficient, D, asa 
function of temperature. From such studies con- 
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siderable information regarding the energetics of 
the motive process has been deduced. 

Recently such measurements have been extended 
to the pressure dimension. However, the existing 
work in this area is scanty and has in the past been 
limited to the pressures attainable in oil or gas 
bombs—i.e., up to about 10 kilobars (kb). In the 
present work, the self-diffusion behavior of pure 
lead has been investigated using the ‘‘belt’’ type 
high-pressure apparatus designed by Hall’ over a 
pressure range from atmospheric to 40 kb at tem- 
peratures extending over about a 150°C range close 
to the melting point at each pressure. 


THEORY OF DIFFUSION 


The first treatment of the kinetics of the diffusive 
process was an extrapolation of the absolute reac- 
tion rate theory of Eyring and coworkers® to cover 
this process. Application of this treatment to deter- 
mine a value for D leads to the expression: 

(AG + AGH) 
D=ad* RT [1.1] 


where a is a constant determined by lattice geome- 
try, A the ‘‘jump distance,’’ 7.e. the distance an atom 
moves in the crystal while accomplishing a unit jump, 
Vo a weighted mean lattice vibrational frequency, 
AGr the Gibbs free energy of formation of one mole 
of the defect active in the diffusive process, if such a 
defect is involved, and AGu the increase in Gibbs 
free energy associated with the transition of one 

mole of individual diffusing systems from equilibrium 
to the so-called ‘‘activated configuration’’ from which 
the motive step is accomplished spontaneously. From 
this equation one may obtain the familiar form: 


AH* 
D=D, e-RT [1.2] 
where 
AS* 
Do= a x? Voe R [1.3] 
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Furthermore, one may obtain by differentiation of 
Eq. [1.1] with temperature and pressure respec- 
tively that: 


[1.4] 


@in—2 
[1.5] 
oP T RT 

where AH* the measured ‘‘activation energy’’ is the 
sum of two terms AH; and AHyy whose significance 
is similar to the two free-energy terms mentioned 
above and AV*, the measured ‘‘activation volume’? is 
similarly defined by a AVp and AV;7. These two 
terms, AH* and AV* can both be obtained from ex- 
perimental measurements of D as a function of tem- 
perature and pressure. Their significance will be 
discussed at greater length later in this work. 

An alternative way of looking at D is to consider 
a dynamical model of the lattice, in which the motive 
step takes place by a suitable combination of the 
normal vibrational modes of the lattice. In sucha 
process for the case of the fcc lattice, the four 
nearest neighbor atoms common to the potential 
diffusing atom and its associated defect are re- 
quired to move apart just enough to allow the dif- 
fusing atom to slip through at just the same instant 
that the diffusing atom acquires sufficient energy in 
the direction of the defect to make the jump. Sucha 
treatment has been developed by Rice, ® leading to 
the expression 


i k>l 


where U, is the kinetic energy associated with the 
motion of the diffusing atom, U;’s are the energies 
associated with the motions of all other atoms which 
must move in order for the jump to take place, and 
W,, is the potential energy change associated with 
the relative motion of atoms k and/. By suitable 
rearrangement of terms one obtains from this 
treatment 


dln D 
1 

oF 
a relation formally identical to Eq. [1.4] of the ab- 
solute reaction rate theory. 

This treatment has been further expanded by Rice 
and Nachtrieb’’ to cover the effect of pressure on D. 
Here the authors consider a crystal whose Debye 
temperature is low compared to room temperature 
(. &. Op = 88°K for lead) and assume that the solid 
may be considered classical (i. equipartition 
of energy among modes exists). From considera- 
tions of the effect of pressure on the equilibrium 
lattice positions and vibrational amplitudes, they 


[1.7] 


1 
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find that Uj, U;, and W,, are all linear functions of 
pressure. This leads to the expression 


bP 
D(P) = D(o) xT [1.8] 


at constant temperature, where b is a constant given 
by 


b=b' +AVp [1.9] 


and b’ is another constant representing the depend- 
ence of U,, U;, and W,, terms on pressure. We may 
readily obtain from the above that 


[1.10] 


a relation formally identical to Eq. [1.5] of the ab- 
solute reaction rate theory. 

Rice and Nachtrieb’° have further identified the 
changes in U and W terms with pressure with the 
change in the melting point of the material with 
pressure. Using this assumption, one can deduce 
the relation 


din D AV* 
= aT, AH3 - ar... [1.11] 


where the subscript o refers to zero pressure, 7', 
is the zero pressure melting point and 7, is the 
melting point at pressure. This relation predicts 
that, aside from slight deviations at T,,/J > 1 due 

to the change of d7,,/dp with pressure, InD should be 
a linear function of the single variable 7',,/T at all 
pressures. This relation has been found to hold in 
previous works by Nachtrieb et al.’"'* for self-dif- 
fusion in sodium, white phosphorus, and lead at 
pressures below 12 kb. 


EXPERIMENTAL 


In view of the limited volume of the sample cham- 
ber of the press used in this work, it was decided to 
use a cylindrical sample, with the radioactive tracer 
layer plated on the cylindrical face. 

This arrangement gave the maximum active sur- 
face area consistent with the limited space available 
in the high pressure cell. 

In order to achieve maximum accuracy and re- 
liability it was desirable to employ the sectioning 
method of diffusion measurement.** Other experi- 
mental conditions, dictated primarily by the press 
design indicated the need for the development of 
methods for removing uniform cylindrical layers 
of a few microns thickness and for measuring the 
thickness of each section accurately. The method 
chosen to meet these requirements was the electro- 
chemical dissolution of material from the sample 
surface. This was accomplished by making the lead 
sample the anode in the electrochemical cell 


Pbis) | Pb | Pb 
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Sections were taken by making connection in the cell 
long enough for the desired amount of material to be 
put into solution by the cell reaction 


Ph + PbO, + 2H,O +4 OH 


This had the advantages that material would be re- 
moved under practically reversible conditions, with 
no tendency toward preferential dissolution at any 
one area (aside from small differences in chemical 
potential on various crystal faces which is shown 
later not to be an important factor in the present 
case), that it was ideally suited to removal of ma- 
terial from a nonplanar surface, and that the prog- 
ress of the dissolution could be followed by meas- 
uring the total current passed. 

The required current integration was accom- 
plished with an electronic coulometer of the type 
described by Hudson and Dickey.*® Precision and 
Sensitivity of this coulometer were such that one 
could dissolve sections 2-yp thick from the sample 
surface with an error of + 0.02 uy, or +1 pcet,a 
figure well within the previously calculated allow- 
able limit. 

Samples for the measurements of this work 
were cylinders of zone-refined lead, in excess of 
99.9999 pct pure, ~0.250 in. long, and ~0.117 in. 
in diameter. These samples were cut by various 
acid machining techniques from melt-grown single 
crystals of the zone-refined lead. After the cutting 
operations, all samples were thoroughly annealed to 
relieve stresses introduced in the cutting operations 
and to insure that no recrystallization would take 
place during the diffusion anneal. 

Radioactive Pb™° was electroplated onto the cylin- 
drical surface of the sample from a plating bath 
which was a modification of that described by Blum 
and Hogaboom.*® Samples were cleaned in 50 pct 
HNO, immediately prior to plating to insure that a 
clean, oxide-free surface was exposed to the plating 
bath. 

The samples diffused at atmospheric pressure 
were annealed in a test tube filled with the same 
silicone oil subsequently used as a pressure trans- 
mitting agent in the high-pressure runs. These tubes 
were heated in a furnace in air for the required dif- 
fusion time. The heating and cooling times in this 
set of experiments were in all cases less than 3 pct 
on the time of anneal. Temperature in the furnace 
was maintained within + 1°C over the period of the 
anneal. 

Samples which were annealed under pressure 
were mounted in the sample chamber of the ‘‘belt’’ 
type high-pressure apparatus described by Hall.’ 
The sample was surrounded in the cell by silicone 
oil to insure hydrostatic conditions during pressing 
and anneal. 

Previous to its use in the diffusion measurements 
the pressure and temperature within the sample 
chamber of the press were determined by calibra- 
tion. Pressure calibration was obtained by meas- 
uring the applied load at which certain phase changes 
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Table |. Press Calibration Data 


Chamber 
Temp, Press Load, Pressure, 
Transition baa Lb of Oil kb 

Bi I to Liq 243 220 7,000 
Bi I to Liq 208 365 13,800 
Bi I to Bi Il 18 657 25,700 
Tl II to TI III 18 1035 45,000 
Ba I to Ba Il 18 1700 80,000 


took place within the sample chamber and relating 
these loads to the accepted literature values of the 
pressures at which these transformations take place. 
Since there is currently some controversy as to the 
correct reference values, the press loading at which 
transformations were observed in this work, the 
transformation observed, and the literature value of 
the transition assumed to be correct in this work are 
included in Table I for future reference. 

Temperature calibration was accomplished by 
measuring the melting point of lead at various cham- 
ber pressures. Results of these measurements were 
in good agreement with the previous work of Butuzov 
and Gonikberg’’ and it is thus inferred that tempera- 
ture measurements given in this work are correct to 
within + 2°C at all pressures. 

Samples were annealed in this belt apparatus at the 
predetermined pressure and temperature for the re- 
quired diffusion time and then quenched by turning off 
the power to the sample heater. This resulted in the 
sample being quenched to near room temperature in 
less than 20 sec. During the anneal pressure re- 
mained constant to within +.15 lb and temperature 
was controlled to + 1°C. 

The apparatus used in sectioning the sample after 
anneal is shown in Fig. 1. The sample was cleaned 
after anneal to remove the silicone oil and any sur- 
face film developed during the anneal. The nonac- 
tive ends of the sample were then cut away by acid 
polishing to avoid end-effects in the analysis. 

The sample was next soldered to a silver rod, 
weighed, and the nonactive areas masked with lac- 
quer. This assembly and a PbO, cathode, made by 
plating PbO, on a nickel wire by the method of 
Kato et al.,** were next mounted in the sectioning 
apparatus as shown in Fig. 1. 


> OC AMPLIFIER 
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Fig. 1—Sectioning apparatus. 
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An aluminum pan containing the electrolyte, an 
aqueous solution of ammonium acetate, was posi- 
tioned as shown, and revolution of the cathode about 
the sample begun. The circuit composed of the cell 
and electronic coulometer was then closed, and cur- 
rent permitted to flow, using the electromotive force 
of the Pb/ PbO, cell as driving force, until the coulo- 
meter reading indicated that sufficient current had 
been passed to dissolve a 2-y layer from the sample 
surface. The electrolysis was then stopped, the pan, 
now containing the lead from this section, set aside 
to evaporate to dryness, and the cathode replaced 
with a fresh wire. Another section was then taken as 
described above. In all, fifteen sections were taken 
from each sample. 

Note that it is extremely important that the sam- 
ple surface be clean and stress-free before section- 
ing is begun and that the ammonium acetate elec- 
trolyte be freshly prepared for each sample. Other- 
wise uneven etching or pitting will result. 

After the sectioning of a sample was completed, 
the sections taken were set aside for 30 days, about 
six half-lives of Bi”°, in order to achieve secular 
equilibrium between Bi”° and Pb™°. This holding 
time is identical to that used in previous studies of 
self-diffusion in lead. After this period had elapsed, 
sections were counted by a shielded Geiger tube set 
up so as to insure reproducible geometry for all 


num disc which trapped the a emission from the 
Po”° daughter. At least 10° counts were taken for 
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Fig. 2—Diffusion data at atmospheric pressure. 
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samples, and screened from the sections by an alumi- 


each section used in constructing the penetration 
curve for the sample. 

The choice of cylindrical symmetry for this work 
called for a special solution to Fick’s Law in order 
to obtain a value for D from the observed penetra- 
tion curve. The solution obtained was found to re- 
duce, within negligible error in D, to the simple 
planar surface case for the conditions of the pres- 
ent study. 

The penetration curve for the radioactive lead in 
each sample was determined in the usual manner 
from the coulometrically determined weight of each 
section and its observed specific activity. In these 
calculations no corrections were made for changes 
in density under the conditions of the anneal due to 
thermal expansion and compressibility. Rough cal- 
culations showed that any such correction would 
certainly not cause a change in D of more than 2 pct 
and no really good assumptions could be made about 
the changes of the thermal expansivity and compres- 
sibility with pressure and temperature. 

The log of the observed specific activities was 
plotted vs the square of the calculated penetration 
distance, and the value of D was then determined 
using the formula 


0.1086 


dlogA 
d(a-r)* 


D [2.1] 


where a is the initial sample radius and 7 is the 
radius after the removal of the section in question. 
The slope of the curve was in all cases determined 
by eye. 


RESULTS 


Results of diffusion runs made at atmospheric 
pressure are shown in Fig. 2. Here the results of 
this work, along with those of the previous studies 
of Nachtrieb ef al.*° and of Okkerse™ are plotted 
in the familiar log D vs 1/T form. As can be seen 
from this figure, agreement among the three 
Studies is quite good. Activation energies derived 
from the three sets of data differ by less than + 3 pct 
with the result of the present study lying between 
the two previous results. Individual D values found 
in the present study all lie within + 10 pct of values 
found in the previous studies. 

This good agreement has important implications 
in regard to the experimental techniques used here. 
Had there been some serious flaw in the assumption 
that the plane surface approximation could be used 
in the calculation of D values from the data obtained 
by sectioning on a cylindrical surface, this should 
have been reflected in a disagreement between the 
results of this work and the previous studies,*°™ 
both of which were carried out using the standard 
techniques of cutting sections mechanically from a 
plane surface. 

Similarly, any flaw in the experimental procedure, 
such as errors arising from poor plating technique, 
annealing in silicone oil instead of in vacuum, errors 
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Fig. 3—Diffusion data at high pressures—isobars. 


in the sectioning technique described above, or er- 
rors in counting the activity of the resulting sections 
should show up as discrepancies at this point. Bar- 
ring the unlikely possibility of large compensating 
errors, it appears that on the basis of this compari- 
son one can Set the cumulative experimental limits 
of error in the plating, annealing, sectioning, and 
counting operations at about +10 pct. This limit 
does not, of course, include any errors in measure- 
ments made at high pressures due to errors in 
measurement or control of the pressure or tem- 
perature in the high-pressure cell. 

The high-pressure diffusion data were collected 
as isobars—i. e., a number of runs were made over 
a range of temperatures at each of four chosen pres- 
sures. These isobars are presented in Fig. 3. It can 
be seen that the results of diffusion runs at high 
pressures follow the same linear log D vs 1/17’ 
relation as those annealed at atmospheric pressure, 
but that the scatter is appreciably greater. This in- 
creased scatter is probably due mainly to uncertain- 
ties in the control and measurement of the pressure 
and temperature within the sample chamber. The 


pressures studied cover the range up to 40 kb,a limit 


imposed by the loss of thermal stability of the pres- 
sure transmitting agent. Temperatures covered the 
range from slightly below the melting point at each 
pressure down to about 150°C below this melting 
point, a range considered sufficient to allow deter- 
mination of the slope of each isobar. 

A least-squares analysis was applied to each iso- 
bar to determine the equation of the straight line 
which best fits the data. Such a fit represents the 
data by an equation of the form 

AH* 
D=D,e-RT [3.1] 
The results of these analyses and the analysis of 
the atmospheric pressure data, as well as the er- 
rors, AH*, log D, and log D at any temperature, are 
given in Table II. Errors listed are in all cases the 
probable error. 

Data such as these determined here can also be 
used to show the variation in log D with pressure. 
Isotherms can be constructed from a plot similar 
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Table Il. Results of Least Squares Analyses 


Pressure, AH*, 
kg/cm? kcal/mol log D, 
0.0 24,800 + 600 -0.334 + 0.245 
13:2 26,500 + 500 -1.022 + 0.177 
21.4 28,300 + 2000 -1.259 + 0.662 
30.3 26,200 + 2600 -2.448 + 0.802 
40.3 27,300 + 850 —2.694 + 0.225 


to Fig. 3 by choosing a temperature then picking 
off the values of log ) corresponding to this tem- 
perature from the least-squares calculated lines. 
Results of this construction are shown in Fig. 4, 
which gives log D vs pressure for a number of ar- 
bitrarily chosen temperatures. A separate graph, 
showing the comparison between the results of this 
work and that of Nachtrieb e¢ al.** is shown in Fig. 5. 
It can be seen from this figure that the data of the 
two studies are in quite good agreement in the range 
of pressure covered by both sets of data. 


DISCUSSION 


A) Technique, Although it was not the prime ob- 
jective of this study, one of its more important re- 
sults is the precise technique evolved for the re- 
moval of very thin sections from a sample by elec- 
trochemical sectioning. In the present work, sam- 
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Fig. 5—Comparison with data of previous work. 


ples of about 2y. thickness were taken, mainly be- 
cause this was a convenient distance based on con- 
siderations of the steepness of the penetration curve 
resulting from the value of D in the system studied 
and available time at temperature. 

The error in measuring the thickness of a section 
and the microscopic surface roughness resulting 
from the etching process are slight enough that sec- 
tions as thin as 1/2 could have been taken. The 
only limitation that arises is that of not having suf- 
ficient active material in a section to give statistic- 
ally valid results in the counting of the activity of a 
section. This problem is of course easily solved 
where space is not a problem by using a larger dif- 
fusion area. 

The lower limit on the diffusion coefficient meas- 
urable by this technique can be set at about 107'* cm? 
per sec on the assumption of a 30-day diffusion time 
removal of 15 1/2u sections and a A log A of 2 in this 
distance. Accuracy under these conditions should be 
about +10 pct. This value for D is not as low as that 
obtainable from such methods as internal friction, 
a-particle back scattering, or surface counting tech- 
niques, but it is applicable to self-diffusion, which 
internal friction is not, and shows much greater ac- 
curacy than the other two methods. The only other 
method capable of measuring diffusion coefficients 
in this range with comparable accuracy is the pre- 
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cision grinding technique. This technique cannot, 
however, be applied to any but planar diffusion inter- 
faces, and is difficult to use on soft materials, such 
as lead. 

The only serious potential limitation of this tech- 
nique is the problem of finding the proper cathode 
and cell electrolyte materials for a given system. In 
pure metals this should not be too great a limitation, 
with the possible exception of the extremely cathodic 
metals such as gold or platinum. In alloys, however, 
there is always the possibility of preferential disso- 
lution of one component. This limitation, while it 
might cause great difficulty in some systems, should 
not be insuperable in most. 

B) Diffusion Results. As was shown in Fig. 3, log 
D was found to vary linearly with 1/T at all pres- 
sures studied, as has been observed many times for 
cases of diffusion at atmospheric pressure. The 
slope of this curve, however, as measured by the 
activation enthalpy, AH* is not constant with pres- 
sure, as can be seen from Table II. The activation 
energy appears to increase with increasing pressure, 
but the limits of error in observed AH* values do not 
permit quantitative evaluation of the change. This 
increase seems physically reasonable, as AH;, the 
work required to form a defect which requires an 
expansion of the crystal would increase as the ex- 
ternal pressure increased. Similarly one would ex- 
pect an increase in the motional energy contribu- 
tion, defined either as the work required to push 
apart the neighboring atoms between the defect and 
diffusing atom, as in the absolute reaction rate treat- 
ment, or as-a combined increase in the energies of 
the lattice vibrational modes active in the motive 
process as in the dynamical treatment. 

Data of the sort given in Fig. 4 may be used to 
calculate the activation volume for diffusion, defined 
above as 


D 

AV* = Vo 
/p 


4.1) 


This has been done using the present results, cal- 
culating the activation volume as 


Al 
ave (222) 


These values differ from the correct ones defined 
in Eq. [4.1] by the additive factor 


+ RT + (2 [4.3] 


This factor has been shown by rough calculations 
to be less than 2 pct of the values of AV* calculated 
using Eq.[4.2], which is certainly negligible com- 
pared to the probable errors in the experimental 
measurements. 

Values of AV* found in this way, as well as the 
values reported by Nachtrieb’* are summarized in 
Table III, along with the appropriate temperatures 
and ratios of AV*to the molar volume V. Values 
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Table III. Calculated Activation Volumes 
1000/7, AV*, 
cm’/mol AV*/V Source 
1.30 13.0 0.715 Present work 
1.50 12:2 0.670 Present work 
1.67 11.6 0.637 Present work 
1.70 1S 0.632 Present work 
1.74 18.2 0.615 Present work 
1.74 13.0 0.715 Nachtrieb 
1.90 10.9 0.599 Present work 
1.90 15.4 0.846 Nachtrieb 
2.10 10.4 0.572 Present work 


given based on the present work are for the portion 
of the isotherm below 20 kb, where AV* is appar- 
ently constant with increasing pressure. The de- 
crease in AV* with Pat higher pressures may or 
may not be real, depending on the pressure values 
one uses for the standards in the press calibration 
and so no conclusions are drawn from this apparent 
change. Note the values reported by Nachtrieb, es- 
pecially that at the lower temperature, are some- 
what larger than those found in the present work. 
This is apparently due mainly to the short range 

of pressure covered and experimental scatter in 
Nachtrieb’s results, which is apparently worse at 

the lower temperatures. 

Note that the value of AV* observed in this work, 
which varies slightly with temperature and pres- 
sure, is about 11.6 cm® per mol, or about 64 pct of 
the molar volume V, at a temperature near the 
atmospheric pressure melting point. This figure 
may be compared with the calculations by Tewordt™ 
of 0.55 V for the formation of vacancies and 0.67 V 
for the formation of interstitials in copper @lso fcc) 
and with the value of 0.15 V observed by Emrich and 
Lazarus” for the mobility volume of vacancies in 
gold fcc). 

The data of this study have also been used to check 
the validity of the relation proposed by Nachtrieb 
et al.** correlating the effects of pressure on self- 
diffusion and on the melting point (cf. Eq. [1.11]). A 
plot of log D vs T,,/T, shown in Fig. 6, indicates that 
the proposed relation is not very well obeyed in the 
present case. At T,,/7'= 1, where Eq. [1.11] should 
be exact, measured diffusion coefficients at atmos- 
pheric pressure and at 40 kb differ by about a factor 
of four. Note that this result is independent of any 
uncertainties in the pressure scale, as both D’s and 
T,,’S were measured with reference to the same 
scale. 

We may now consider the results of this study in 
terms of various theoretical predictions. Up to this 
point no assumptions have been made as to the na- 
ture of the defect active in self-diffusion in lead. 
Previous diffusion studies in fcc metals,*® have all 
tended to support the vacancy as the most probable 
active defect. It is felt that the results of the present 
work support this contention. The observed activation 
volume is somewhat larger than the value calculated 
by Tewordt™ for the equilibrium volume of a vacancy 
in copper, but is somewhat smaller than that calcu- 
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lated for an interstitial. Since the observed AV* con- 
tains both the formation volume of the active defect 
and an incremental volume associated with motion 
the correct mechanism must satisfy the condition 


AV obs (AV F)ecale [4.4] 


This condition rules for the vacancy in the present 
case. We may now write that 


AVyy = AV*- AVE [4.5] 


Inserting the observed AV* = 0.64 V and the calcu- 
lated AV; = 0.55 V we see that AV},~ 0.1 V for the 
present case. This appears to be a surprisingly 
small figure when one considers the configuration 
appropriate to the activated complex, wherein the 
four nearest neighbor atoms between the diffusing 
atom and the vacancy must be forced apart enough 
to allow the diffusing atom to pass through. The only 
apparent rationalization of the observed value of 
AV* with a picture of an activated complex is a con- 
figuration in which one considers this activated com- 
plex to consist of a fairly large number of atoms, 
and assumes the free volume associated with the 
vacancy at equilibrium to be distributed over this 
fairly large volume in such a way that the dilation 
observed during the activation step is quite small. 
This of course requires that the ions in the lattice 
be somewhat elastic. This concept is similar to 
that of the ‘‘relaxion’’ proposed by Nachtrieb ef al.” 
This situation, however, would require that a sys- 
tem composed of a large number of atoms come to 
thermal equilibrium with the surrounding lattice 
in a time short compared to the normal lattice vi- 
brational frequency, and it is upon this highly un- 
likely premise that the objection to the application 
of absolute reaction rate theory to self-diffusion is 
based, 

The dynamical treatment is free from this objec- 
tion. The constant b, experimentally determined as 


D 


[4.6] 


is formally identical with AV* of the absolute re- 
action rate theory and indeed contains the same AV;. 
The remainder of this term, corresponding to AV 
deals with the pressure dependence of the vibra- 
tional modes and the correlation energies, and is not 
identified with any real volume. It is thus not tied to 
the objection raised above concerning the unexpected 
smallness of AV 

The utility of the dynamical approach is however, 
quite limited by the difficulty in calculating any ex- 
pected value for 6. Rice and Nachtrieb’° tried to do 
this by assuming that the effect of pressure on self- 
diffusion behavior could be well represented by the 
effect of pressure on the melting temperature. Justi- 
fication given for this procedure was that it appar- 
ently worked at low pressure’ ° and one could plot 
log D vs T,,,/T and find that all data fitted a single 
straight line. It has been shown in Fig. 6 of the 
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Fig. 6—Test of Nachtrieb’s relation—log D vs Tm/T. 


present work that there is marked deviation from 
this relation at higher pressures. In view of this 
sharp discrepancy it is felt that no more meaning 
can be attached to this apparent correlation than to 
other such correlations as that between the Debye 
temperature and the melting temperature, or the 
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Debye temperature and the activation energy for 
diffusion, and so forth, all of which show some de- 
gree of correlation mainly because all are in some 
way related to the strength of binding in the solid. 
For example, a high Debye temperatures implies 
strong binding, which in turn implies a large AHr 
for vacancy formation and difficulty in straining 
the lattice enough to move these vacancies (7. é., 
a large AHyy in absolute reaction rate theory) and 
thus an apparent correlation between the Debye 
temperature and AH* for diffusion is observed. 
Similarly, other correlations which have been 
based on the relation of D to the melting tempera- 
ture are seen to be only approximate, and the close 
agreement with experiment observed in some of the 
earlier works must be regarded as fortuitous. While 
such correlations may be useful in order of magni- 
tude calculations, it is felt that no basic importance 
should be attached to them. It is certainly over 
optimistic to claim that on the basis of the loose 
correlation between D and the melting temperature 
that the basic transport process in diffusion is 
identical to the nucleus for melting, as was done by 
Nachtrieb et al.** 
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Embrittlement of NaCl by Surface 


Compound Formation 
W. H. Class, E. S. Machlin, and G. T. Murray 


The embrittling effects of oxygen, ozone, nitrogen, 
air, and surface residues, on NaCl has been investi- 
gated. The embrittlement by ozone and oxygen was 
found to be associated with the formation of a NaClO; 
surface compound. In these cases the initial crack 
that was responsible for fracture (in a bend test) al- 
ways nucleated at the corners between the tension 
and side faces. The behavior of air was very erratic 
and on certain days did not produce embrittlement. 
During these periods, crystals that had become em- 
brittled by the ozone treatment completely recovered 
their ductility after a short exposure to the ambient 


atmosphere. 


Ir was established many years ago’ that consider- 
able ductility could be obtained in NaCl single- 
crystal specimens if the crystal surfaces were dis- 
solved in water either during or immediately prior 
to the test. The original interpretation of this ef- 
fect by Joffe attributed the enhanced ductility to the 
removal of surface microcracks by dissolution. Later 
investigations?»? have suggested that the exclusion of 
air from the specimen surface is the criterion for 
extensive plastic flow prior to fracture. The air em- 
brittlement in this later work was attributed to the 
diffusion of gaseous atoms into the surface layers 

of the crystal, thereby impeding the movement of 
dislocations. This model satisfactorily accounts for 
the reembrittlement observed after further air ex- 
posure subsequent to the water dissolution treatment. 
However, the situation has recently become more 
complex by the observations in several laboratories*~® 
that under certain conditions air exposure does not 
impair the ductility of NaCl. It has also been recog- 
nized® that improper drying operations after water 
dissolution can leave surface precipitates that lead 
to embrittlement. 

Cleavage defects on as-cleaved crystals can often 
be another source of embrittlement. 

In the present work the effect of the gaseous at- 
mospheres nitrogen, argon, air, oxygen, and ozone, 
on the ductility of rock salt was studied extensively. 
The embrittlement resulting from oxygen and ozone 
exposures was found to be associated with the forma- 
tion of a NaClO, surface film. It is suggested that 
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certain atmospheres, one of which often can be ambi- 
ent air, which inhibit the formation or favor the de- 
composition of this compound, can promote ductility. 
Thus one aspect of the Joffe effect is certainly related 
to the removal of surface compounds or complexes 

by water dissolution. The effect of surface precipi- 
tates that remain after drying operations and of cleav- 
age defects were also studied. In neither of the latter 
cases was the embrittlement as severe as that found 


with a NaClO, surface layer. 


PROCEDURE AND SPECIMEN PREPARATION 


The nature of the embrittlement produced by the 
agents mentioned above was studied by means of mi- 
croscopy, mechanical testing, and X-ray diffraction. 
Specimens were cleaved from large crystals of optical 
quality sodium chloride obtained from the Harshaw 
Chemical Co., and, except for those tested in the as- 
cleaved condition, were given a 15- to 20-sec immer- 
sion in distilled water followed by a rinse in abso- 
lute methyl alcohol. The specimens were then 
blotted on a soft, absorbent paper, and dried by a 
few seconds exposure to a stream of warm, dry air. 
Such a procedure was found to give a control surface 
which was microscopically free of residues. (A few 
crystals were intentionally painted with a concen- 
trated NaCl solution in order to investigate the ef- 
fect of surface residues). All specimens were of 
0.140 sq in. cross-section. 

Crystals prepared in the above manner were im- 
mediately placed in a gas train where they could be 
exposed to the desired gases for preselected periods 
of time. For the oxygen and nitrogen exposures, pure 
reagent-grade gases were employed. The ozone was 
provided in the form of an ozone-oxygen mixture 
(approximately 10 pct ozone) prepared by passing 
commercial grade oxygen over a strong ultraviolet 
light source. All gases were dried prior to their 
introduction into the train. Since argon was found to 
be completely inert in its behavior (i.e., residue- 
free specimens that were exposed to argon were not 
embrittled), itwas periodically utilized to check the 
control specimen surfaces as well as the condition of 
the gas train used for aging the specimens. After ex- 
posure to the gaseous media in question, the crystals 
to be used for the measurement of the strain to frac- 
ture were transferred from the gas train to a protec- 
tive oil bath (without further exposure to the atmos- 
phere) where the tests were conducted in three-point 
bending. The apparatus was so adjusted that the load 
could be applied at a constant, continuous rate. 

Other specimens from the gas train were deformed 
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Fig. 1—The effect of aging in ozone on the ducility of NaCl. 


in a small jig which was constructed such that three- 
point bending could be performed while the tension 
surface of the crystal was being viewed microsco- 
pically. These tests were conducted in air but the 


it was possible to detect the origin of a crack in the 
tensile surface and observe its growth under the in- 
fluence of the applied stress. In addition, the device 
was so arranged that it was possible to compute the 
strain at fracture. In such a manner, crystals in 
the as-cleaved, distilled-water polished, ozone em- 
brittled, and surface painted conditions, were ex- 
amined. 

The Debye-Scherrer X-ray diffraction technique 
was employed for the investigation of surface com- 
pound formation. In order to obtain as much surface 


total exposure was less than 5 min. In many instances, 


Table |. Outer Fiber Strain to Fracture Resulting 
From the Indicated Aging Treatments 


0.5-hr Age in 
Qzone Followed by 

a 0.5-hr Age in 

Dessicated Air. 


0.5-hr Age in Ozone 
Followed by a 0.5-hr 
Age in Atmospheric Air. 


0.5-hr Age in Ozone 


2.00 pet 4.71 pct 7.50 pct 
1.09 pct 6.39 pet 

1.41 pet 6.25 pet 

1.70 pct 
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Fig. 2—The effect of aging in ozone on the fracture stress 
in bending of NaCl. 


area as possible, specimens were prepared by crush- 
ing crystals of Harshaw material. The resulting 
powder was then annealed at 700°C for 1 hr in dyna- 
mic vacuum of approximately 107~* mm Hg and sub- 
sequently exposed to ozone for 0.25, 1.5, and 8 hr. 
Following this treatment the specimens were sealed 
in Duco cement to prevent further exposure to air. 
The specimens were then placed in a Debye-Scherrer 
camera. 


EXPERIMENTAL RESULTS 


A) Bend Tests. The effect of aging in ozone upon 
the ductility of sodium chloride in three-point bend- 
ing is shown in Fig. 1. In this and subsequent fig- 
ures, the strain reported is that on the outer fiber of 
the bend specimen. It can be seen that the ductility 
of the rock-salt single crystals decreased markedly 
upon a short exposure to ozone. The short time re- 
quired for embrittlement coupled with the fact that 
the embrittlement can be removed by redissolution 
in distilled water, suggests that the embrittling me- 
chanism is some type of a surface reaction. It was 
also found that the stress to fracture (as measured 
by Mc/I) decreased monotonically with the strain to 
fracture. This effect is depicted in Fig. 2. Although 
the elasticity relationship used for calculation of the 
stress is not valid in the plastic region, it neverthe- 
less serves as a useful means for comparison. 
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Fig. 3—The embrittlement effects of ozone, oxygen, nitro- 
gen, and air on NaCl. 


The embrittlement effects of the gases ozone, oxy- 
gen, nitrogen, and air are shown in Fig. 3. It was ob- 
served that ozone embrittled rock salt the most ra- 
pidly followed by oxygen, nitrogen, and air in descend- 
ing order. Whenever a specimen was embrittled by 
any of the above gases, its stress to fracture was 
correspondingly low. The effects of the gases oxygen, 
ozone, and nitrogen were fairly reproducible provided 
that air was excluded from the specimen surface and 
the rate of stress application was not varied. How- 
ever, as can be seen in Figs. land3, air embrittle- 
ment was very erratic. In fact, on many days no air 
embrittlement was observed even after 24-hr expo- 
sure. To further test this anamalous air behavior, a 
series of crystals was aged in ozone sufficient to 
achieve the embrittled condition. One group was then 
allowed to age in the atomsphere, a second specimen 
in a dessicator, and a third group was tested immedi- 
ately. It was found that on days when air embrittle- 
ment was negligible, a considerable restoration of 


| O-OXYGEN AGED, TESTED AT A 
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| 


®-OXYGEN AGED, TESTED AT A 
LOADING RATE OF 1035 9/min 
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5 10 15 
AGING TIME (MINUTES) 


Fig. 4—The effect of loading rate on embrittled specimens. 


The embrittlement reported above was also found 
to be sensitive to the rate of loading (Fig. 4). An in- 
crease in the rate of stress application resulted in a 
decrease in ductility for a given time of age. In fact, 
a rather sharp transition between ductile and brittle 
behavior was observed as the rate of stress applica- 
tion was increased. This transition is shown in Fig. 
5 as a function of the testing temperature. (The aver- 
age outer-fiber strain rate is the ratio of the outer- 
fiber strain at fracture to the time in the plastic re- 
gion required to fracture. This does not imply that 
the tests were conducted at constant strain rates). 

It is interesting to observe that there is a definite 
lower limit to the amount of strain required to frac- 
true. This strain (approximately 1.5 pct) is observed 
to be independent of temperature and loading rates. 
This lower limit agrees with that obtained on the ag- 
ing curves of Figs.3 and 4. In addition, preliminary 
data on water polished unaged rock-salt crystals 


ductility was obtained in the embrittled crystals merely indicate a similar transition at higher-loading rates 


as a reSult of exposure to air. The results of these 
tests are shown in Table I. 

Since dessicated air gave results similar to those 
of atmospheric air, it is not believed that the water 
vapor content of the air is responsible for these 
restoration effects. Neither could there be found 
any relationship between the relative humidity and 
air embrittlement. 
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but with the same lower limit of strain required to 
fracture. 

B) Restoration of Ductility. It has been previously 
reported’ that an air embrittled crystal becomes 
quite ductile when tested in air at 150°C. It was also 
established that this higher-temperature ductility 
was not related to the removal of a surface film, 
since specimens so heated were brittle when subse- 
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Fig. 5—The ductile-brittle transition of ozone treated NaCl 
specimens. 


quently tested at room temperature while protected 
from the atmosphere (the specimens were placed in 
a protective oil bath immediately upon removal from 
the heat source). In the present work, however, it was 
found that ductility could be restored if the anneal 
was carried out in a dynamic vacuum followed by a 
quench in vacuum. A set of six crystals was exposed 
to oxygen for 1 hr. Three of these crystals were 
subsequently annealed at 150°C for 1 hr and quenched 
in oil in a dynamic vacuum of 5 x 107 mm Hg. The 
results are listed in Table II. The increase in duc- 
tility is apparent. 

C) X-Ray Results. Microscopic evidence of crys- 
tallite formation on the surface of NaCl single crys- 
tals was found after long (24 hr) ozone exposures, 
Fig. 6. However, these crystallites were not ob- 
served after the much shorter aging periods found 
sufficient for embrittlement. Since the formation of 
a surface compound during the early gaseous expo- 


Table II. Outer Fiber Strain at Fracture 


No. Anneal Annealed in Vacuo 
1.8 pct 4.0 pct 
1.1 pet 5.7 pet 
1.9 pct 
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Fig. 6—Crystallites on surface of ozone treated crystal. 
X300. Enlarged approximately 12 pct for reproduction. 


sure was suspected of being associated with the em- 
brittlement phenomenon, it was decided to examine 
ozone treated NaCl powder by X-ray diffraction tech- 
niques. Harshaw crystals which had been crushed 
and annealed in a dynamic vacuum were exposed to 
ozone for periods of 0.25, 1.5, and 8 hr. The powder 
patterns of the 1.5 and 8 hr specimens exhibited very 
prominent NaCloO, diffraction lines. The specimen ex- 
posed to ozone for 0.25 hr exhibited a few weak 
NaClO, lines. The position of the NaClO, (210) re- 
flection was shifted in a manner corresponding to a 
crystallographic plane spacing less than normal, 

and the line was somewhat broadened. 

D) Observations of Crack Formation. Microscopic 
observations were made with the aid of a device for 
viewing the tension surface (a {100} type cleavage 
plane) of the bend specimen. On such a surface, the 
Slip traces occur as either lines running perpendicu- 
lar to the specimen axis or at an angle of 45 deg to 
this axis. 

The fracture surface of a ductile (water -polished) 
rock-salt crystal is shown in Fig. 7. In this case the 
tension surface is at the top of the photograph. It can 
be seen that the fracture nucleated at a point below 
the tensile surface. This is very similar to the frac- 
ture surface of a polished MgO crystal reported by 
Stokes, Johnston, and Li.® In contrast to the ductile 
crystals, fracture in as-cleaved rock salt apparently 
results from the nucleation of cracks at cleavage de- 
fects on the surface of the specimen. Fig. 8 shows an 
example of a crack on the tension surface of a bend 
specimen which originated at a cleavage step on the 
surface of the crystal. 

In ozone-aged crystals on the other hand, it was 
found that crack formation commenced on the corner 
of the tension face and the surface perpendicular to 
the bend axis. Fig. 9 shows a typical crack just prior 
to fracture growing in from the corner edge of the 
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Fig. 7—Fracture surface, ductile crystal. X55. Enlarged 
approximately 12 pct for reproduction. 


tensile surface. All brittle ozone-aged crystals frac- 
tured in this manner in contrast to the behavior of 
the water-polished crystals where fracture originated 
in the body of the material near the tensile surface 
and to the behavior of the as-cleaved crystals where 
fracture originated at a cleavage defect. A typical 
fracture surface of an ozone treated crystal is 

shown in Fig. 10. The river patterns on these sur- 
faces clearly show that fracture originated at the 
corners of the tensile surface and the face perpen- 
dicular to it. This crystal was fractured in a step- 
wise manner by intermittent application of the 
stress. The concentric markings indicate the posi- 
tions where the crack stopped. The specimen sur- 


Fig. 9—Crack formed at corner; ozone treated crystal. 
X100. Enlarged approximately 12 pct for reproduction. 
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Fig. 8—Crack formed at cleavage step. X50. Enlarged 
approximately 12 pct for reproduction. 


faces were examined for cracks after the ozone 
treatment and prior to stress application, but cracks 
were never observed until after a small amount 
(e.g., 1.0 pct) of strain had been produced. Lad, et 
al.® on the other hand, have observed microcrack 
formation in NaCl after long air-aging periods at 
room temperature. 

Several ductile (water-polished) specimens were 
painted on their tension surfaces and allowed to dry 
in a stream of warm, dry air, to produce residues 
similar to those reported by Stokes, Johnston, and Li® 
to be responsible for embrittlement. After, strains 
of approximately 2 to 4 pct cracks appeared in the 
crystal originating from the rim of the residue re- 


Fig. 10—Fracture surface ozone treated crystal. X55. En- 
larged approximately 12 pct for reproduction. 
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Fig. 11—Crack formed at residue. X90. Enlarged approxi- 
mately 12 pct for reproduction. 


gion. Figs. 11 and 12 show two stages of such a frac- 
ture (arrows indicate the crack which led to the ul- 
timate fracture of the material). The crack originates 
at a point on the rim of the residue which appears as 
a broad irregular vertical line on the tensile surface 
being viewed. This crack was observed to propagate 
,and result in the ultimate fracture of the crystal. 
Fig. 13 shows the fracture surface of this specimen. 
Note how the river patterns converge to the region 

of the residue which in this photograph appears as a 
slight mound on the edge of the tensile surface. The 
embrittlement of the rock salt by surface residues 
was most effective when the entire tensile surface 
was painted. However, even in this case it was found 


Fig. 13—Fracture surface of crystal shown in Figs. 11 and 
12. X55. Enlarged approximately 12 pct for reproduction. 
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Fig. 12—Growth of crack in Fig. 11. X90. Enlarged ap- 
proximately 12 pct for reproduction. 


that the embrittlement induced was less severe than 
for the ozone treatment. 


DISCUSSION OF RESULTS 


The above results strongly support the contention 
that oxygen, ozone, and in most cases air, induce em- 
brittlement in NaCl by the formation of a NaClO, sur- 
face layer. It is conceivable that the embrittling ef- 
fect of the gases is either to form a layer against 
which dislocation pileups develop or to enhance the 
stress to fracture at pileups in the vicinity of the sur- 
face. The X-ray data indicates that a coherency stress 
may play a role in the latter case. Since the cleavage 
planes of NaCl are {100} type planes, one would 
therefore expect that the powder utilized in the X- 
ray investigation would consist predominantly of 
little cubes with {100} surfaces. Such an orienta- 
tion would also place {200} planes perpendicular to 
the surface since NaCl has a cubic structure. Now 
since the plane spacing of the NaClO, {210} planes 
is just slightly larger than that of the NaCl {200} 


NaClO, (210) PL ANE 


NaCl(020) PLANE 


NaC! (100) INTERFACE 
PLANE 


NaCl (200) 


Fig. 14—Expected crystallographic relationship for a co- 
herent NaClO, layer on a NaCl crystal. 
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planes, it is conceivable that the NaClO, forms on 
the surfaces of the powder such that the (210) planes 
of the NaClO, are parallel with the (200) planes of 
the NaCl. (See sketch in Fig. 14). One would there- 
fore have a coherent layer of NaClO, on a crystal 
of NaCl, the interface of the two being a NaCl (001) 
plane. Since the (210) NaClO, plane spacing is 
slightly larger than that of the (200) NaCl spacing, 
the layer would be placed in a state of compression, 
a result which was experimentally observed. In addi- 
tion, the rock-salt single crystal would be placed in 
a state of tension, a condition which is very helpful 
to the nucleation of cracks. 

The transition temperature between ductile and 
brittle behavior for such coated crystals is strain 
rate dependent. Use of the Arrhenius relationship 
between strain rate and temperature for these data 
yields an apparent activation energy of about 0.26 
+0.05 ev (this statement is not meant to imply that 
the data prove that an Arrhenius relation between 
strain rate and temperature exists, but rather that 


they can be fitted to the relationship to obtain an ap- 
parent activation energy of 0.26 +0.05 ev). The 
source of the embrittlement induced by aging in ni- 
trogen is unknown. The formation of a chlorate layer 
due to oxygen as an impurity in the nitrogen has not 
been eliminated as such a possible source of embrit- 
tlement. 
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Zinc-Rich Corner of the Zn-Fe-Al System 


E. H. Rennhack 


Phase equilibria of the zinc-rich portion of the 
Zn-Fe-Al system containing up to 20.0 wt pct Fe and 
Al have been investigated at 600°C (1112°F), 450°C 
(842°F), and room temperature by metallographic 
and X-vay diffraction techniques. The phase relation- 
ships were found to involve only those phases pres- 
ent in the three binary systems. 


Tue presence of small quantities of aluminum 
(approx. 0.2 wt pct*) in zinc galvanizing baths is 


*All compositions are reported in wt pct. 


known to suppress the formation of Zn-Fe alloy 
layers within the coating.’ As part of an extended 
investigation of this suppression effect and the alloy 
reactions involved, the zinc-rich corner of the Zn- 
Fe-Al equilibrium system containing up to 20.0 pct 
Fe and Al was determined at 600°C (1112°F), 450°C 
(842° F), and room temperature. The present paper 
reports the findings of this study. 

The constitution of the Zn-Fe system has been 
reported by Raynor? based mainly on the work of 
Schramm? and Truesdale eft al.° The solid solu- 
bility of iron in zinc is extremely small and lies be- 
tween 0.0009 and 0.0028 pct in the range 150° to 400°C 
(302°to 752° F). Within the temperature and composi- 
tion range of interest, a eutectic reaction involving 
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nearly pure zinc, liquid = Zn+FeZn,,, is observed 
at about 419°C (786° F) and 0.018 pct Fe along with a 
peritectic reaction, FeZn,+ liquid = FeZn,,, at 
530°C (986° F) and 6.2 pct Fe. The latter reaction is 
sluggish due to the large proportion of solid phase 
involved in the transformation. Halla e¢ al.,’ iden- 
tified the compound FeZn,, as monoclinic with a = 
13. 68A, b= T. 63A, c= 5. O7A, and B = 128°44. The 
structure of FeZn, was reported by Bablik, et al.,® 
to be of hexagonal symmetry, belonging to either the 
Cy = C,/m mc or Dgh = C6/mc space group. Dimen- 
sions of the unit cell are a = 1Z2.81A and c = 57.6A. 

The Zn-Al diagram as composed by Raynor® and 
later Gebhardt? is characterized by a eutectic de- 
composition, liquid = + B at 382°C (720° F) and 
95.0 pct Zn and a eutectoid decomposition, a’ = a + B 
at 275°C (527° F) and 78.0 pct Zn. The eutectoid reac- 
tion cannot be suppressed permanently by quenching. 
Above 275°C (5Z7°F), a and a’ co-exist in a closed 
miscibility gap between 31.6 and 78.0 pct Zn. Both 
phases are fcc and have nearly the same lattice 
parameter. The maximum solubility of aluminum in 
zinc (8) is approximately 1.0 pct at the eutectic tem- 
perature. 


PROCEDURE 


Materials. The experimental alloys were prepared 
from both massive and powdered material. Cast alloys 
were composed from three zinc-base master alloys 
containing 8.0 pct Fe, 16.0 pct Fe, and 50.0 pct Al 
which were made from C.P. zinc, Armco iron, and 
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Table 1. Chemical Purity of Wrought Materials 


ONE PHASE ° 
TWO PHASE 
THREE PHASE @ 


Concentration — Wt Pct 


CP. Armco 
Iron 


Aluminum 


Element 


0.015 


Carbon 


Phosphorus 0.005 

Sulfur 0.025 

Manganese 0.028 0.0001 
Silicon 0.003 0.002 
Lead 0.0002 

Iron 0.0002 0.002 
Cadmium 0.00005 

Magnesium 0.0005 


Copper 


high-purity aluminum. The chemical analyses of these 

materials are set forth in Table I. Commercially 

available powders of 98.5 to 99.5 pct purity were as Chinen Tae 

used in preparing the powder alloys. Fig. 1—Partial isothermal section at 600°C (1112°F) for 
Alloy Preparation. The cast alloys were synthe- the Zn-Fe-Al system. 

sized by melting the required amounts of master 

alloy and zinc in a graphite crucible under an atmos- ders in a 1/Z-in. diam single acting split die at 120, - 

phere of purified argon. Each melt was agitated for 000 psi. Each compact was subsequently sealed in 

5 hr at 800°C (1472°F) and furnace cooled to 700°C an evacuated Vycor capsule, sintered for 21 days at 


R CENT 


(1292° F) where it was held for 72 hr. Similar iso- 400°C (752° F), and furnace cooled to room tempera- 
thermal anneals were performed during the cooling ture. 

cycle at 600°C (1112°F), 500°C (932° F), and 400°C Annealing Treatments. Filings and 1/8-in. thick 
(752° F) to promote equilibration. The solidified cross-sectional layers were taken from both the in- 
ingots were 1 in. in diam, 4 in. long, and weighed gots and powder compacts and separately sealed in 
approx. 1 lb. Several Zn-Fe and Fe-Al binary- evacuated Vycor capsules. Both types of samples 


control alloys were prepared along with the ternary _—from each alloy were then annealed for 21 days at 
ingots to establish the X-ray diffraction patterns of 450°C (842° F) and 600°C (1112°F), after which, they 


known compounds in these systems. The latter al- were quenched by breaking the capsules under ice 

loys were triple melted under argon in a water- water. All annealing heat treatments were carried 

cooled copper crucible with a tungsten-tipped elec- out in a Nichrome-wound furnace whose tempera- 

trode. ture was maintained within +1°C as measured by a 
The powder alloys were prepared in the form of Pt/Pt-13 pct Rh thermocouple. 

1 in. long compacts weighing 20 g by pressing indi- Concentration of Minor Phases. The relatively 

vidually blended admixtures of the elemental pow- small amount of minor phases contained in the present 
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LEGEND 


CAST POWDER 
ALLOYS ALLOYS. 18.0 
ONE PHASE ° 
TWO PHASE 
THREE PHASE @ . 


ONE PHASE ° 
TWO PHASE a 
THREE PHASE @ 


Zn + Al + Feal, 


140 16.0 16.0 


4.0FeZn, 36.0 8.0 10.0 12.0 
IRON CONTENT-WT. PER CENT 


8.0 10.0 12.0 
1RON CONTENT - WT. PER CENT 


Fig. 2— Partial isothermal section at 450°C (842°F) for Fig. 3— Partial isothermal section at room temperature 
the Zn- Fe-Al system. for the Zn-Fe-Al system. 
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Fig. 4— Zn-10.0 pct Fe-6.0 pct Al powder alloy annealed 
21 days at 600°C (1112°F) and water quenched. Primary 
crystals of FeAl, (white) in a matrix of Zn. Etchant: 
Na,SOQ,+CrO3. X100. Enlarged approximately 16 pct for 
reproduction. 


alloys frequently necessitated their concentration 
through cyrstal extraction or chemical leaching in 
order to obtain their identity by X-ray diffraction. 
Crystal extraction was performed only on the cast in- 
gots. For this purpose, a ground and polished sur- 
face was macroetched by immersion in an HCl-water 
mixture of equal volume for about 10 sec. This solu- 
tion preferentially attacked the zinc matrix causing 
the crystallites of the minor phases to stand in relief, 
permitting them to be removed by scraping the sur- 
face with a needle. 

Samples comprised of filings were chemically 
leached with the same HCI solution as that used for 
macroetching. With this technique, regulated amounts 
of the leachant were allowed to flow by gravity 
through the filings which were contained in No. Z 
filter paper supported by a glass funnel. After re- 
ducing each sample to about one-fourth its original 
size, it was successively washed with hot water, 
ethyl alcohol, and ether. Filings from the Zn-Fe and 
Fe-Al binary-control alloys prepared earlier were 
leached in a similar manner to determine if leach- 
ing would produce a structural change in the binary 
compound phases. The apparent breakdown of FeAl, 
into FeAl or a-iron depending on the time of leach- 
ing was the only change observed. When either of 
the latter two phases was detected in the ternary 
alloys, it was usually found satisfactory to leach a 
second sample for a shorter period of time. 

Metallographic and X-Ray Examination. The alloys 
were polished and etched using standard metallogra- 
phic procedures for zinc.'! Most phases were easily 
identified, although it was difficult to distinguish be- 
tween FeAl, and Fe, Al; when both phases were pres- 
ent in the same alloy. In such cases, identification 
was based mainly on X-ray diffraction. The metal- 
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Fig. 5—Zn-10.0 pct Fe-6.0 pct Al cast alloy annealed 

21 days at 450°C (842°F) and water quenched. Two-phase 
structure of FeZn, (white) and Fe, Al; (gray). Etchant: 
Na,SO,+ CrO3. X100. Enlarged approximately 16 pct for 
reproduction. 


lographic specimens were also used as analytical 
samples in which the iron and aluminum contents 
were determined by volumetric and gravimetric 
methods, respectively. 

X-ray diffraction of the extracted crystallites and 
leached filings was performed with an 11.46 cm diam 
Debye-Scherrer camera using nickel-filtered CuKa 
radiation. Diffraction patterns of the compound phases 
in the binary control alloys were in good agreement 
with those listed in the ASTM X-ray Powder Data 
File with the exception of FeAl, for which no data 
were available. This phase was characterized by 
only three reflections whose measured d-spacings 
were 2.10, 2.05, and 2.02A. 


RESULTS AND DISCUSSION 


The partial isothermal sections established at 
600°C (1112°F), 450°C (842° F), and room tempera- 
ture by metallographic observation and X-ray diffrac- 
tion are presented in Figs. 1to3. Phases denoted as 
Zn and Al are the zinc-rich and aluminum-rich solid 
solutions, respectively. Binary intercepts were taken 
from Raynor.?»® The dashed lines represent the most 
probable location of phase boundaries in those areas 
where the number of alloys was insufficient to permit 
their precise location. Further work in the impor- 
tant areas adjacent to the zinc vertex is still needed. 

No ternary intermediate phases were found to 
occur within the temperature and composition ranges 
explored. The main point of interest was the occur- 
rence of a Class II four-phase invariant reaction: 


L+ FeAl, = FeZn, + Fe, Al, 


The temperature of this reaction was set at about 
592°C (1098° F) by differential thermal analysis. At 
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Fig. 6—Zn-8.3 pct Fe-4.4 pct Al cast alloy annealed 21 
days at 450°C (842°F) and water quenched. Primary 
crystals of FeZn, (light gray) Fe, Al; (dark gray) and Zn 
(white). Etchant: Na,SO,+ CrO3. X100. Enlarged ap- 
proximately 18 pct for reproduction. 


this temperature, the (L + FeAl) phase field shown 
in Fig. l1narrows to a line such that the two three- 
phase regions (ZL + Fe, Al, + FeAl) and (L + FeZn, 
+ FeAl,) become contiguous. Just below the invari- 
ant plane, two new three-phase regions (L + FeZn, 


+ Fe, Al,) and (FeZn, + Fe, Al, + FeAl,) are formed 
separated by the two-phase field (FeZn, + Fe, Al, ) 


Fig. 8—Zn-4.7 pct Fe-0.33 pct Al cast alloy annealed 21 
days at 600°C (1112°F) and water quenched. Primary 
crystals of FeZn; in a matrix of Zn. Etchant: Na,SO, + 
CrO;. X100. Enlarged approximately 18 pct for repro- 
duction. 
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Fig. 7—Zn-12.9 pct Fe-6.5 pct Al cast alloy annealed 
21 days at 450°C (842°F) and water quenched. FeZn, 
matrix containing Fe,Al; (serrated surfaces) and FeAl, 
(smooth contour). Etchant: Na,SO, + CrO 3. X100. En- 
larged approximately 18 pct for reproduction. 


as shown in Fig. 2. The structural change accompany - 
ing the invariant reaction in the vicinity where the 

(L + FeAl,) and (FeZn, + Fe, Al,) fields were found 
by projection to intersect is illustrated in Fig. 4 and 
5d. Photomicrographs of the two three-phase regions 
which originate beneath the four-phase reaction 

plane are shown in Figs. 6 and 7. 


days at 450°C (842°F) and water quenched. Primary crys- 
tals of FeZn, (hexagonal shaped) and FeZn43 (sharp angled 
and showing skeletal growth) in a matrix of Zn. Etchant: 
Na, SO, + CrO;. X100. Enlarged approximately 18 pct for 
reproduction. 
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oo. Fig. 9—Zn-3.7 pct Fe-0.34 pct Al cast alloy annealed 21 


On cooling from 450°C (842° F) to room tempera- 
ture, several other Class II four-phase invariant re- 
actions may exist. Work in this temperature range, 
however, was limited and this region is in need of 
further clarification. 

The solubility of aluminum in FeZn,, was estimated 
to be about 0.2 pct at 450°C (842°F). However, un- 
like FeZn,, the FeZn,, binary compound does not 
enter into equilibrium with any Fe-Al phase. No 
microstructure was available in the FeZn,, field, 
although, representative structures of the (L + FeZn,.) 
field at 600°C (1112°F) and (L + FeZn, + FeZn,,) 
field at 450°C (842° F) are presented in Figs. 8 and 9, 
respectively. 

With decreasing temperature, the progressive sep- 
aration of aluminum-rich solid solution (Al) from the 
melt compressed the liquid region toward the zinc 
vertex as seen in Fig 2. The eventual liquid to solid 
transformation by a Class I four-phase ternary reac- 
tion:?* 


L = Zn+ Al’ + FeAl, 


appeared possible in this compositional region, al- 
though no evidence in support of this reaction was 
found. The symbol Al’ corresponds to the a’ phase 

in the Zn-Al binary system discussed earlier. If such 
a eutectic exists, the subsequent formation of the 

(Zn + Al+ FeAl,) field, whose structure is presented 
in Fig. 10, would necessitate the decomposition of 

Al’ to Al upon further cooling by a Class I four- 
phase eutectoid reaction: 


Al’ = Al+ Zn+ FeAl, 


SUMMARY 


The phase equilibria existing at the zinc-rich 
corner of the Zn-Fe-Al system containing up to 
20.0-pct Fe and Al have been investigated at 600°C 
(1112° F), 450°C (842° F), and room temperature. The 
salient features of the work include the following: 


1) A Class II four-phase invariant reaction: L + 
FeAl, = FeZn, + Fe, Al, was found to occur at 
about 592°C (1098°F). 

2) The solubility of aluminum in FeZn,, is about 
0.2 pct at 450°C (842°F). Unlike FeZn,, this phase 
is suppressed from entering into equilibrium with 
the Fe-Al compound phases. 

3) The occurrence of a Class I four-phase ternary 
eutectic reaction, L = Zn + Al’ + FeAl, and eutec- 
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Fig. 10—Zn-0.17 pct Fe-8.0 pct Al as-cast alloy. Matrix 
of Zn-rich and Al-rich solid solutions containing primary 
crystals of FeAl;. Etchant: Na,SO,+ CrO3. X100. En- 
larged approximately 18 pct for reproduction. 


toid reaction, Al’ = Al+ Zn+ FeAl, adjacent to the 
Zn-Al binary boundary appeared to be possible. No 
evidence was found to indicate such reactions actually 
existed, however. 
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The Effect of Surface Removal on the Plastic 


Behavior of Aluminum Single Crystals 


|. R. Kramer and L. J. Demer 


Aluminum single crystals were pulled in an elec- 
trolytic cell allowing surface removal during the de- 
formation. The extent of Stages I and II of the stress- 
strain curve was increased and the slope decreased 
as the rate of metal removed from the surface was 
increased, An increase of the strain rate caused a 
decrease in the effectiveness of the metal removal. 
The data indicate that the work-hardening coefficient 
in Stage I is determined primarily by the conditions 
which exist on the surface of the crystal. In Stages 

II and III, both surface effects and internal barriers 
are important. 


ALTHOUGH numerous investigations have been 
conducted on the plastic flow characteristics of met- 
als in an attempt to explain the mechanism of work- 
hardening, relatively few studies have taken into ac- 
count the influence of the surface. In all current 
theories of work-hardening it is assumed that the 
impediments to the movement of dislocations are 
within the crystal. The barriers due to the surface 
and the existence of solid and liquid films have been 
neglected even though it has been demonstrated that 
the surface exerts a large effect. 

A number of investigators’!® have shown that 
solid films on the surface of single crystals mark- 
edly affect their mechanical behavior. In general, 
the presence of a solid film tends to increase the 
yield stress and increase the work-hardening rate. 
Often, on single crystals, Stage I and, at times, Stage 
II regions are completely suppressed. 

Various mechanisms have been offered for the 
effects of oxide and metal films as well as the in- 
fluence of electrolytes. Of these, concepts concerned 
with the locking of surface dislocation sources and 
the blocking of dislocations at the surface resulting 
in pileups appear to be actively considered at pre- 
sent. Barrett,!? Takamura,® Gilman,’ Lipsett and 


King,”° Shapiro and Read,’° and Weiner and Gensamer”! 


are among those who have interpreted their results 
in terms of piled-up dislocations at the surface, 
while Adams,”? and Chalmers and Davis?* have ex- 
plained their experimental observations in terms of 
locking of surface dislocation sources. 

In general, the change in plastic flow properties 
due to electrolytes has been explained in terms of 
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the unblocking or unlocking of dislocations by the 
removal of the oxide films. In considering the two 
proposed mechanisms, it appears that the locking of 
sources of surface dislocations by a solid film should 
exert a primary influence only on the:critical resolved 
shear stress for flow and not on the slopes of Stages © 
I and II. However, the blocking at the surface of dis- 
locations from internal sources may also affect the 
critical resolved stress and furthermore exert an 
influence throughout the whole plastic range. In cer- 
tain cases it does not seem feasible to explain the 
results of experimental observations in terms of 
locking of surface dislocation sources. The abnormal 
aftereffects found by Barrett’’” by removing the 
oxide by an acid treatment are excellent evidence of 
the blocking of dislocations at the surface. Additional 
evidence in favor of a blocking due to a pileup of dis- 
locations at the surface may be found from the ob- 
servations that the critical resolved shear strength 
continues to increase with the thickness of the oxide 
layer until very heavy oxide layers are formed. If 

the locking of surface dislocations sources were 

the dominant factor, the critical resolved shear 
stress would not be expected to increase after all 

of the surface sources were locked by the formation 
of the oxide. This may be expected to happen after 

a few atomic layers of the oxide are formed. 

In spite of the above evidence on the strong influ- 
ence of the surface on the plastic flow characteris- 
tic, this has been ignored in current theories of work- 
hardening. Seeger?**> suggested that most of the 
dislocations may slip out of the crystal only when the 
specimen axis is within certain areas of the orienta- 
tion triangle. In other areas the resolved shear 
stress in other glide systems is large enough to 
generate dislocations which can form Lomer-Cottrell 
locks, thereby decreasing the average slip distance 
in some directions and causing a larger hardening 
rate. Friedel?® assumed that at the beginning of 
Stage II, a large number of Lomer-Cottrell disloca- 
tions are formed by a catastrophic process which 
used up all the Frank-Read sources on the secondary 
Slip-planes. In this manner a fixed number of Lomer- 
Cottrell locks is formed which act as barriers against 
which the dislocations can pile up. In Stage III, See- 
ger?4 and Diehl, Mader, and Seeger?® proposed that 
Lomer-Cottrell barriers are circumvented by the 
cross slip of extended screw dislocations. Cottrell 
and Stokes,?’ Friedel,?® Cottrell,?® and Stroh?® sug- 
gest that the Lomer-Cottrell dislocations collapse 
under the stress field of the dislocation pileup. 

It is the purpose of this paper to report the changes 
in Stages I, II,and III of the deformation process in 
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Fig. 1—Orientation of aluminum crystals. 


aluminum single crystals pulled in tension while the 
surface was being continuously removed. It is in- 
tended that through these studies a clearer insight 
may be obtained on the effects of surface conditions 
on the passage of dislocations out of the crystal sur- 
face and the associated effects on the work-hardening 
characteristics. Some effects of the surface on the 
irreversibility of plastic flow and the recovery of 
critical resolved shear stress after plastic deforma- 
tion will also be given. 


EXPERIMENTAL PROCEDURES 


The aluminum single crystals used throughout this 
investigation were prepared by a modified Bridgman 
technique using a multiple-cavity graphite mold 
which was capable of yielding 35 crystals of the 
same orientation. The aluminum was 99.997 pct 
pure and contained as impurities, magnesium, sili- 
con, zinc, copper, and iron. From this material, 
five sets of crystals, 4 in. x 1/8 in. x 1/8 in., were 
prepared. 

The orientation of the crystals as determined by 
back-reflection Laué patterns is shown in Fig. 1. 
Prior to testing, the specimens were prepared by a 
mechanical and electrolytic polishing treatment 
after which they were annealed in vacuum at 640°C 
for 2 hr; then the furnace was allowed to cool. Just 
before testing, the specimens were again electroly- 
tically polished. In order to remove the surface con- 
tinuously during the testing procedure, a methyl] al- 
cohol-nitric acid polishing solution was employed. 
The specimens were electrically insulated from the 
tensile machine by the use of phenolic resin speci- 
men holders containing an electrical lead which al- 
lowed the current to pass through the 3-in. gage 
length of the crystals. The movement of the head of 
the tensile machine was used as a measure of the 
strain. 
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Fig. 2—Comparison of calculated and measured cross-sec- 
tional area of aluminum specimens pulled in electrolytic 
polishing bath (rate of metal removal was 25 x 10° in. per 
min). 


The specimen holders were approximately 1 1/2 
in. deep and 5/16 in. in diameter. The ends of the 
crystals, for a distance of 1/2 in., were copper 
plated and coated with a thin layer of soft solder. The 
specimens were placed in a special fixture which al- 
lowed the specimens to be accurately aligned axially 
and with respect to the distance between the speci- 
men holders. A low melting point lead-bismuth alloy 
was poured between the crystal and its holder to keep 
it firmly in place. The exposed portion of the lead- 
bismuth alloy was coated with paraffin to prevent it 
from reacting with the electrolyte. The temperature 
was maintained constant within +0.1°C by means of 
a water bath. In all cases, unless otherwise speci- 
fied, the tensile tests were conducted at 3°C. 

An Instron tensile machine equipped with an auto- 
matic recorder was used to measure the loads and 
deformations. It was possible to measure elonga- 
tions to within 3 x 1075 in. and loads to 0.01 lb. 

Since it was necessary to know the area of the spe- 
cimen while the surfaces were being removed in the 
polishing bath, a series of calibration curves were 
obtained to determine the amount of metal removed 
as a function of the current density. These values 
were used for the construction of the stress-strain 
curves. The average rate of metal removed as a 
function of the cell current is given in Table I for 
the aluminum crystals specimens of group 37. The 
rate of metal removed as defined here refers to 
the rate of change in the transverse dimensions. A 
typical curve showing a comparison between the 
measured and calculated values of the area for vari- 
ous periods of time during the extension of the spe- 
cimen is given in Fig. 2. 
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Table |. Relationship between Current Density and Rate of 
Removal of Aluminum from the Surface 
Spec. Rate removal 
Current, Current Density, Rate of Metal Removal, 
Amp Amp/sq in. In./min x 509 25.0 10° 

0.5 0.417 12.5 
1.0 0.835 25.0 
2.0 1.67 50.0 i a 


anes 


EXPERIMENTAL RESULTS 


A set of stress-strain curves typical of those ob- 
tained from aluminum single crystals pulled at a 
strain rate of 1075 sec™ in an electrolytic polishing 
bath is shown in Fig. 3. 

In this paper, the €, and €, values were taken at 
the end of the linear portion of Stages I and II, re- 
spectively. The critical resolved shear stress was 
defined to be the stress at which the stress-strain 
curve first became nonlinear. The terms 7, and 7, 
are the shear stresses which occur at the strains 
€, and €,. From the curves of Fig. 3, it may be seen 
that €2 and €3, the extent of Stages I and IJ, re- 
spectively, increased as the rate of metal removed, 
R, was increased. The slopes 6, and 6, for the two 
stages correspondingly decrease. Figs. 4and5, which 
contain the data obtained from crystals 37, show 
that €, and €, increase in a linear fashion with the 
rate of metal removal. €, increased from a value of 
0.8 pct when R was zero to 1.65 pct whenR was 50 x 
1075 in. per min. €, changed from 2.75 pct to 4.25 
pct. The slopes of Stages I and II decreased continu- 
ously, but not linearily. There seems to be a tendency 
for 6, to approach some constant value when R be- 
comes sufficiently high. This tendency was not no- 
ticed for @, in the range of R used in these studies. 
From the data reported in Figs. 6 and 7, it is seen 
that for a given R, the change in €, is not as large as 
that of €,; however, the change in @, is larger than 
that of 6,. The slope, 6,, decreased from a value of 
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Fig. 4—The effect of rate of removal on the extent (€,) and 
slope (@;) of Stage I of Al-37. 
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Fig. 3—The effect of rate of removal on the stress-strain 
curves of Al-37 (temperature 3°C and strain rate 10~5sec~). 


7400 to 2900 psi, a difference of 4500 psi, while that 
of 6, decreased from 13,000 to 10,000 psi. Through- 
out this study, as well as in an associated study using 
surface-active agents, it was noticed that the critical 
resolved shear stress and 7, did not change with the 
rate of metal removal, Fig. 8. The ratio of these 
two stresses is equal to 1.9. Rosi,*° and Garstone and 
Honeycombe* found that for copper, copper-gold, and 
copper-silver alloys the ratio was 2. The stress 7,, 
at which Stage III begins, decreased linearily as the 
ratio of removal of the metal increased, Fig. 8. When 
the specimens were pulled at R= 0, 7, = 500 psi; 
however, at R= 50 x 1075, 7, = 440 psi. 

In another series of experiments, the effect of 
strain rate on the behavior of various plastic flow 
parameters was determined, at a constant rate of 
metal removal of 60 x 1075 in. per min. For these 
experiments, specimens of crystals 42 and 43 were 
pulled in a water bath and in an electrolytic polish- 
ing bath. The difference in 6, and €, obtained under 
the two conditions as a function of strain rate is 
shown in Fig. 9. As may have been expected, the 
extent of Stage I increased but the slope decreased 
as the strain rate decreased. Ata strain rate of 
10~* sec™!, the increase in €, and decrease 6, due 
to the removal of the surface during the tensile 
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Fig. 5—The effect of rate of removal on the extent (€;) and 
slope (6,) of Stage II of Al-37. 
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Fig. 6—The effect of rate of removal on the increase of €, 
and €;. 


deformation is small; however, at a strain rate of 
10-5 sec™, €, increased from 1.10 to 2.20 pct 
while 6, decreased from 7500 psi to 2750 psi. Suffi- 
cient data were not obtained to establish a reliable 
relationship between strain rate and €, and @ since, 
in the case of specimens of Aluminum 43 tested at a 
strain rate of 2 x 1075 sec™, Stage II was not fully 
developed. From the data obtained from specimens 
of Aluminum 42, there were definite trends which 
showed that €, increased and @, decreased as the 
strain rate decreased. 

A series of specimens of crystals 35 and 40 were 
pulled in a chemical polishing bath at 78°C to deter- 
mine whether a Stage I region would be present at 
this temperature when the rate of metal removal 
was rapid. Specimens tested in water did not show a 
Stage I region at strain rates of 1074 or 1075 sec™. 
However, the stress-strain curve of those specimens 
pulled at these strain rates in a polishing bath where 
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Fig. 8—The effect of rate of removal on the critical re- 
solved shear stress, the stress at the end of Stage I, 7, 
and the stress at the end of Stage II, 73. 
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Fig. 7—The effect of rate of removal on the decrease in 
slopes 6, and 4». 


the rate of metal removal was 2 x 107% in. per 
min had a Stage I region which extended to 1 pct and 
a slope of 1700 psi. 

Back-reflection Laue patterns were obtained after 
pulling specimens of crystal 35 to various amounts 
of strain in the chemical polishing bath at 78°C. When 
the deformation was confined to Stage I, the Laue 
spots did not show asterism or streaking; however, 
when the strain was increased to start of Stage II, 
there was definite evidence of the formation of streaks. 
Thus, confirming other observations, it appears that 
the start of Stage II is associated with lattice bending. 
It was also found that for specimens strained within 
the Stage I region, the Laue spots were broken up 
into several discrete smaller units roughly 1 degree 
apart. Laue spots obtained from specimens pulled in 
water did not show this breakup. Subgrain bound- 
aries were apparently formed in the first case and 
not in the second. 

Since it was shown that the slopes of Stages I 
and II could be influenced by the rate at which the 
metal was removed from the surface of the speci- 
men, it was of interest to determine the degree to 
which the work-hardening coefficient was reversible. 
A series of specimens of Aluminum 37 was pulled 
in an electrolytic polishing bath and the rate of met- 
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Fig. 10—The effect of a change in the rate of removal on 
the slope in Stage I (at A, the rate of removal was 
changed from 12.5 x 1075 in. per minto 0.025 x 1075 in. 
per min). 


al removed was changed at various positions along 
the stress-strain curve. Fig. 10 is typical of the 
changes which occurred in the slope of Stage I when 
the rate of removal of the metal varied. In this case, 
the initial removal rate, R,was 12.5 x 1075 in. per 
min. At the point A,R was changed to 25 x 10° in. 
per min and the slope 6, changed from 6300 to 4900 
psi. In other experiments done in the same manner, 
R was changed from 25 to 10°° to 12.5 x 107° in. per 
min. In these cases the slope changed from 4900 to 
6300 psi. In a similar manner, the same reversible 
changes in slope occurred in Stage II. However, in 
no case did the slope of Stage II become as low as 
that of Stage I. Fig. 11 shows an example of the 
effect of a series of changes of Ron the work-harden- 
ing coefficient of Stage III. The Stage III region is 
not linear but the work-hardening coefficient may be 
approximated for comparative purposes by determin- 
ing the average slope between the region shown in 
Fig. 11,R, was 25 x 105 in. per min, and the aver- 
age slope was 8600 psi. When R.was 12.5 x 107° in. 
per min, the slope increased to 12,500 psi and an in- 
crease to R350 x 1075 in. per min decreased the 
slope to 5350 psi. Upon returning to R2,the slope 
again assumed the value of 12,500 psi. Throughout 
the course of this investigation at least 25 measure- 
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Fig. 12—The effect of removing 0.041 in. from the trans- 
verse dimensions of the specimen on the recovery of work- 
hardening. 
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Fig. 11—The effect of change in the rate of removal on 
the slopes in Stage III. a 


ments were made wherein the rate of metal removal 
was changed from one value to another. In all cases 
the slope of the stress-strain curve changed rever- 
sibly. 

It will be noted at Point A in Figs. 10 and 11 that 
whenever the rate of metal removal was changed 
from a low value to a high value, a large drop in load 
occurred. This drop in load is due to an elongation 
of the specimen and could be reproduced at will dur- 
ing any of the three stages of deformation. In no case 
was there a large increase in load when Rwas in- 
creased. A series of investigations showed that the 
large drop in load was not due to magnetic or electri- 
cal interactions with the strain gages of the load cell. 
Since an increase in temperature of the specimen 
could possibly cause such a change, an extensive 
program was undertaken to determine whether this 
factor was important. Thermocouples were placed 
along the surface and in the center portion of the 
specimens. For the time period during which the 
drop in load occurred, no change in temperature 
could be noted. That a change in temperature could 
not have been responsible for the drop in load is 
evident from the rapidity of the change of load and 
the fact that no change of load occurred when the 
current through the cell was changed from a high to 
a low value. The entire drop in load took place in 
less than 0.1 sec. In Fig. 11 at point A the current 
through the cell was changed from 1/2 to 2 amp while 
at point B the change was from 2 to 1/2 amp. Chang- 
ing the specimen from anodic to cathodic did not 
produce a sudden decrease in the load when the cur- 
rent was varied. 

Having shown that the work-hardening coefficient 
within all three stages was reversible, it was of in- 
terest to determine whether the original work- 
hardening state could be recovered by polishing off 
a given amount of the surface. For this portion of 
the study, crystals of Aluminum 37 were strained 
within the Stage I region and then polished, usually 
after the load had been removed, for various periods 
of time. In the initial experiment the specimens 

were deformed in the polishing bath and the rate of 
metal removed was 12.5 x 1075 in. per min. In Stage 
I the load was removed and only 0.001 and 0.004 of 
an inch were removed. No effect on the critical re- 
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solved shear stress was found. There was, however, 
an increase in the extent of Stage I for a specimen 
from which 0.004 of an inch had been removed. Nor- 
mally, €, for this specimen would have been 1 pct, 
however, upon retesting, €, was 1.5 pct. The effect 
of removing 0.041 in. from the surface on the critical 
resolved shear stress is shown in Fig. 12. This spe- 
cimen was deformed in the electrolytic polishing 
bath and zero voltage was maintained until a strain of 
0.5 pct at shear stress of 192 psi was reached. The 
critical resolved shear stress was 120 psi. The load 
was then removed and the specimen polished, after 
which the dimensions were measured with a traveling 
microscope. Upon reloading, again at zero voltage, 
the critical resolved shear stress became 120 psi and 
the slope 6, was the same as that before the metal 
was removed. The end of Stage I in this case occurred 
at a total strain of 1.25 pct as compared to 0.75 to 
0.80 pct obtained on specimens pulled without re- 
moval of the surface. The extent of Stage I obtained 
after the removal of the surface layers was 0.75 pct 
and is essentially equal to that obtained on virgin 
specimens. A recovery in the critical resolved 
shear stress, by removal of the surface layers, was 
also found in KCl crystals by T. Suzuki.*? 


DISCUSSION 


The experimental data show that the extent and 
slopes of Stages I and II as well as the stress at 
which Stage III begins are markedly affected by the 
removal of the surface during tensile deformation. 
In general, the extent of Stages I and II is increased 
and the slopes decreased as the rate of metal remov- 
al is increased. For a constant rate of metal remov- 
al, increase in the strain rate decreases the extent 
of Stages I and II and increases the slopes. The cri- 
tical resolved shear stress does not seem to be af- 
fected by the rate of metal removal; however, the 
stress at which Stage III begins is decreased. The 
stress at which Stage I ends appears to be constant. 
Within the range of the rates of metal removal, used 
in this investigation, the slopes of all three stages of 
deformation are reversible; however, it has not been 
possible, thus far, to change the slope of Stage II to 
that of Stage I. By polishing off enough of the sur- 
face of the specimen, there appears to be a complete 
recovery of the work-hardening stage of crystals 
deformed in the Stage I region. 

From the foregoing experimental observation that 
the slope continues to decrease with increasing pol- 
ishing rate, it appears that in Stage I the major por- 
tion of the work-hardening coefficient of face cen- 
tered cubic metals is due to dislocation barriers at 
the surface. Internal obstacles such as Lomer- 
Cottrell barriers apparently exert a minor influence. 
The observations that the original value of the criti- 
cal resolved shear stress can be recovered after 
deformation by removing a given amount of the sur- 
face also show that the dislocations blocked by the 
surface do not extend throughout the cross section 
of the specimen. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


In the Stage II region, both internal obstacles and 
the surface appear to contribute to the work-harden- 
ing coefficient. It was possible to decrease the slope 
of Stage II about 25 pct when the rate of metal re- 
moved was 50 x 107 in. per min and presumably it 
might have been decreased somewhat more with 
faster polishing rates. Since it has not been possible 
to produce a marked decrease in the work-hardening 
coefficient by removing the surface layers of the spe- 
cimen, the internal obstacles apparently thread the 
entire cross section of the crystal. 

Stage III is also affected to a large degree by sur- 
face barriers. The experimental data showed that a 
60 pct change in the slope of Stage III occurred when 
the rate of removal was changed from 12.5 x 107° 
to 50 x 1075 in. per min. In some cases, it was also 
possible to change the slope of Stage ITI from a nega- 
tive to a positive value by decreasing the rate of re- 
moval of the metal. Apparently, if in Stage III the 
work-hardening is associated with the cross slip of 
screw dislocations, as suggested by Seeger,”* then 
a large percentage of the obstacles is at the surface 
as well as in the interior of the crystal. 

The rapid decrease in load which occurred when- 
ever the rate of removal of the metal from the sur- 
face changed from a low to a high value seems to be 
associated with a dislocation “pop out” phenomenon 
similar to that found by Barrett!!»?? on the untwisting 
of wires. Apparently, during the deformation process, 
only a certain number of dislocations leave the crystal 
and a number of dislocations remain in piled-up ar- 
rays at the surface. When the current density is in- 
creased, the surface energy is decreased, especially 
at the piled-up sites, and the dislocations run out in 
an avalanche which causes a sudden elongation in the 
specimen. 

From the observations of this investigation, it is 
clear that the surface plays a very important role in 
the plastic deformation process in Stage I; disloca- 
tions may pile up or form tangles at the surface. In 
Stage II, internal obstacles which may form first at 
the surface and then later in the interior appear to be 
formed only after the piled-up array of dislocations 
activates sources on secondary systems. This latter 
effect is indicated by the fact that the end of Stage I 
occurs at the same stress regardless of the slope @,. 
Once internal obstacles are formed, the slope 6, is 
governed primarily by these barriers. However, as 
indicated by the drop in 7,, the effectiveness of the 
barriers is governed to an appreciable extent by the 
surface. 

It is not entirely clear how the surface blocks the 
egress of dislocations and forms an effective barrier. 
Under usual test conditions there is present on the 
surface of the specimens an oxide film which can re- 
tard the passage of dislocations out of the crystal. The 
effectiveness of the oxide film in retarding dislocation 
escape depends upon the nature and thickness of the 
film. It also appears possible that a clean surface 
may impede the egress of dislocations from the 
crystal. Experiments*‘ on gold and platinum, metals 
which do not have oxide films, have shown that the 
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tions containing surface-active agents. There is 
further evidence from the observation that the ex- 


tent of Stage I for gold crystals is far less than that 


which would be expected on the basis of applied 
shear stress on the secondary slip system. In the 


present experiments on aluminum crystals pulled in 
an electrolytic polishing bath, it is not known whether 


the observed effects are associated with the oxide 
or hydrate film on the surface. These effects may 


be due to a weakening of these barriers with increas- 
ing current density or due directly to the removal of 
the aluminum surface. The latter effect also appears 


possible since it is known the aluminum ions can 
migrate easily through the anodic film. A series of 


experiments using gold crystals is planned to deter - 


mine whether the plastic flow characteristics are 
affected by surface-active agents and by plating off 
the surface during deformation. 


SUMMARY AND CONCLUSIONS 


The extent and slope of Stages I and II were found to 


be affected by rate of removal of metal from the 


surfaces of aluminum crystals. The critical resolved 


shear stress and the stress at which Stage I ended 
appeared to be constant regardless of the surface 


treatment; however, the stress at which Stage III be- 


gan was lowered as the rate of metal removed was 
increased. Within all three stages of deformation, 
the work-hardening coefficients were reversible. It 
was possible to produce a complete recovery of the 


work-hardening state by removing enough of the sur- 
face if the deformation was confined to Stage I region. 


A phenomenon which may possibly be due to a “pop 

out” of dislocations was observed whenever the rate 
of metal removed was changed from a low to a high 
value. 


From the experimental observations it appears that 
the slope and extent of Stage I are determined prima- 
rily by the conditions which exist on the surface of the 
crystal. In Stages Iand III both the surface effects and 
internal barriers determine the plastic flow charac- 
teristics. Apparently, the starting point for the forma- 


tion of internal barriers is at the surface; however, 
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creep behavior could be increased by testing in solu- 


entire cross section of the specimen. 

In this paper it has been shown that the surface 
effects are important to the mechanical deforma- 
tion of single crystals pulled in tension. These ef- 
fects have been neglected in all current theories 
of work-hardening. Similarly, in spite of the fact 
that surface effects influence creep and fatigue be- 
havior, they have not been considered in theoretical 
treatments of such subjects. 
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Magnetism in a High-Carbon Stainless Steel 


S. M. Purdy 


Under certain conditions of hot rolling and air 
cooling from the hot-rolling temperature, bars of 
a high carbon (0.40 pct C) chrome -itickel austen- 
itic alloy were found to show magnetism even 
though no ferrite or martensite could be detected 
by microscopic or X-ray methods. The appear- 
ance of magnetism in such alloys may come from 
chromium impoverishment of the austenite grains 
near the precipitated carbide particles. 


S porRADICALLY, hot-rolled bars of Silchrome 10, 
an exhaust valve steel, have been found to be magne- 
tic. Because of the analysis of the alloy—0.40 pct 
C, 18 pct Cr, 8 pct Ni, 3 pct Si—magnetism is unex- 
pected. Preliminary investigation showed neither 
martensite nor ferrite to be present; only austenite 
and Cr,,C,. Since a literature search was fruitless, 
a brief study was made of the appearance of magne- 
tism in this alloy. 

Nonmagnetic hot-rolled bars from two heats with 
the following analyses were obtained: 


Heat No. Cc Mn Si P s 
39794 0.39 1.15 3.23 0.026 0.008 
39911 0.37 1.10 3.31 0.029 0.006 

Heat No. Cr Ni Mo Cu N, 
39794 18.76 8.17 O28 027 #011 
39911 18.73 8.09 0.85 0.35 0.058 


The only basic difference between the two heats is the 
nitrogen content. 

Permeability was measured using a Severn magne- 
tic gauge. This instrument consists of a magnet 
mounted on a counterbalanced arm. A set of cali- 
brated plugs is placed in contact with one pole of 
the magnet. The specimen is placed close to the 
other pole of the magnet. If the specimen pulls the 
magnet away from the plug, it has a permeability 
greater than that marked on the plug. This technique 
is swift and reproducible. Previous experience has 
shown that the permeabilities obtained corresponded 
to those obtained on a permeater with a field strength 
of 100 oe. 

Specimens from both heats were annealed at tem- 
peratures between 1700 and 2300°F. One set of spe- 
cimens was water cooled and another furnace cooled. 
All the water-quenched specimens were non-magne- 
tic; the furnace cooled ones were magnetic as shown 
in Table I with no difference being observed between 
the two heats. 


SAMUEL M. PURDY, Member AIME, Supervisor-Physical 
Metallurgy, Carpenter Steel Co., Reading, Pa. 
Manuscript submitted July 25, 1960. IMD 
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Microstructural examination of the specimens 
showed the expected increase in carbon solubility 
with increasing temperature. Carbide solution was 
complete at 2200°F. The specimens heated to 1900°F 
or below showed some carbide precipitation from the 
hot-rolled structure. A furnace cooled specimen 
from a given temperature showed less carbide out of 
solution than the water-quenched specimen from the 
next temperature below; e.g., the specimen furnace 
cooled from 2100°F showed less carbide out of solu- 
tion than the water-quenched specimen from 2000° F. 
These studies indicated that the appearance of mag- 
netism was not related to the quantity of carbon in or 
out of solution and it was related to precipitation at 
temperatures below 1700° F. 

A set of samples annealed and water -quenched 
from 2100° F was aged for 4 hr at temperatures be- 
tween 1000° and 1600°F; all were non-magnetic. 

A second set of samples, similarly annealed, was 
aged 1 to 24 hr at 1200°F with the results shown in 
Table II. None of the latter set of specimens showed 
magnetism until they had been aged about 8 hr. Mag- 
netism was quite strong after aging 24 hr. 

X-ray diffraction studies on several of the magne- 
tic specimens showed that the austenite had a lattice 
parameter of 3.58A and that the carbide was Cr,, C,. 
Several of these samples were electrolytically di- 
gested in 10 pct HCl in ethanol, with a current den- 
sity of 0.1 amp per sq cm. None of the particles in 
the residue were magnetic. Accidentally, one cell was 
run at 1 amp per sq cm; e.g., magnetic particles were 
found in this residue. After careful separation, the 
magnetic particles were mounted on a quartz fiber 
and their diffraction pattern determined using a 5.73- 
in. Debye-Sherrer camera with CrK radiation. These 
particles showed a fcc structure with a lattice para- 
meter of 3.57A. Prolonged exposure, up to 16 hr, 
produced no other lines on the film. 

The following facts seemed to be established at 
this time: 

1) Austenite was the magnetic phase. 

2) Neither ferrite nor martensite could be detected. 

3) Magnetization could be produced by aging at 
1200°F. 

One explanation of these data is that the carbide 
precipitation impoverishes the region immediately 
around the carbide particle of carbon and chromium 
and increases the proportion of nickel. All of these 
serve to increase the Curie temperature of the re- 
gion around the carbide particle. 

If the composition change is enough, the Curie tem- 
perature will rise above room temperature. If the 
volume of the affected region is great enough, the 
magnetism will become detectable. At low aging tem- 
peratures, composition changes are great enough but 
the overall volume of impoverishment is quite small 
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Table !. The Permeability of Furnace-Cooled Silchrome 10 Alloy 


Heat 


Annealing Temperature, ° F 


No. 1700 1800 1900 


2000 2100 2200 2300 


1.05 to 1.2 
1.05 to 1.2 


1.2 to 1.6 
1.2 to 1.6 


39794 1.05 to 1.2 
39911 1.05 to 1.2 


L.2'to 1.6 
1.2 to 1.6 


1.2 to 1.6 
1.2 to 1.6 


1.05 to 1.2 
1.05 to 1.2 


1.2 to 1.6 
1.2 to 1.6 


N.B. Specimens water-quenched from the same temperature showed no detectable permeability. The two permeability values indicate the range in 


which the sample fell, by comparison with a set of calibrated standards. 


Table Il. The Effect of Aging Time and Temperature on 
Magnetism of Solution Annealed Samples 


Permeability 
Heat Time, Temp, Immersed in After 
No. Hr vd At Room Temp Liquid N, Immersion 
39794 4 1000 Nil 
1200 Nil 1.02 to 1.05 Nil 
1300 Nil 1.02 to 1.05 1.02 to 1.05 
1400 Nil - 1.02 to 1.05 
1600 Nil 1.02 to 1.05 Nil 
1 1200 Nil 1.02 to 1.05 Nil 
2 Nil 1.02 to 1.05 Nil 
3 Nil 1.02 to 1.05 Nil 
4 Nil 1.02 to 1.05 Nil 
8 1.02 to 1.05 N.D. N.D. 
24 1.2 to 1.6 N.D. N.D. 
39911 4 1000 Nil 1.02 to 1.05 Nil 
1200 Nil 1.02 to 1.05 1.02 to 1.05 
1300 Nil 1.05 to 1.2 1.02 to 1.05 
1400 Nil 1.02 to 1.05 1.02 to 1.05 
1600 Nil 1.02 to 1.05 1.02 to 1.05 
1 1200 Nil 1.02 to 1.05 Nil 
2 Nil 1.02 to 1.05 Nil 
3 Nil 1.02 to 1.05 Nil 
4 Nil 1.02 to 1.05 Nil 
8 1.02 to 1.05 N.D. N.D. 
12 1.2 to 1.6 N.D. N.D. 


N.D. —Not determined. 


because of steep diffusion gradients. At high aging 
temperatures there is a large volume but the shallow 
gradient does not produce a high enough Curie tem- 
perature to produce magnetism. Only at intermediate 
temperatures is there an optimum combination of 
diffusion gradient and volume. 

If this is true, some of the non-magnetic speci- 
mens ought to become magnetic at very low temper- 
atures. Such specimens would be 1) those aged 
above 1200°F and having a shallow, broad diffusion 
gradient, and 2) those aged at short times at 1200°F 
having an insufficient rise in Curie temperature— 
provided that the volume of impoverishment is great 
enough. The annealed and water-quenched specimens 
and those aged below 1200°F ought to remain non- 
magnetic. 

All the non-magnetic specimens were immersed 
in liquid nitrogen and their permeabilities measured 
at this temperature with the results shown in Table 
II. All the specimens that should have become mag- 
netic did indeed show measurable magnetism; the 
others did not. Upon returning to room temperature 
the permeability was again measured to be certain 
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that the increase in permeability observed was not 
the result of marfensite formation during cooling. 
Only the specimens aged 4 hr at 1200° or 1400°F 
remained non-magnetic after warming up. Metallo- 
graphic examination showed the presence of marten- 
site in these specimens. The specimens which had 
been aged at 1600°F for 4 hr and those aged 1, 2, 

and 4 hr at 1200° F remained non-magnetic at room 
temperature although they were magnetic at the low 
temperature. 

A second hypothesis is that very small ferrite par- 
ticles will form in the impoverished region. Parti- 
cles about 200A in diam would give a smeared diffrac- 
tion pattern that would escape detection against the 
background of the film even after long exposures. 
Such particles would show superparamagnetism!’ rath- 
er than ferromagnetism. A characteristic of super- 
paramagnetism is that the curve of magnetization vs 
field strength is very similar to normal paramagnetic 
materials but with much higher magnetization values. 
The curve also would show no hysteresis. Samples 
from both heats with several degrees of magnetiza- 
tion were tested on an isthmus electromagnet with 
fields up to 7000 oe. All the specimens show decided 
hysteresis indicating that this latter hypothesis was 
not correct. The samples showed remanence values 
above 40 gauss after being subjected to fields of 250 
oe. 

This appearance of magnetism in stainless steels 
without formation of martensite or ferrite seems 
confined to high-carbon high-silicon stainless steels. 
Similar experiments on Types 302, 304, and 304L 
produced no detectable magnetization. 


CONCLUSION 


These experiments show that in high-carbon high- 
silicon stainless steels magnetism can appear with- 
out the formation of martensite or ferrite. This 
magnetism is probably the result of composition 
changes in the regions immediately surrounding the 
precipitated carbides. These magnetic regions have 
an austenitic structure and do not have sharp bound- 
aries. 
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The Cadmium-Uranium Phase Diagram 


Allan E. Martin, Irving Johnson, and Harold M., Feder 


The cadmium-uranium system was studied by ther- 
mal, metallographic, X-ray and sampling techniques; 
special emphasis was placed on the establishment of 
the liquidus lines. The single intermetallic phase, 
identified as the compound UCd,,, melts peritectically 
at 473°C to form a-uvanium and melt containing 2.5 
wt pet uranium. The cadmium-vich eutectic (0.07 wt 
pct uranium) freezes at 320.6°C. Solid solubilities in 
uranium and cadmium appear to be negligible. Be- 
tween 473°C and 600°C the liquidus line is retograde. 


No publication relating to the cadmium-uranium 
phase diagram was found in the literature. The es- 
tablishment of this diagram was of considerable in- 
terest to us because of a possible application of the 
system to the pyrometallurgical reprocessing of 
nuclear fuels. Analysis of liquid samples, metallo- 
graphic examination, thermal analysis, and X-ray 
diffraction analysis were used to establish the 
phase diagram from about 300° to 670°C. Particu- 
lar emphasis was placed on the establishment of the 
liquidus lines. The same system was concurrently 
studied in this laboratory by the galvanic cell meth- 
od.’ Both studies benefited from a continual inter - 
change of information. 


MATERIALS AND EXPERIMENTAL PROCEDURES 


Stick cadmium (99.95 pct Cd, American Smelting 
and Refining Co.) contained 140 ppm lead as the ma- 
jor impurity. Reactor grade uranium (99.9 pct U, 
National Lead Co.) was most often used in the form 
of 20-meshspheres. This form was particularly sui- 
table because it does not oxidize as readily as finer 
powder. 

The liquidus lines were determined by chemical 
analysis of filtered samples of the saturated melts. 
The liquid sampling technique is described else- 
where;? alumina crucibles (Morganite Triangle RR), 
tantalum stirring rods, tantalum thermocouple protec- 
tion tubes, Vycor or Pyrex sampling tubes, and 
grades 60 or 80 porous graphite filters were used. 
Uranium dissolves in liquid cadmium rather slowly. 
In order to achieve saturation of the melts it was 
necessary to modify the procedure of Ref. 2 by the 
use of more vigorous stirring and longer holding 
periods (at least 3 hr) at each sampling temperature. 
The samples were analyzed for uranium by spectro- 
photometry (dibenzoyl methane method) or by polar- 
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ography. The analyses are estimated to be accurate 
to 2 pet. 
Thermal analysis was performed on alloys con- 
tained in Morganite alumina crucibles in helium at- 
mospheres. Standard techniques were employed; 
heating and cooling rates were about 1°C per min. 
For the determination of the peritectic temperature, 
Cd-10 pct U charges were first held for at least 50 
hr at temperatures in the range 435° to 460°C to 
form substantial amounts of the intermediate phase. 
For the determination of the effect of cadmium on ; 
the a-8 transformation temperature of uranium, 
charges of Cd-25 pct U (-140+100 mesh uranium a 
spheres) were first held near the transformation ‘ 
temperature, with stirring, to promote solution of ” 
cadmium in the solid uranium. The holding times 
and temperatures for these treatments were 18 hr 2, 
at 680°C for the cooling run and 28 hr at 630°C for > 
the heating run. . 
Alloy specimens for X-ray @iffraction and metal- 
lographic examination of the intermediate phase 
were prepared in sealed, helium-filled Vycor or 
Pyrex tubes. Ingots from solubility runs and ther- 
mal analysis experiments also were examined 
metallographically. Crystals of the intermediate 
phase were recovered from certain cadmium-rich 1 
alloys by selective dissolution of the matrix in 20 
pct ammonium nitrate solution at room temperature. 
Temperatures were measured with calibrated 
Pt/Pt-10 pct Rh thermocouples to an estimated ac- 
curacy of 0.3°C. However, the depression of the 
freezing point of cadmium at the eutectic is esti- 
mated to be accurate to 0.05°C because a special 
calibration of the thermocouple was made in place 
in the equipment with pure cadmium just prior to 
the measurement. 


EXPERIMENTAL RESULTS 


The results of this study were used to construct 
the cadmium-uranium phase diagram shown in Fig. 
1. This diagram is relatively simple; it is charac- 
terized by a single intermediate phase, 6 (UCd,,), 
which decomposes peritectically, and which forms a 
eutectic system with cadmium. The solid solubilities 
in the terminal phases appear to be negligible. An 
unusual feature of the diagram is the retrograde 
slope of the liquidus line above the peritectic temper- 
ature. 

The Liquidus Lines. The liquidus lines above and 
below the peritectic temperature are based on three 
separate solubility experiments. The data are shown 
in Fig. 1 and are given in Table I. It is apparent 
from the figure that the solubility data obtained by 
the approach to saturation from higher temperatures 
fall on substantially the same lines as those obtained 
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Fig. 1—The cadmium-uranium phase diagram. 


by the approach from lower temperatures. This is 
good evidence that equilibrium was reached. It is 
also clear that the solubility data above and below the 
peritectic temperature fall on two quite different 
lines. The solubility data were fitted? to empirical 
quadratic equations by the least-squares method to 
yield the following equations: 
3 
(Below 473°C) log (% U) = 8.174 - 6.766 x — 
108 
Te 
10 


(473 to 650°C) log (%U) = 1.754 - 2.593 x = 


106 


+ 0.726 x 


+ 1.179 x 


Fig. 2—A 1.0 pct uranium alloy cooled slowly from 445°C; 
crystals of UCd,, in a cadmium matrix. Etched with 
Schramm’s reagent.‘ X250. Reduced approximately 21 pct 
for reproduction. 
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Table I. The Solubility of Uranium in Cadmium 
At. Pct U °c Wt Pct U 


Wt Pct U At. Pct U 


1.18 
1.13 
1.15 
1.08 
1.08 
1.06 
1.05 
1.03 
1.01 
1.03 
1.03 
1.00 
1.02 


0.0356 468.4 
0.0454 477.8 
0.0534 491.2 
0.0747 506.4 
0.0955 

0.125 

0.154 

0.185 

0.238 

0.303 

0.399 

0.484 

0.666 

0.810 

0.954 


0.0754 
0.096 
0.113 
0.158 
0.202 


The standard deviations of the data from these 
equations were 3.2 and 1.2 pct, respectively. 

The solubility of uranium in liquid cadmium de- 
creases with rising temperature from 473°C to 
about 630°C. A retrograde liquidus such as this is 
unusual in metallic systems; no other example was 
noted in a compilation® of nearly 700 binary phase 
diagrams. Several independent solubility experi- 
ments were made for verification and in each the 
retrograde slope was observed. Furthermore, in the 
Cd-U-Zn and Cd-U-Mg systems, which will be the 
subjects of future reports, the same feature was 
exhibited up to additions of about 4 pct Zn or 6 pct 
Mg. The data on the ternary systems provide addi- 
tional support for the existence of the retrograde 
solubility in the binary system. 

The Intermediate Phase, 6, and Its Peritectic 
Decomposition. Samples of the intermediate phase 
were obtained from three sources: crystals (A) 
formed during the slow cooling of a saturated melt 
from 400°C; crystals (B) formed by the reaction of 
uranium with cadmium for 6 days at about 460°C; and 
a single crystal (C), a 1/2-in. cube with octahedrally 
truncated corners, which accidently formed on a 
stirring rod. The photomicrograph, Fig. 2, shows 
crystals of the intermediate phase which formed 
from a saturated melt during cooling at 0.3°C per 
min. 

Three samples of the B crystals were recovered 
by the selective dissolution method already described; 
they were analyzed as follows: 


Sample Wt pet U 


B-1 15.96 
B-2 15.87 
B-3 16.26 


Total pct 


99.7, 
99.5, 11.2 
99.1, 10.8 


The densities of these samples, measured by the 
buoyancy and the pycnometric methods, ranged 
from 8.95 to 9.15 g per cc. Identical X-ray diffrac- 
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tion patterns were obtained for the A, B, and C sam- 
ples. With the assistance of the clues provided by the 
chemical analysis and the density, the diffraction pat- 
tern of the intermediate phase, 6, was indexed by 
Flikkema and Tani® and identified as UCd,,, cubic, , 
isostructural with BaHg,,,° and CeCd,,,” a, = 9.2894, 
36 atoms per unit cell. The theoretical composition 
is 16.14 wt pct U, 83.86 wt pct Cd and the calculated 
X-ray density is 9.164. 

Metallographic examination of alloys quenched 
from above the peritectic temperature showed that 
uranium was the solid phase in equilibrium with the 
melt at these temperatures; it was therefore pre- 
sumed that uranium is the solid phase which forms 
when UCd,, decomposes peritectically on heating. 
The presumption was confirmed in a test with a Cd- 
8 pct U alloy which originally contained a bed of 
UCd,, crystals. When this alloy was heated for 2 
hr at 550°C and quenched to room temperature, the 
crystals, which were isolated from the product by 
selective dissolution, were identified as a uranium 
by X-ray diffraction. In addition, metallographic 
examination of ingots which had been cooled slowly 
from above the peritectic temperature showed peri- 
tectic reaction rims of UCd,, around the uranium 
crystals. Thus, these tests indicated that the peritec- 
tic reaction was: 


UCd,,; = Usipnat Melt, 2.50 wt (1.20 at.) pet U [3] 


In the related galvanic cell study’ the electromotive 
force of a saturated U-Cd solution electrode vs an 
annealed uranium electrode was observed to be zero 
above the peritectic temperature; this observation 

is additional confirmation that uranium is the solid 
phase in equilibrium with the melt above the peritec- 
tie. 

The peritectic temperature was established by 
three types of measurements, namely, thermal anal- 
ysis, solubility, and cell studies. The thermal anal- 
ysis value, 473.9 +0.8°C, was the average of six ar- 
rest measurements which were obtained on heating 
a Cd-10 pct U alloy. The thermal arrests obtained 
at about 459°C on cooling were discounted because of 
our experience and that of others® with similar sys- 
tems. A second value of the peritectic temperature, 
471.7°C, was obtained from the intersection of the 
liquidus lines via Eq [1] and [2]. A third value,473°C, 
was obtained independently in the related cell study.’ 
The average of these three determinations of the 
peritectic temperature is 473°C. 

The Cadmium-Rich Part of the System. Metallo- 
graphic examination and thermal analysis data indi- 
cated the existence of a eutectic between cadmium 
and UCd,,. The eutectic temperature, determined 
by thermal analysis on an alloy which contained 
0.13 pct U, was found to be 0.26°C below the freez- 
ing point of cadmium. If the latter is taken as 
320.9°C, the eutectic temperature is 320.6°C. By a 
slight extrapolation of Eq.[1] to the eutectic temper - 
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ature the eutectic composition was estimated to be 
0.069 wt (0.032 at.) pct U. 

A saturated melt was cooled from 350°C to produce 
a fine-grained alloy. This was then annealed for 23 
hr at 310°C and quenched to room temperature. The 
lattice parameters of the cadmium in this sample 
were determined® to be: a) = 2.9790A and ¢, = 
5.6181A. Within experimental error, the parameters 
were the same as for pure cadmium; consequently, 
an appreciable solubility of uranium in solid cadmium 
at 310°C is not indicated. 

The Uranium-Rich Part of the System. The por- 
tion of the system between the UCd,, composition 
and uranium was not explored in detail. As already 
mentioned, uranium was shown to be the only solid 
phase that is stable above the peritectic temperature. 
Furthermore, on the basis of thermal, metallographic, 
and X-ray evidence, UCd,, appears to be the only in- 
termediate phase that is stable below the peritectic 
temperature. Two indirect indications of the extent 
of solid solubility of cadmium in uranium were ob- 
tained. The a-f transformation temperature of 
uranium saturated with cadmium was determined 
by thermal analysis. The arrests, at 669°C on heat- 
ing and 644°C on cooling, were not significantly dif- 
ferent from those obtained prior to the saturation with 
cadmium. A more significant observation was that 
the lattice parameters of a uranium, formed by the 
peritectic decomposition of a bed of UCd,, crystals, 
were the same as those of pure uranium within the 
experimental error of the measurement.® It was con- 
cluded that the solid solubility of cadmium in urani- 
um is probably negligible. This conclusion is sup- 
ported by the galvanic cell study.’ 
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Composites 


The effect of alumina particles on the nucleation 
and growth of cracks through a silver chloride ma- 
trix has been investigated. It has been found possible 
to promote fibrous cracking in dispersion-strength- 
ened silver chloride under notch-impact conditions 
at temperatures at which silver chloride alone 
cleaves brittlely. The modification of fracture be- 
havior is thought to be due to the relaxation of hydro- 
static stress beneath a notch by the nucleation of 
cavities near alumina particles. 


In recent years, composite or dispersion-strength- 
ened materials have been studied primarily to un- 
derstand their high resistance to plastic flow par- 
ticularly at elevated temperatures. Dislocation mod- 
els have been developed with which it is possible to 
deduce with fair success the effects of interparticle 
distance, particle size, temperature, upon yielding 
and creep behavior.'~* Much less attention has been 
paid to the fracture behavior of these materials (with 
the notable exception of common structural steels) 
and little is known experimentally about the manner 
in which inclusions affect the nucleation and growth 
of cracks through a matrix. Nevertheless a begin- 
ning has been made in connection with fibrous crack- 
ing in ductile matrices where inclusions appear to 
play an essential role.5~’ During the severe local- 
ized plastic deformation which accompanies necking 
in a tensile test, cavities are believed to develop at 
inclusions; these cavities subsequently grow and co- 
alesce by plastic flow until separation is complete. 

It is of interest to consider whether inclusions can 
affect fracture behavior under loading conditions 
which restrict the plasticity of the matrix itself (for 
example, cleavage under conditions of a high imposed 
strain rate at low temperatures). It is particularly 
interesting to study these effects in a solid which 
shows a spectrum of behavior ranging from fully duc- 
tile to semi-brittle behavior. Such a solid is silver 
chloride whose mechanical behavior depends sensi- 
tively upon temperature and strain rate.*® 

The present paper is concerned with a study of the 
influence of inclusions (in the form of alumina par- 
ticles) on the fracture behavior of silver chloride 
loaded uniaxially at low strain rates at room temper- 
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The Fracture Behavior of Silver Chloride-Alumina 


T. L. Johnston, R. J. Stokes, and C. H. Li with an appendix by K. H. Olsen 


ature and also under notch impact conditions over a 
wide range of temperature. In particular, it will be 
shown that the alumina particles can exert a startling 
effect on the ductile-brittle transition temperature of 
notched silver chloride and that the magnitude and ~ 
nature of the effect depends upon both the quantity of 
alumina and the shape of the alumina particles. 


1. EXPERIMENTAL PROCEDURE 


1.1 Materials Used. Silver chloride powder of 
analytical reagent (AR) quality having an average par- 
ticle size 6 was supplied by the Mallinckrodt Chem- 
ical Works (St. Louis, Mo.). Acid washed 900 mesh 
alumina powder, designated A38-900, was supplied 
by the Norton Co. (Cambridge, Mass.). This powder 
was added to silver chloride in two forms: a) the 
as-received condition in which the individual partic- 
les were of random irregular shape; their statisti- 
cal average size was 7; b) in a condition in which 
each particle was spherically shaped by a fusion 
technique. In this case, the statistical average par- 
ticle size determined with the optical microscope 
was approximately the same (about 5y) but electron 
micrographic evidence indicated that many ultra 
fine particles were present in the spheroidized pow- 
der. 

1.2 Preparation of Composite Materials. Silver 
chloride-alumina composites containing 2.5, 5, and 
15 pct by volume of alumina were produced by the 
extrusion of mechanically mixed powders blended 
in a ball mill for 24 hr at room temperature. The 
mixtures were compacted at 50,000 psi at room tem- 
perature in the form of billets 3/4 in. in diameter 
and 1 in. long which were then extruded With a 16:1 
reduction ratio at 370°C through a radius-type steel 
die having a 5 deg lead-in angle. An extrusion tem- 
perature of 370°C was selected to ensure that all com- 
posites had sufficient plasticity to be extruded. Apart 
from this general requirement, the choice was arbi- 
trary. 

1.3 Microstructure of Composites. Attempts were 
made to check the distribution of alumina metallo- 
graphically by polishing transverse and longitudinal 
sections of the extruded rod. Specimens were wet- 
ground to 600 emery paper and lapped successively 
with 5 and 0.25-y grades of diamond paste. They 
were etched for 10 sec in 10 pct sodium thiosulfate 
solution and lightly polished in concentrated ammo- 
nium hydroxide. The most effective way to render 
the alumina particles and grain boundaries visible 
was to radiate the surface with intense white light to 
decorate the grain boundaries and the particle-matrix 
interfaces photolytically. 
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It was difficult to obtain a polished section which 
gave an adequate representation of the microstructure 
of all the composites investigated. Particles less 
than 5y in size could not be distinguished readily from 
the matrix and the other light scattering centers (pre- 
sumably silver oxide and free silver specks) which 
were already present. Since a large number of par- 
ticles were less than 5p, no realistic estimate could 
therefore be made of the average interparticle dis- 
tance. In addition, grain boundaries were difficult to 
detect in the 15 pct composites. Nevertheless, it was 
possible to appreciate two important aspects of the 
microstructure. Firstly, alumina particles were seg- 
regated to a certain extent in grain boundaries and 
tended to be strung out in the extrusion direction so 
that a longitudinal section had a banded structure. 
Secondly, there was a marked difference in the shape 
of the silver chloride grains in material containing 
2.5 or 5 pct spherical alumina on the one hand and 
silver chloride alone or containing irregular alu- 
mina particles on the other. In the latter case, the 
grains were equiaxed in a longitudinal section where- 
as in the former case the grain boundaries lay al- 
most exclusively parallel to the extrusion direction. 
The average transverse grain size in samples con- 
taining 2.5 pct spherical particles was 0.003 mm 
compared with 0.03 mm in the AR silver chloride. 

1.4 Mechanical Test Procedure. The fracture be- 
havior of polycrystalline silver chloride and material 
containing alumina particles was investigated under 
two extreme conditions, namely, uniaxial tension at 
a low strain rate at room temperature and impact 
bending over a range of temperature in the presence 
of a notch. 

For the low strain rate tests, cylindrical tensile 
specimens were turned on a lathe to the dimensions 
shown in Fig. 1(b). Some difficulty was encountered 
in machining specimens containing 5 and 15 vol pct 
of irregular alumina. The abrasive nature of these 
particular materials blunted the tool tip very rapid- 
ly causing it to bite into the specimens and fracture 
them prematurely. In contrast, the specimens con- 
taining spherical alumina particles were easy to ma- 
chine. The specimens were tested in the as-extruded 
and machined state. They were clamped in split 
shoulder grips which made it possible to mount them 
in the machine without damage. They were pulled at 
room temperature in a hard gear-driven machine at 
a strain rate of 1.6 x 1074 sec™. 

It has been pointed out elsewhere’ that exposure to 
visible radiation has a negligible effect on the stress- 
strain behavior of polycrystalline silver chloride. 
Composites were found to be similarly insensitive. 

For each composite, a total of twelve specimens 
was prepared from two identical extrusions. It was 
found that the reproducibility of the corresponding 
stress-strain curves was generally good, any scatter 
increased with the degree of plastic strain. For ex- 
ample, after a plastic strain of 0.01, the scatter in 
the value of the flow stress was less than +0.5 pct 
for all three composites containing spherical alumina, 
whereas at a strain of 0.05, the scatter increased to 
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Fig. 1—Dimensions of a) notch impact and b) tensile speci- 
men, 


+3 pct. The behavior of material containing irregular 
alumina was less reproducible, for example, the scat- 
ter was +6 pct after a strain of 0.05. 

For the notch impact tests, specimens were made 
in two stages. The extruded rod, 0.187 in. diameter 
was first rolled to introduce parallel flat surfaces 
0.165 in. apart. The strip was cut into 1-1/4 in. 
lengths and then a 90° notch, 0.025 in. deep was in- 
troduced with a razor blade into one of the flat sur- 
faces at its mid-point to give the specimen illus- 
trated in Fig. 1(a). Specimens were held in a hori- 
zontal position by supports at each end 1-1/16 in. 
apart and were subjected to an impact bending load 
at the mid-span by a swinging pendulum pivoted 
above the specimen. At the moment of impact the 
pendulum striker had a velocity of 110 in. per sec 
and an energy of 10 in. per lb. The corresponding 
maximum strain rate at the root of the notch (assum- 
ing a stress concentration factor of 4) was estimated 
to be approximately 400 per sec. 

The following baths were used to heat or cool the 
specimens prior to being placed in position in the 
impact machine. Isopentane cooled with liquid ni- 
trogen was used for subzero temperatures, while 
a heated bath of mineral oil reached temperatures 
between 20 and 175°C. Above 175°C, specimens were 
raised to the test temperature while in position in 
the machine with a small removable resistance fur- 
nace. In all cases, at least 5 min was allowed for 
specimens to reach thermal equilibrium. 

The scatter in the values of the energy absorbed 
by the composites during impact and fracture will 
be discussed below. 


2. EXPERIMENTAL RESULTS 


2.1 Stress-Strain Behavior of AgCl: Alumina Com- 
posites at Room Temperature. It was found that the 
flow stress of the extruded AR silver chloride pow- 
der was far greater than that of material obtained by 
recrystallizing cold-rolled silver chloride ingots. 
For this latter material, which is clear and trans- 
parent, the limit of proportionality is of the order of 
400 psi and is independent of grain size at room tem- 
perature.° In contrast, the present extruded material 
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Fig. 2—True-stress-true-strain curves of composites con- 
taining spherical alumina particles. 


was opaque and had proportional limit of 2300 psi in 
the as-extruded condition. Moreover this powder 
material was thermally stable to the extent that 30 


min at 180°C had a negligible effect on the flow stress. 


Even after severe cold work and complete recrys- 
tallization at 200°C the proportional limit was no 
lower than 900 psi. It should, therefore, be stressed 
that the effects of alumina particles on fracture be- 
havior described in this paper were manifested ina 
matrix already strain hardened during extrusion and 
dispersion strengthened possibly by free silver and 
silver oxide. 

In Fig. 2 and 3 the respective true-stress and true- 
strain curves of silver chloride containing spherical 
and irregular alumina are compared. As one might 
expect, the proportional limit and initial rate of 
strain hardening both increased as the vol pct of 
alumina increased. After greater degrees of plastic 
strain, the rate of strain hardening was insensitive 
to the amount of alumina present. It may be noted 
that specimens containing spherical alumina har- 
dened to a greater extent than those containing ir- 
regular particles. This difference is not fully un- 
derstood at present, but it is thought to be associ- 
ated with the greater proportion of fine particles in 
the spherical powder or possibly due to a difference 
in the chemical activity between the two forms of 
alumina. A higher surface chemical activity would 
cause additional decomposition of the silver chloride 
to form finely divided silver. 

Of particular interest was the effect of alumina 
additions on the reduction in area at complete fail- 
ure. From the values tabulated in Fig. 2 and 3 one 
can appreciate that an increase in the quantity of 
alumina present decreased the reduction in area from 
the value of 75 pct for silver chloride alone to 8 pct 
for composites containing 15 pct by vol of alumina. 
Alumina particle shape evidently had very little 
effect on these values. In every case the fracture 
surfaces had a conventional cup-cone shape and the 
fracture mode was entirely fibrous in character. It 
is significant that clean transparent silver -chloride 
monocrystals and polycrystals (which are free from 
inclusions and large pores) neck down to a point or 


794—VOLUME 221, AUGUST 1961 


alone 
ALUMINA | REDUCTION 


CONTENT IN AREA 
75% 
2.5 % 47% 
5 % 37% 
8% 


STRESS, psi 
8 


04 05 .06 
PLASTIC STRAIN 


02 .03 


Fig. 3—True-stress-true-strain curves of composites con- 
taining irregular alumina particles. 


knife edge when deformed at the same strain rate at 
any temperature where wavy glide is the operative 
slip mode.® In silver chloride under these test con- 
ditions, therefore, it is possible to demonstrate 
clearly that inclusions can produce the cup-cone type 
of fracture. This fact is consistent with the current 
thesis that inclusions nucleate cavities during neck- 
ing. 

2.2 Energy Absorbed Versus Temperature Curves. 
It is important to recognize at the outset that a tran- 
sition from brittle to ductile behavior with an increase 
in temperature is shown by silver chloride when 
prepared in a variety of ways in addition to the pow- 
der product considered here. Optically pure mono- 
crystals cleave with little macroscopic deformation 
in the notch impact test at temperatures below 
-10°C and become sufficiently ductile to avoid frac- 
ture above about 70°C.® Likewise, coarse grained 
polycrystals (grain size 0.3 to 0.5 mm) prepared 
by the direct extrusion of high purity monocrystals 
and finer grained material (grain size of the order 
of 0.1 mm) prepared by the extrusion of pure cast 
ingots and finally fine grained (0.03 mm) material 
prepared by powder methods all manifest the tran- 
sition in the same range of temperature under notch 
impact conditions, as can be seen in Fig. 4. The 
transition temperature was found to be relatively 
unaffected by the presence of grain boundaries with- 
in the above range of grain size and source of mate- 
rial. The transition range of -10° to 70°C appears 
to be fundamental to silver chloride for the partic- 
ular loading and notching conditions adopted in the 
present work. 

The transition curves associated with each com- 
posite are plotted in Fig. 5 and 6. The curves ob- 
tained with the composites of different spherical 
alumina contents are grouped together in Fig. 5, 
while those obtained with irregular alumina are 
shown in Fig. 6. In each case the transition curve 
for polycrystalline silver chloride alone is hatched 
in for comparison. 

It can be seen from the above figures that the 
form and position of the transition curve depended 
not only on the quantity of alumina present but also 
upon the alumina particle shape. In the case of com- 
posites containing spherical alumina, the transitions 
occurred over a fairly wide range of temperature 
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within which the energy absorbed changed gradually 
with a uniform scatter. The slope of these curves 
decreased with an increase in the alumina content. 
In contrast, the ductile to brittle transitions of com- 
posites containing irregular alumina were, in gene- 
ral, manifested over a narrower range of tempera- 
ture. Within the transition range the distribution of 
energy -absorbed values for composites containing 
irregular particles appeared to be bimodal in char- 
acter; the readings were either low or high with few 
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intermediate values. This was particularly true for 
the material containing 2.5 pct by vol of irregular 
alumina. Bimodal behavior was manifested also in 
the 5 pct composites in the temperature range 50 to 
125°C. 

At temperatures above the transition range char- 
acteristic of polycrystalline silver chloride alone, 
the addition of alumina, irrespective of particle 
shape, decreased the energy absorbed during frac- 
ture. Below the characteristic transition range, 
however, certain composites absorbed more energy 
than the silver chloride alone. This was particular- 
ly true of the composite containing 2.5 pct by vol of 
spherical alumina. At room temperature, for ex- 
ample, the impact strength of the 2.5 pct spherical 
alumina composite was an order of magnitude great- 
er than the silver chloride alone. The behavior of 
the 2.5 pct spherical alumina composite was even 
more notable in terms of the nil-ductility tempera- 
ture, defined here as that temperature at which an 
increase in energy could just be detected. The val- 
ues for single phase silver chloride and the 2.5 pct 
irregular alumina composites were approximately 
30° and 40°C respectively but the value for the 2.5 
pct spherical alumina composites was in the neigh- 
borhood of liquid nitrogen, a reduction of over 200°C. 


3. MACROSCOPIC FRACTURE APPEARANCE OF 
IMPACTED SPECIMENS 


The fracture appearance of impacted composites 
containing alumina differed in many respects from 
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Fig. 7(a)—Types of macroscopic fracture appearance ob- 
served in composites containing 5 and 15 pct alumina. 


that of extruded silver chloride alone. The tempera- 
ture of impact, the quantity, and shape of alumina 
particles present were all found to affect the frac- 
ture appearance significantly. It is convenient to 
describe first the macroscopic fracture appearance 
of extruded silver chloride powder and of composites 
containing 5 and 15 pct alumina. Specimens con- 
taining 2.5 pct alumina will be considered separately. 
Microscopic features will be described later in Sec- 
tion 4. 

3.1 Fracture Appearance of Polycrystalline Silver 
Chloride. For extruded silver chloride alone, the 
fracture surfaces of specimens impacted at tempera- 
tures below the transition range had a bright specu- 
lar appearance characteristic of cleavage over all 
the fracture surface. Similarly those specimens 
tested within the transition range which absorbed lit- 
tle energy also fractured by cleavage. In many cases 
it was possible to tell visually from the convergence 
of cleavage markings that the primary fracture origin 
was located below the line of the notch. Specimens 
which absorbed 6 in.-lb. or more within and above 
the transition range did not fracture but merely bent 
around the pendulum striker and were swept between 
the supports. 

3.2 Fracture Appearance of Composites Containing 
5 and 15 pct Alumina. Figs. 7(a) and 7(b) describe 


graphically the effect of test temperature on the 
macroscopic appearance of the fracture surfaces of 
composites containing 5 and 15 pct alumina. In gene- 
ral terms, it was found that cleavage was the prin- 
cipal mode at low temperatures (the corresponding 
fracture appearance is designated type A). At high- 
er temperatures a dull fibrous mode appeared which 
was first manifested at the specimen rim (type B 
fracture appearance). With a further increase in 
temperature, the fibrous zone also appeared below 
the notch thereby enclosing an area at the center 
within which the principal mode was cleavage; this 
arrangement of the two modes characterize the type 
C fracture appearance as illustrated in Fig.7(a). This 
type is analogous to the “picture-frame” effect ob- 
served in steels. At still higher temperatures, the 
fracture surfaces were dull and fibrous throughout 
(type D). 

It was of interest to note in Fig. 7(b) that in the 5 
pct alumina composites, those specimens containing 
spherical particles manifested the fracture appear- 
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Fig. 7(6)—Ranges of temperature over which the fracture 
appearance types A through D were manifested in compos- 
ites containing 5 and 15 pct alumina. 


ance transition A through D at lower temperatures 
than those containing irregular particles. On the 
other hand, particle shape had less influence in these 
respects in composites containing 15 pct alumina. 

The transition from type B to C in material con- 
taining 5 pct irregular alumina was directly corre- 
lated with the bimodal scatter of impact strength 
shown for this material in Fig. 6. If in the transition 
temperature range 50° to 125°C, the fractured speci- 
mens had a clearly recognizable fibrous rim along 
the base of the notch, then the impact strength had a 
value in excess of 3.0 in.-lb. If the fibrous region 
below the notch was absent, then the impact strength 
was less than 2 in.-lb. In this so-called bimodal 
range, therefore, the impact strength was not related 
in any simple way to the proportion of fibrous area 
in the fracture surface but rather to its disposition. 
However, in general, within a given type B, C, or D, 
the impact strength appeared to be roughly propor- 
tional to the amount of fibrous fracture. These ob- 
servations are very similar to those of Crussard 
et al.‘°ina study of brittle fracture and impact tests 
in steel. 

Whenever the fracture appearance was of type A 
(this applies also to silver chloride alone and as we 
shall see below, to composites containing 2.5 pct ir- 
regular alumina) the impact strength was always in 
the range 0.5 to 1.0 in.-lb independent of the temper - 
ature, quantity, and shape of the alumina particles 
present. In contrast, for fracture appearance types 
B, C, or D the impact strength was affected to a sig- 
nificant degree by the quantity of alumina present 
and to a lesser extent by the temperature. 

3.3 Fracture Appearance of Composites Contain- 
ing 2.5 pct Alumina. The effect of temperature on 
the fracture appearance of specimens containing 
2.5 pct by vol of alumina was quite different from 
that described above. The fracture surface of the 
specimens containing spherical particles was very 
rough and fibrous at temperatures above 0°C and 
could be considered to be of type ‘D’. As the test 
temperature was decreased, the fibrous fracture 
surfaces became smoother until at liquid nitrogen 
temperature they had a smooth satin appearance. 
Even at this low temperature they did not have the 
specular appearance characteristic of polycrystalline 
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Fig. 8—Primary intergranular origin of cleavage fracture in 
AR silver chloride. X500. 


cleavage. In this material a picture-frame effect 
was never observed. Of particular importance was 
the fact that the locus of the fracture surfaces lay at 
an angle of 45 deg to the direction of the maximum ten- 
sion stress at the base of the notch regardless of the 
test temperature. 

The fracture surfaces of composites containing 
2.5 pct of irregular alumina impacted at tempera- 
tures below the transition range consisted primarily 
of cleavage facets (type A). Such surfaces were al- 
most identical with the corresponding fracture sur- 
face of silver chloride alone. Above the transition 
temperature, however, the fracture behavior was 
quite different from that of silver chloride. Whereas 
silver chloride specimens merely bent around the 
pendulum striker just above the transition, compos- 
ites containing 2.5 pct irregular alumina fractured 
by the growth of a fibrous crack extending from the 
notch root to about one-third of the way across the 
specimen. The rest of the fracture surface consisted 
of cleavage whose primary origin lay beyond the line 
of demarkation between the fibrous and cleavage 
areas (i.e.—a modification of type C). At tempera- 
tures well above the transition the fracture surface 
was 100 pct fibrous (type D). 


4. MICROSCOPIC APPEARANCE OF FRACTURE 
SURFACES 


4.1 Examination of Cleavage Areas. In silver chlo- 
ride alone, the primary source of cleavage always 
lay beyond the base line of the notch. The distance of 
the origin from the notch was of the order of 0.1 mm 
but varied from specimen to specimen and bore no 
obvious relationship to the temperature of impact. 
More important, however, was the fact that when- 
ever the actual source could be examined, it was 
found to be intergranular. Fig. 8 shows a typical 
fracture origin in this material where the dark re- 
gion indicated by the arrow is a grain boundary sur- 
face. Such cracks, once nucleated, propagated across 
the specimen following a fracture path which was 
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Fig. 9—Primary origin of cleavage at the surface of a par- 
ticle at the base of the notch in a specimen containing 2.5 
pet irregular particles. X400. 


predominantly transgranular cleavage, occasionally 
switching along isolated grain boundaries. 

It will be recalled that the macroscopic fracture 
appearance of composite specimens containing 2.5 
pct irregular alumina, which absorbed 1 in.-lb or 
less, was in many respects similar to that of silver 
chloride alone. Closer microscopic examination 
showed, however, that the primary origin of cleavage 
was not always internal; sometimes it lay very close 
to the base line of the notch at an alumina particle. 
Fig. 9 shows an example of this. By comparing mat- 
ing surfaces of such a specimen in the region of the 
origin, it was possible to deduce that the alumina par- 
ticles that one could detect in the fracture surface 
had not themselves fractured. Instead, the fracture 
path had been interfacial between the silver chloride 
and the particle. Thus, intergranular cracks consid- 
ered to be the primary origin of cleavage in silver 
chloride alone, could in certain composite specimens 
be replaced by an interfacial crack. 

In composites containing 5 and 15 pct alumina, test- 
ed at temperatures at which the fracture appearance 
was of type C (picture-frame arrangement), the 
change from fibrous to cleavage fracture beyond the 
notch was not sharply defined. Just below the notch, 
the locus of the (unresolvable) fibrous surface was 
not perpendicular to the maximum tension stress but 
made an angle between 45 to 60 degtoit. Inthis region 
it was possible to detect individual cleavage facets 
whose markings indicated that the crack had propa- 
gated in a direction from the notch towards the inte- 
rior. Further away from the notch, the locus of the 
fracture surface gradually changed direction to be- 
come more perpendicular to the maximum tensile 
stress and at the same time, the number of cleavage 
facets increased. Of particular importance was the 
fact that the central (macroscopic) cleavage zone [see 
Fig. 7(a)] had its own primary origin separated from 
the fibrous zone. Between this origin and the nearest 
“boundary” of the fibrous zone the cleavage facets had 
markings which indicated that, locally, cleavage cracks 
had propagated back towards the notch. It was possible, 
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Fig. of specimen containing 2.5 pct 
spherical particles impacted at 10°C. Note ae tear 
lines. X2000. 


therefore, to deduce that the fracture appearance 
characterized as type ‘C’ arose by the spread of a 
fibrous crack from the notch whose growth was sud- 
denly terminated by the nucleation and growth of 
catastrophic cleavage from a location ahead of the 
fibrous crack tip. Careful examination of many spe- 
cimens showed that whenever a macroscopic patch 
of cleavage was formed it nearly always had its own 
primary origin within its own boundary. 

4.2 Examination of Fibrous Regions. It has alrea- 
dy been pointed out that there was an interesting cor- 
relation between impact strength and the extent of 
fibrous fracture. Of importance was the effect of 
spherical particles in promoting fibrous cracking at 
temperatures at which silver chloride itself cleaved. 
To appreciate this effect more fully, it was necessary 
to examine the fibrous areas in detail in order to de- 
termine the nature of this mode of fracture and to 
compare it with cleavage. The poor depth of focus of 
the conventional metallograph confined this instru- 
ment to the examination of cleavage areas as des- 
cribed in Section 4.1. To study the fibrous areas it 
proved most effective to replicate the fracture sur- 
face and exploit the great depth of focus of the elec- 
tron microscope. Details of the replica preparation 
are given in the Appendix. 

As already indicated, fibrous areas could be dis- 
tinguished macroscopically by their dull and uneven 
surfaces. Such areas covered the whole of the sur- 
face in type D fractures and the outer rim of type C 
fracture surfaces. However, closer examination of 
type C fractures by electron microscopy revealed 
small localized fibrous areas to exist adjacent to 
individual cleavage facets within the central (macro- 
scopic) cleavage zone. Both these localized areas 
and the large scale fibrous areas had several frac- 
tographic features in common no matter in which 
composite they occurred and regardless of their lo- 
cation in the fracture surface. 

Firstly, many more alumina particles were located 
in the surface of fibrous regions than in the surface 
of cleavage areas within a given composite. It may 


798-VOLUME 221, AUGUST 1961 


Fig. ‘ancien fractograph showing the contrast in ap- 
pearance of cleavage tear lines produced at room tempera- 
ture (upper part of figure) and those produced at liquid 
nitrogen temperature. X2000. Enlarged approximately 4 pct 
for reproduction. 


be concluded that in the fibrous mode the crack front 
advanced primarily from particle to particle whereas 
in the (macroscopic) cleavage mode individual cracks 
propagated locally over distances greater than the 
average interparticle distance. 

Secondly, fibrous fracture regions were character - 
ized by tear lines which were wavy in form, often 
discontinuous and associated with extensive local 
plastic distortion (Fig. 10). Indeed, the tear lines ob- 
served in the fibrous areas of composites were sim- 
ilar in many respects to those observed in the sur- 
face of low velocity cleavage cracks formed in sin- 
gle phase monocrystals of silver chloride impacted 
at temperatures within the ductile-brittle range.®»'% 
Fig. 11 shows an example of a boundary between low 
and high velocity cleavage crack surfaces in a silver 
chloride monocrystal. The complexity of the tear 
lines in the low velocity crack region is clearly 
evident and should be compared with the fibrous re- 
gions of Fig. 10. 

The nature of fibrous regions could best be dis- 
tinguished in those areas which were in juxtaposition 
to cleavage facets within the central cleavage zone 
in type C fractures. Such fibrous areas were gene- 
rally less uneven and it was often possible to infer 
the local direction of crack propagation from the dis- 
position of the tear lines not only within the fibrous 
zones themselves but also in the neighboring clea- 
vage facets. Fig. 12 is an electron fractograph of an 
area containing fibrous and cleavage regions in the 
fracture surface of a composite containing 15 pct by 
vol of spherical particles impacted at room tempera- 
ture. The crack propagation direction was from top 
to bottom in the figure. The position originally oc- 
cupied by spherical particles in the fracture surface 
can be distinguished by the mottled surface cavities 
(from some of which the particles had been removed 
during replication, see Appendix), two are indicated 
by arrows in the figure. Of particular significance 
was the appearance of tear lines in the cleavage fa- 
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Fig. 12—Electron fractograph of specimen containing 15 pct 
spherical particles showing intimate mixture of cleavage 
and fibrous cracking. Note tear lines which terminate at 
cavity X. Specimen impacted at room temperature. Crack 
propagation from top to bottom in figure. X2000 


cet at the bottom left of the figure in the neighbor- 
hood of X. It will be noticed that a group of three 
tear lines converge upon, and terminate at, the sur- 
face cavity designated X. Moreover, the right-hand 
tear line of the group thickened and became more ir- 
regular as the cavity was approached, z.e. the tear 
line assumed the character of those observed in low 
velocity cleavage surface shown in Fig. 11. This im- 
portant observation suggests that the degree of plas- 
tic deformation accompanying propagation increased 
as the crack front approached the alumina particle. 
It will be recalled, Section 3.2, that macroscopic ex- 
amination of the fracture surface of composites con- 
taining 2.5 pct spherical particles indicated an essen- 
tially fibrous mode (with satin appearance) to predo- 


Electron micrographic examination of fracture sur- 
faces of these composites revealed that they too were 
made up of fibrous areas (having the characteristic 
wavy tear lines and surface markings) in addition to 
isolated cleavage facets and a limited number of in- 
tergranular surfaces. As the impact temperature of 
these specimens was decreased, the fibrous tear 
lines became less distorted and more continuous and 
the number of cleavage facets increased. At lower 
test temperatures, the microscopic distinction be- 
tween fibrous areas and cleavage facets became less 
distinct and finely intermixed. This is probably the 
reason why the macroscopic fracture surfaces did 
not have the specular appearance characteristic of 
large-scale cleavage which seems to require that 
many individual cleavage facets should successively 
form one after the other in a catastrophic manner. 


5. DISCUSSION 


Of particular interest in the present work was the 
observation that certain additions of alumina to sil- 
ver chloride could not only increase resistance to 
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Fig. 13—Fracture path from notch root in a) composite 

specimen impacted at temperatures at which type C frac- 
tures were manifest and b) silver chloride alone impacted 
at a temperature below the ductile-brittle transition. 


plastic flow by dispersion strengthening effects but 
also the ductility and toughness under notch impact 
by virtue of a modification of fracture behavior. It 
is our thesis, to be presented here, that the change 
in fracture behavior is due to the nucleation of cavi- 
tiés in the region of alumina particles which in turn 
influence the state of stress and distribution of plas- 
tic constraint below the root of the notch. 

The salient microscopic observations were as fol- 
lows: a) At temperatures below the ductile-brittle 
transition of pure silver chloride it was possible in 
certain composites for cracks to spread from the 
notch root in a fibrous mode before propagating ca- 
tastrophically by cleavage. b) Fibrous cracking be- 
low the notch was always distinguished by the fact 
that the locus of the fracture surface was not perpen- 


dicular to the maximum tension stress, see Fig. 13(a). 


In the present extruded powder form of silver chlo- 
ride, fibrous cracking never preceded cleavage from 
the notch root; instead cleavage, which nucleated be- 
low the notch root at an intergranular crack, propa- 
gated over a surface perpendicular to the maximum 
tension stress as in Fig. 13(d). 

Green and Hundy"! have analyzed the distribution of 
plastic strain below the root of a notch at the onset 
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Fig. 14—Slip-line field for pure bending of a specimen hav- 
ing a notch of finite radius (after Green and Hundy)."! 
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Fig. 15—Strain energy of edge dislocations piled up at an 
alumina sphere (a) may be relaxed by matrix pulling away 
from particle (b). 


of yielding. Fig. 14 illustrates their conclusions in 
terms of the slip line field below a notch of finite cur- 
vature for a small deflection. The “slip lines” OP 
and OP’ define the surfaces over which the shear- 
stress and shear-strain rate are a maximum. This 
distribution of plastic strain has been verified experi- 
mentally by these workers and by Crussard et al.’° 
The notched beam bends at first by the rotation of 
the rigid parts on both sides of the notch over the 
central rigid pivot POP’. However, the material in 
the plastically deformed zones OP and OP’ is con- 
strained by the rigid parts on either side so that a 
hydrostatic stress is generated below the notch. 
Green and Hundy showed that both the tensile stres- 
ses and the hydrostatic component have maximum 
values at O, the boundary between the plastic zone 
and the central rigid pivot. Unless this hydrostatic 
stress is relaxed a semi-brittle material will tend 
to fracture catastrophically from a source located 
near O, as was the case for pure silver chloride il- 
lustrated in Fig. 8 and 13(b). The belief that the hy- 
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drostatic stress is relaxed in the composite material 
by the formation of cavities at alumina particles is 
based upon the following considerations. 

There was evidence that the alumina particles were 
not tightly bonded to the silver-chloride matrix. Many 
of those particles which lay in the fibrous surface 
were very easily pulled loose in the course of strip- 
ping collodion replicas. In addition, electron micro- 
scopic examination showed clearly that many cavities 
in the fibrous fracture surfaces, from which particles 
had been pulled loose, were distorted from a circular 
shape. These observations suggest that internal cavi- 
ties could have formed in the vicinity of alumina par- 
ticles prior to fracture. This may be the result of 
the particles acting as barriers to slip in the manner 
considered by Orowan.” In the present system it is 
possible that the concentrated tensile stresses asso- 
ciated with dislocation pile-up at a particle generates 
a crack which prefers to spread along the interface 
between the particle and the matrix, so that the latter 
essentially pulls away from the particle as indicated 
in Fig. 15. 

Cavities formed in this way are most likely to be 
located in regions of high shear strain and therefore 
are expected to develop first at the surface of the 
notch root and then along the lines OP or OP’ towards 
the interior, Fig. 14. The high hydrostatic stress 
which would normally exist at a point such as Ois 
dissipated or diffused by the elimination of the local 
hydrostatic component at the many cavity surfaces. 
For this reason the crack front finds it more expe- 
dient to follow a locus parallel to OP linking the cavi- 
ties rather than a locus normal to the tension stress. 

We will now consider the mode by which the crack 
propagates from particle to particle. The most com- 
mon mode was a form of transcrystalline cleavage 
in which the tear lines were wavy and discontinuous 
Figs. 10 and 12. This mode has been observed in 
single crystals, Fig. 111 and is associated with 
low-average velocity cleavage in which the crack 
propagation is accompanied by considerable plastic 
deformation. Normally, cleavage is accompanied by 
very little plastic flow, but under certain favorable 
conditions of temperature and stress state this may 
not be so. A change in stress state occurs when a 
crack approaches a free surface such as a Cavity, 
since the stress normal to the surface must then 
drop to zero. There is an increase in the ratio of 
the maximum shear stress to maximum tension 
stress and thereby in the probability of plastic de- 
formation occurring. The change in the character of 
the tear lines as the cleavage crack approached the 
free surface of the particle at ‘X’ in Fig. 12 is con- 
sistent with this process. It is important to note that 
there is a corresponding increase in the energy ab- 
sorbed by low velocity cleavage because of the plas- 
tic work involved, this is reflected in the transition 
curves of Figs. 5 and 6. 

In addition to the low velocity cleavage mode con- 
sidered above, it was observed that material connect- 
ing the cavities also fractured by a) fast cleavage 
and b) intergranular cracking and that when the tem- 
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perature was high enough the material simply sheared 
off if the particle spacing happened to be small. 

It is now possible to consider the importance of 
particle shape, size, and vol pct on fracture behavior. 
The radius of curvature of any notch whether internal 
or external dictates the thickness of the plastic zone 
emanating from it at the onset of local plastic flow. 
The constraint and stress concentration associated 
with a sharp edged particle is more likely to nucleate 
local catastrophic cleavage than the interfacial crack 
necessary for internal cavities. This is probably why 
higher temperatures are required to obtain fibrous 
cracking under impact in compacts containing irre- 
gular alumina particles. 

The total volume of included particles was impor- 
tant because this factor influenced the general stiff- 
ness of the composite as shown in Figs. 2 and 3. The 
increase in flow stress and work-hardening rate which 
which accompanied an increase in the vol pct alum- 
ina presumably restricted the plastic growth of cav- 
ities and encouraged cleavage instead. 'n addition, 
the energy absorbed in fibrous fracture depends upon 
the volume of material undergoing deformation and 
the local degree of plastic strain. Both of these pa- 
rameters decrease with an increase in alumina. 

Although it is proposed that cavity formation is an 
essential feature of fibrous cracking in silver chlo- 
ride-alumina composites, it must be emphasized that 
other factors are certainly involved. For example, 
particles can increase the energy absorbed during 
fracture by serving simply as crack arrestors for 
both transgranular and intergranular fracture. Also, 
the fiber texture of composites containing spherical 
particles may have contributed to the change in frac- 
ture path and corresponding lowering of the ductile- 
brittle transition temperature in these composites. 
This texture was particularly pronounced for the 
composite containing 2.5 pct of spherical alumina and 
may well account for the rather different behavior 
of this material. 

On the basis of the above discussion it may be con- 
cluded that there are probably certain optimum con- 
ditions which must be met in order that a dispersion 
of hard particles will promote fibrous cracking at 
temperatures below the characteristic ductile-brittle 
transition range of the single phase matrix. For each 
matrix (and even for particular loading conditions) 
there is undoubtedly an appropriate particle size and 
distribution necessary to dissipate the hydrostatic 
stresses below a notch sufficiently to delay cata- 
strophic cleavage. In the present system where the 
average particle size is of the order of 7yu, the op- 
timum vol pact of irregular alumina is about 5 pct 
while for spherical particles it is about 2.5 pct. The 
combination of alumina and silver chloride must also 
be appropriate in that the cohesion or bond between 
a particle and the matrix breaks down at a local 
stress less than that required to nucleate cata- 
strophic cleavage in the matrix. 
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APPENDIX 


Preparation of Fracture Surface Replicas by K. H. 
Olsen 


The stripping of high resolution replicas from a 
rough fracture surface without tearing or distortion 
is made difficult by the interlocking or re-entrant 
features of the surface. If, as an alternative proce- 
dure, the replica is separated by dissolution of the 
silver chloride specimen in sodium-thiosulfate so- 
lution, then its usefulness is again limited by the ad- 
herence of many fine alumina particles originally 
present in the specimen. 

To overcome the above difficulties, the following 
steps may be taken to prepare relatively undamaged 
replicas without destruction of the specimen. The 
technique is essentially a development of one des- 
cribed by Bradley.'* 


1) The fracture surface is first coated with a 1 pct 
solution of collodian (trade name Parlodian) in 7- 
amyl acetate and dried for 1 hr at room tempera- 
ture. This layer faithfully replicates the surface 
with good resolution. 


This first layer is then backed with a stronger 
layer of collodian from an ”-amy]l acetate solution 
containing 20 pct collodian. The specimen is al- 
lowed to dry for 3 hr at room temperature. 


2) 


The dried collodian is scored around the edges of 
the specimen with a razor blade and removed 

with tongs. The first replica made in this way 
contains much of the fracture surface debris and 
many alumina particles which were loosely bound 
to the silver chloride. It is discarded and a second 
replica made by the same process. In some cases, 
it may be necessary to repeat this step a third 
time before obtaining a clean replica. 


The thick collodian replica is shadowed with a 70A 
film of chromium fron an angle of 10 to 20 deg and 
backed with a 200A carbon film from an angle of 
70 deg. The replica is rotated continuously while 
the carbon is evaporated to facilitate deposition in 
undercut areas. 


The shadowed replica, with its carbon side up, is 
then placed on filter paper and coated with a chlo- 
roform solution containing 1 pct Formvar;the ex- 
cess being allowed to drain off into the filter paper. 


3 


4) 


5) 
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Such a Formvar layer minimizes rupture of the 
carbon film during dissolution of the collodian in 
the final step. 

6) Finally, the replica is placed with its collodian 
side down on an electron microscope specimen 
grid supported by a fine mesh screen. The latter 
is placed in the surface of an acetone bath so 
that the replica is wetted by, but not submerged 
in, the acetone. Usually a dissolution time of 
1 1/2 hr is sufficient to remove all the collodian 
leaving a chromium shadowed carbon replica 
suitable for examination. 
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Acceleration of Deformation by Concurrent 


Phase Change 
A. G. Guy and J. E. Pavlick 


The total creep of tin alloys containing antimony 
in solid solution was observed to decrease with in- 
crease in antimony content. However, near the sol- 
ubility limit an anomalous maximum in deformation 
was found, in agreement with similiar observations 
by Bochvar. 


Ir has long been recognized that alloys may deform 
more rapidly under stress if there is a tendency for 
a phase change or other structural change to occur 
simultaneously. However, the phenomena involved 
are complex and in some instances the opposite ef- 
fect, strengthening, may result.’ This area of re- 
search has not attracted much interest in the wes- 
tern world, and although Russian investigators have 
studied it for the past 15 years their work has not 
received due attention here. 

Recently diametrically opposing views on one as- 
pect of this problem have been espoused by two Rus- 
sian investigators, Kornilov and Bochvar. The ques- 
tion is this: in certain binary alloys tested in creep 
at the temperature where the solute is at the limit 
of solid solubility, does the incipient formation of the 
second phase strengthen or weaken the alloy ? Korni- 
lov’s arguments in favor of strengthening were pre- 
sented at the 1954 Symposium at the National Physical 
Laboratory, “Creep and Fracture of Metals at High 
Temperatures.”* The most recent statement of Boch- 
var’s theory of weakening is in Oding’s new book on 
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creep and rupture.? Although Bochvar agrees that 
strengthening occurs in some alloy systems, he ar- 
gues that in certain alloys an anomalous weakening 
is observed. However, the extensive work of Korni- 
lov’s group on creep properties of alloy systems has 
not revealed any anomaly of this type, but instead 
has tended to refute Bochvar’s theory. This clear- 
cut controversy offered a good opportunity for a sim- 
ple experiment to resolve the problem. The experi- 
ment and its results supporting Bochvar are the sub- 
ject of this paper. However, it will be helpful first 
to sketch the present status of the larger question of 
the effect of a phase change or other structural 
change on plastic deformation. 


PREVIOUS WORK 


One of the first researches in this area was by 
Pfeil,*” who investigated the creep resistance of an 
80 Ni-20 Cr alloy containing varying amounts of ti- 
tanium. He found that the resistance to creep in- 
creased rapidly as the solid solubility limit in the al- 
loy at 775°C was approached and slightly exceeded. 
With further addition of titanium the creep resistance 
decreased, presumably because of precipitation ef- 
fects. 

Bochvar’s first work in this field was a study in 
1945 of “superplasticity” in zinc alloys containing 
15 to 25 pct Al.* He found that alloys quenched from 
about 400°C had anomalously low hardness when 
tested below this temperature. The following year, 
in a paper on the dependence of mechanical proper - 
ties on the composition and structure of alloys,°® he 
extended some observations of Kurnakov to predict 
that at high temperatures of testing the hardness val- 
ues for solid-solution alloys might be lower than 
those for the component metals. He also pointed out 
the influence of changes in solidus temperature in af- 
fecting curves of hardness vs composition, and he 
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suggested the use of homologous temperatures re- 
ferred to the solidus. 

In 1946 Kayushnikov®’ observed the increased 
plasticity of steels when they are in the temperature 
range in which a phase transformation is occurring, 
and he made use of this fact to avoid distortion of 
steel during hardening. For example, he applied this 
method to the heat treatment of the crankshafts of 
large aircraft engines. 

The following year Bochvar reported a study of 
hot-hardness tests near the limit of solid solubility .® 
In the Al-Mg system this limit is at about 6 pct Mg, 
at 300°C, and it was found that a 5 pct Mg alloy was 
softer than either a 3 pct or a 7 pct alloy when the 
alloys were tested at 300°C after 100 hr homogeniza- 
tion at this temperature. In his 1948 paper discussing 
various mechanisms of plasticity of alloys,®? Bochvar 
presented his “solution and precipitation” theory of 
enhanced plasticity in two-phase alloys. Movement 
of grains of the two (or more) phases relative to one 
another is facilitated by the mutual solution and preci- 
pitation of the phases. This process is enhanced by 
sharp changes in solubility with temperature, high- 
diffusion rates, and fine dispersion of the phases. 

At about this time Karskii and Sobolev’® presented 
experimental evidence on the increased rate of plas- 
tic deformation in a Cr-Ni-Mo steel undergoing de- 
composition of austenite to pearlite or even to mar- 
tensite. 

It is significant that in the western world during 
the period 1950 to 1957 there were several studies 
of strength in solid-solution alloys,'"'* but none of 
them reported the anomalies found by the Russians. 
Only in Underwood’s paper’® was there mention of 
the Russian work, that of Kornilov, and to the extent 
that Underwood touched on the present question his 
results might be considered to support Kornilov’s 
position. Meanwhile extensive work was being done 
by Kornilov’s group, developing a point of view op- 
posite to that of Bochvar. For example, although 
Kornilov and Pryakhina’’ essentially duplicated Boch- 
var’s work on the creep strength of Al-Mg solid so- 
lutions, they attributed the lower strength at the lim- 
it of solid solubility to the decrease in solidus tem- 
perature with increase in magnesium content. Ref. 

2 is a publication in English briefly describing the 
extensive work of Kornilov’s group. A more com- 
plete summary has recently appeared in Russian.’® 
Kornilov presented much experimental data to sup- 
port the view that a maximum in creep resistance 
occurs at the composition corresponding to the limit 
of solid solubility. Also, his data for the range of 
solid-solution alloys across the Cu-Ni system failed 
to show the reversal in strength at high temperatures 
predicted by Bochvar. 

Bochvar’s more recent contribution?® was a discus- 
sion based on the conference reported in Ref. 1. He 
concluded that a suitably stable two-phase structure 
should produce better creep strength than a single- 
phase alloy. However, he emphasized that the inter- 
actions at the surfaces of the two phases are of prime 

importance and that it is pointless to try to assess 
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the relative contributions to strengthening made by 
each phase. Low creep strength would be expected by 
virtue of the solution and precipitation mechanism if 
there were a sharp change of solubility with temper- 
ature. 

Within the past two years a number of interesting 
papers have appeared on various aspects of the larger 
problem. Gol’denberg” found that the initial stage of 
relaxation of stresses occurs very rapidly in quenched 
steels if tempering reactions are occurring simulta- 
neously. Vorob’ev” studied the effect of the transfor - 
mation of austenite to martensite at subzero temper- 
atures and found that deformation in bending under 
constant load was roughly proportional to the percent 
transformation. Blanter and Mashkov” also investi- 
gated abnormal properties in steels undergoing trans- 
formation and found both an anomaly in electrical re- 
sistance and unusually low hardness values. 

Sherby and Lytton® and Sherby*® found a disconti- 
nuity in the creep rate of iron at the a-y transforma- 
tion. They attributed this phenomenon to the differ- 
ence in the self-diffusion constants of iron in the two 
different crystal structures. Recently, Weertman*” 
has shown that the creep rates of several indium al- 
loys increase by an order of magnitude at composi- 
tions where the crystal structure changes from tetra- 
gonal to fcc upon alloy additions. 

Presnyakov and coworkers”*»*4 obtained additional 
data on superplasticity in alloys near a eutectic or a 
eutectoid composition. Their conclusions agreed with 
those of Bochvar. In a study of the hot hardness of 
magnesium alloys, Goffard and Wheeler® found that 
the alloys were softer than pure magnesium at high- 
er temperatures and longer times of hardness test- 
ing. However, neither this nor the following paper 
gave any Russian references, and there was no dis- 
cussion of the implication of the results for the pres- 
ent topic. Richardson and Grant” studied the effects 
of solid-solution alloying on the creep-rupture 
strength of titanium. Their results appear not to 
make any substantial contribution to the present ques- 
tion. 

When Pelloux and Grant studied the strengthening 
of nickel alloys (including the Ni-Cr system) by solid 
solution formation and the presence of a second 
phase,?’ they were aware of Kornilov’s work? and ob- 
tained roughly similar results. However, an earlier 
research by Osipov and Miroshkina” using the hot- 
hardness method to study nickel alloys containing 
chromium in solid solution, gave results more near- 
ly in agreement with Bochvar’s ideas. 

Presnyakov and Starikova have just published an 
especially interesting study of the well-known ano- 
maly in plasticity in a and f brasses.”° When values 
of pct elongation in high-temperature tension tests 
were plotted against the temperature of testing, a 
maximum in ductility was observed as the two-phase 
region was entered. This enhanced ductility was not 
due to the characteristics of the f phase itself, since 
a B-brass alloy had lower elongation values than did 
the two-phase alloy. If an alloy was held at tempera- 
ture before testing, so that the equilibrium structure 
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Fig. 1—The solid solubility of antimony in tin. Eyre.®° 


was approached, the maximum in ductility was less 
pronounced. 


EXPERIMENTAL RESULTS 


It was decided that the most profitable attack on 
the general problem of acceleration of deformation 
by concurrent phase change could be made employing 
a binary system having a solubility limit that varies 
with temperature. Fig. 1 shows that the Sn-Sb sys- 
tem®* satisfies this requirement. This system also 
has the advantage of a solidus temperature that rises 
out to the maximum of solid solubility. Therefore, 
any increase in creep rate at higher antimony con- 
tents could not be attributed to closer approach to 
the solidus. Also, it was desirable to study creep 
behavior itself, since some of the conflict in previous 
work may have been caused by the use of such accel- 
erated testing methods as hot-hardness or centrifugal 


Table |. Composition of Alloys 


Composition, Wt pct, Balance Sn* 


Alloy Number, 


Nominal Wt pct Sb Sb Pb As Ni 
0 0 0.046 0.024 0.021 
2 2.45 0.056 0.029 0.020 
4 3.85 0.057 0.026 0.049 
5 4.80 0.057 0.026 0.140 
6 5.90 0.050 0.026 0.054 
8 8.46 0.10 0.028 0.248 


*Also: Ag < 0.001; Bi < 0.011; Cd < 0.011: Co < 0.001 Zn, not de- 
tected. 
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Fig. 2—Creep data for alloys tested at 200°C. 


bending. A search of the literature revealed that 
creep studies had been made on tin at high tempera- 
tures,*! on Sn-Sb alloys at room temperature, and 
on other aspects of Sn-Sb alloys,**»*4 but that no data 
existed on the creep of alloys near the limit of solid 
solubility. 

The six alloys listed in Table I were prepared from 
commercially pure tin and antimony by melting 2-lb 
charges in an iron crucible under charcoal. Cast 
slabs 3/16 in. thick were cold rolled to 0.125 in., 
then strip test specimens were machined to produce 
a gage length 1.00 by 0.375 by 0.125 in. After 65 hr 
homogenization at 214° +5°C, gage lines about 40 mm 
apart were scratched on the body of the specimen be- 
yond the 25 mm gage length. The distance between 
the gage lines before and after creep testing was 
measured to +0.005 mm with a travelling-stage mi- 
croscope. 

Creep tests were run using the Siemen’s method® 
in which four specimens were connected together to 
form a single “chain” that was suspended at the top 
specimen and loaded at the bottom specimen. This 
assembly was heated in a 36-in. vertical tube furnace 
containing a 16-in. brass sleeve centered within it. 
The temperature along the 13-in. specimen chain was 
uniform to within 1°C, and during the course of a test 
the temperature was constant to +1°C. The specimens 
were allowed to remain at temperature for 1 hr be- 
fore the dead-weight load was applied. 

Because of the additional weight of the specimen 
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beneath it, there was a progressive increase of 7 
psi for each specimen in the chain above the lowest 
one. All specimens were corrected to the stress of 
the bottom one using the equation:** creep rate = 
constant x (stress)”. All of the creep was assumed 
to be in the 1-in. gage length and the total creep/to- 
tal time was used as the creep rate. Evidence for the 
effectiveness of this correction is given by the two 
uppermost curves in Fig. 3, which are almost identi- 
cal. Specimens 2 and 6 were in the top and bottom 
positions in the chain, respectively, for the upper 
test, but their positions were reversed for the other 
test. Since most of the tests were run for about 65 
hr, all results, Figs. 2-4, were reduced by the above 
equation to this time interval for purposes of com- 
parison even though the test at the lowest stress at 
at 210°C was run for 118 hr. 

All of the tests showed a common pattern in their 
results. Within the range of solid solubility at the 
temperature of testing there was less creep at the 
higher antimony contents. However, for the increase 
in antimony content that brought the alloy composi- 
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tion to the solubility limit, there was an increase in 
the amount of creep. With still larger additions of 
antimony the amount of creep again decreased as 

the alloy entered the two-phase region. Thus, in Fig. 
2 for creep at 200°C there is a relative maximum in 
the amount of creep at 4 pct Sb, the solubility limit 
at 200°C. Similarly, Figs. 3 and 4 show that a local 
maximum of creep occurs at the solubility limits for 
these test temperatures, 210 and 220°C, respectively. 
Fig. 3 also presents three duplicate runs that were 
made at 146 psi, as well as tests at two lower stress 
values. The anomaly in creep behavior at the solu- 
bility limit was found in every test. 

Metallographic studies were made of specimens 
containing 2, 4, 5, and 6 pct Sb. Typical results are 
given in Fig. 5, which shows the structures found in 
a 5 pct Sb specimen after creep testing at 210°C, the 
temperature at which this composition is anomalously 
weak. The structure characteristics of the strained 
area, Fig. 5(a), shows more precipitation generally, 
but the grain boundaries are especially delineated by 
the precipitate compared to the photomicrograph of 
an unstrained part of this specimen, Fig. 5(b). Since 
the specimens were cooled in air from the testing 
temperature, at least a portion of the precipitate 
formed during cooling. Only the 2 pct Sb alloy failed 
to show precipitate both in strained and unstrained 
regions. 

Microhardness was measured on the metallogra- 
phic specimens, and the following average values 
were obtained for the strained and unstrained re- 
gions, respectively: 2 pct Sb, 13.4, 13.1 kg per sq 
mm; 4 pct Sb, 16.3, 16.2; 5 pct Sb, 18.1, 18.3; 6 pct 
Sb, 19.0, 19.7. These results clearly show the ex- 
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pected increase in hardness with increase in anti- 
mony content. It is doubtful that there is a signifi- 
cant difference between the pair of values for each 
composition, except possibly for the 6 pct Sb speci- 
men. In this case a possible cause might be the 
greater depletion of the matrix in antimony content 
as a result of straining, thus resulting in a lower 
overall hardness. 


DISCUSSION 


The corroboration of Bochvar’s weakening me- 
chanism given by the present work suggests addi- 
tional study along several lines. First, it would be 
desirable to investigate other instances in which 
concurrent phase changes accelerate deformation; 
“super -plasticity,” steel-hardening reactions, and so 
on. Second, in the area of the present research, there 
is the broad question as to the generality of the pheno- 
mena, requiring the study of a variety of metallic sys- 
tems. And finally, in the Sn-Sb alloys studied here 
there is considerable work to be done on the possible 
mechanisms of the observed weakening. This topic 
will be discussed briefly. 

Bochvar proposes that precipitation and resolution 
of the second phase involves atomic mobility which 
is additional to the usual diffusion effects, thus re- 
sulting in enhanced creep. Actually, it would seem 
that the reverse of Bochvar’s proposal would be a 
more likely possibility. That is, rather than the 
“tendency for phase change” enhancing the diffusion - 
controlled deformation, it appears likely that local 
structural effects of the deformation process might 
permit the nonequilibrium formation of embryos of 
the second phase within the nearly-saturated solid 
solution. Now, by one of several conceivable me- 
chanisms, this incipient phase transformation might 
facilitate deformation in the vicinity of an embryo, 
thus leading to the observed anomaly in creep be- 
havior. Moreover, the localized deformation could 
have another important effect; namely, changing the 
environment of the embryo and causing it to redis- 
solve. It is probable that not precipitation alone but 
rather a cycle of precipitation and resolution is need- 
ed to account for creep at a constant, enhanced rate. 
A detailed study of creep rates in these alloys would 
give useful information in this regard. 

In view of the recognized importance of grain- 
boundary shearing during creep at high temperatures, 
it is reasonable to consider the possibility that the 
observed anomaly in creep rate is associated with 
the grain boundaries. The especially high activity 
of dislocations and vacancies near grain boundaries 
during high-temperature creep would seem to make 
the boundaries a preferred location for anomalous 
nucleation effects, a possibility supported by the 
evidence of Fig. 5(a). On the other hand, considering 
the general area of the acceleration of deformation 
by concurrent phase change, it seems unlikely that a 
grain-boundary mechanism would be widely applica- 
ble. 

Further work is in progress on the Sn-Sb system 
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(a) Structure in a strained area. 


(b) Structure in an unstrained area. 


Fig. 5—Microstructure of 5 pct Sb alloy after creep test- 
ing at 210°C for 65 hr. 2 pct nital etch. X75. Reduced ap- 
proximately 17 pct for reproduction. 2 


in the Metallurgical Research Laboratory aimed at 
elucidating the mechanism operating in this case. 
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Tue system iron oxide-silica is an important one 
metallurgically because it forms the basis of sev- 
eral complex slag systems in use for industrial 
smelting and refining processes. In recent years 
considerable work has been done on liquids of this 
system but there are still many points of difference 
among workers using different experimental tech- 
niques and theoretical approaches. 

Phase equilibria,’~* activity,4*~® electrical conduc- 
tivity,’ current efficiency,® transference number,® 
viscosity,® surface tension,'° and density’? measure- 


ments have all contributed to an understanding of the 


problem. Measurement of density is one procedure 
which is directly indicative of liquid structure since 


any deviation from ideality must be a result of struc- 


tural interactions. 


Liquids of the iron oxide-silica system are of spe- 


cial interest because this is one of the few metal 


oxide-silica systems on which measurements can be 
carried out conveniently over the entire composition 


range from pure oxide to silica saturation. This in- 
cludes the range of high basicity which has received 


relatively little attention in other systems. Although 
one investigation of density in this system has previ- 


ously been undertaken," the results seem of suffi- 
cient importance to warrant the independent redeter 
mination reported here. 
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Fig. 1—Experimental arrangement for the study of density 
in the iron oxide-silica system. 1) Argon flow control 
bubbler; 2) Three-way stopcock; 3) Manometer; 4) Blow- 
ing tube; 5) Cathetometer; 6) Argon outlet; 7) Alumina 
furnace tube; 8) Molybdenum windings; 9) Argon supply 
to blowing tube; 10) Needle valve; 11) Capillary tubing; 
12) Copper deoxidizing furnaces; 13) Drying columns; 

14) Argon supply to furnace tube; 15) Ingot iron radiation 
shields; 16) Ingot iron crucible; 17) Melt; 18) Alumina 
pedestal; 19) Alumina thermocouple well; 20) Pt/Pt-10 Rh 
thermocouple. 


EXPERIMENTAL 
The technique used in the measurement of density 


was the maximum bubble pressure method.'? It was 
chosen in preference to a positive displacement meth- 
‘od because it is far simpler to operate in a closed 
system. In principle the procedure is to blow bubbles 
in the melt at two different depths of immersion, 
whence measurement of the difference in maximum 
bubble pressure and the difference in depth of immer- 
sion of the blowing tube allow direct calculation of 

the density from 


Ps = Pm g 


where p, is the density of the silicate melt, p,, is the 
density of the manometer liquid used to measure the 
maximum bubble pressure, and AH is the difference 
in manometer readings for a difference in immersion 
depth of Ah. 

Fig. 1 shows a schematic arrangement of the den- 
sity apparatus with details of the blowing tube shown 
in Fig. 2. The resistance furnace was a 36-in. by 
1 1/2-in. by 1 1/4-in. alumina tube wound for 24 in. 
of its length with molybdenum wire to provide a 4- 
in. uniform temperature (+ 3C) zone. A 3/8-in. 
alumina thermocouple sheath was inserted from the 
bottom of the furnace tube inside a 1-in. inverted 
alumina crucible. This crucible served as a pedestal 
for the 3-in. by 1 1/8-in. by 7/8-in. ingot iron cruci- 
ble used to contain the melt. The blowing tube, to 
which 1 1/8-in.-diam by 1/8-in.-thick ingot iron ra- 
diation shields were affixed, was passed through an 
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Fig. 2—Details of blowing tube. 1) Ingot iron radiation 
shield; 2) Low carbon steel tube; 3) Shrunken joint; 
4) Ingot iron tube. 


air-cooled rubber seal at the top of the furnace tube. 
By moving the blowing tube through this seal it could 
be lowered into or raised out of the melt. The depth 
of immersion was measured by following a hairline 
mark on the tube with a cathetometer. 

The tip of the blowing tube was constructed of a 
6 in. length of 1/4-in.-diam ingot iron rod connected 
to a 1/4-in. OD, 1/8-in. IDlow-carbon cold-rolled 
steel tube. The rod was drilled to an ID of 1/8 in. 
for 5 3/4 in. of its length, and to an ID of 1/32 in. for 
the remaining 1/4 in. A 20 in. length of tubing was 
then shrunken onto the drilled rod to provide a gas 
tight seal. 

Temperature control was, for reasons discussed 
later, an important feature of this work. Tempera- 
ture was measured with a calibrated Pt-10 pct Rh/Pt 
thermocouple located immediately below the base of 
the crucible. By manipulation of a variable trans- 
former in parallel with the furnace windings and a 
continuous balance, proportional controller con- 
nected to the thermocouple, temperature was con- 
trolled so that during a run (2 to 4 hr) it increased 
continuously from 5 to 10°C; for example, from 
1405° C initial to 1420° C final. 

The melts were prepared from pure native quartz, 
assaying better than 99.9 pct SiO, and wiistite pre- 
pared by melting A.R. grade Fe,O, in an iron cruci- 
ble. The SiO, was ignited at 1000°C prior to use. 

The experimental procedure was to lower the cru- 
cible with 50 to 60 g of the constituents in their prop- 
er proportions into the furnace tube, through which 
dry deoxidized argon was flowing at about 200 cm® 
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Table |. Density of lron-Silicate as a Function of 
Temperature and Composition 


Nominal Compos, Chemical Analysis, 
Temp., Wt Pet Wt Pet Density, Pct Error in 
FeO SiO, Fe SiO, g-cm-3 Density 

1410 62.0 38.0 48.9 37.1 3.51 0.8 
1350 62.0 38.0 49.1 36.8 352 0.8 
1300 62.0 38.0 49.2 36.6 BIS 0.9 
1255 62.0 38.0 49.5 36.2 3.53 0.9 
1410 69.0 31.0 54.4 30.0 3.71 0.6 
1350 69.0 31.0 54.4 30.0 3.71 0.6 
1300 69.0 31.0 54.5 29.8 3.65 0.6 
1255 69.0 31.0 54.6 29.6 3.68 0.6 
1410 76.0 24.0 60.2 22.5 3.78 0.8 
1350 76.0 24.0 59.9 22.7 3.74 0.8 
1300 76.0 24.0 59:7 22:9 3.74 0.8 
1255 76.0 24.0 59.6 22.9 3.76 0.8 
1410 82.0 18.0 63.5 18.0 3.93 0.8 
1410 85.0 15.0 66.0 14.6 4.07 0.7 
1330 85.0 15.0 65.9 14.7 4.14 
1410 92.5 75 71.3 7.5 4.26 0.7 
1410 96.5 3.5 74.5 5 4.35 1.1 
1410 96.5 74.5 4.35 1.1 
1410 100.0 0.0 76.5 0.0 4.56 0.9 
1410 80.0 15.0° - - 4.17 1.9+ 0.08 
1410 70.3 21.0* - 3.85 1.3 +0.05 


*Melt contained suspended iron. 

Bubbles blown with nitrogen (N, content of melt nil). 
*Melt contained 5.0 pct CaF,. 

“Melt contained 8.7 pct MnO. 


min. Thiswas accomplished by a keyed rod attached 
to the crucible and passing through a rubber seal at 
the top of the furnace tube. After locating the cruci- 
ble on the alumina pedestal the rod was withdrawn 
and replaced with the blowing tube. 

When the melt had come to temperature the blow- 
ing tube was lowered until the surface was located, 
as indicated by the sudden rise in pressure in the 
blowing system. The tube was then immersed 2 to 3 
cm in the melt and bubbles blown with dry deoxidized 
argon at the rate of one every 10 to 15 seconds for 
1 to 2 hr, to insure homogeneity. The bubble rate 
was then reduced by means of a needle valve to one 
every 1 or 2 min and a Set of ten readings of the 
maximum bubble pressure was taken. These meas- 
urements were made with a cathetometer and a ma- 
nometer containing dibutyl phthalate.’ The proce- 
dure was repeated for 7 to 10 different depths of im- 
mersion. The maximum reading of a set of 10 was 
taken as the maximum bubble pressure characteris- 
tic of a particular depth. At the conclusion of a run 
the blowing tube was removed and replaced with a 
copper sampler attached to an iron rod. A 2 to 
3-g sample was taken and cooled in argon in the up- 
per part of the furnace tube. These samples were 
analyzed for total Fe and SiO,: they were not analyzed 
for ferrous iron because it was felt that the informa- 
tion would not add to the existing equilibrium data. 

No effect of bubble blowing rate on maximum bubble 
pressure was found in the range one bubble every 30 
sec to 5 min. However spuriously high readings were 
obtained when higher rates were employed. The max- 
imum of a set of ten readings agreed to within 0.02 
pct with the maximum of 100 readings taken over a 
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Fig. 3—Density of iron silicate melts as a function of 
composition. 


period of 48 hr, the spread in the readings being 
about 0.1 pct. 

The value of (AH/Ah) and the standard deviation of 
this value were calculated by the method of least 
squares from a plot of AH against Ah, the latter value 
being first corrected for the displacement of liquid 
in the crucible by the blowing tube and thermal ex- 
pansion of the tube. The error in 4H was estimated 
at +0.05 pct, in the Ah at 0.1 pct and p,, at +0.01 pct. 
Temperatures quoted are accurate to +6°C and the 
standard deviations of the p, values varied from 0.6 
to 1.5 pet. 

The results of experiments designed to measure 
the dependence of density of liquid iron silicates in 
contact with solid iron on composition and tempera- 
ture are shown in Table I. Fig. 3 shows the density 
from the present work of the melts at 1410°C com- 
pared with the determinations of Popel and Esin!! at 
1400°C, as a function of composition. Fig. 4 shows 
the deviation from additivity of the density at 1410°C 
as a function of composition, calculated from the 
curve shown in Fig. 3 and the ideal density line. The 
ideal line for this calculation was determined from 
the experimental density of “FeO” found in this work 
and an experimental value of SiO, density’ of 2.2 g 
cm? The effect of the varying ferric iron content of 
the melts was not considered in calculating their 
ideal densities. 

Also included in Table I are two exploratory de- 
terminations of density in the systems CaF,-FeO- 
SiO, and MnO-FeO-SiO,. These were to observe 
whether the effects of CaF, in decreasing the vis- 
cosity of iron silicate melts and MnO in increasing 
the proportion of ionic conductance in these melts?5 
are accompanied by a change in density, reflecting 
structural changes. 


DISCUSSION 


a) Disparity between the Present Work and That 
of Popel and Esin.'! Consider the equilibrium 


3Fe* (solution) = Fe(solid) + 2Fe* (solution) 
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in iron silicate melts. It has been shown!»?>4,® that 


this equilibrium is temperature and composition de- 
pendent, and that high temperature and high silica 
contents favor the formation of ferrous ions. The 
rate of attainment of this equilibrium was also ob- 
served to be high. 

This means that at any given composition increas- 
ing the temperature will decrease the concentration 
of ferric ions. In the absence of oxygen this can be 
accomplished only by the solution of iron. A decrease 
in temperature causes an increase in ferric ion con- 
centration and solid Fe is precipitated in the melt. 

As the composition changes toward the iron rich side 
of the system the effect of temperature becomes 
greater, that is raising the temperature a given 
amount in a melt containing 5 pct SiO, will take more 
iron into solution than will the same temperature in- 
crease in a melt containing 30 pct SiO,. 

If then the temperature of the melt is allowed to cy- 
cle a solution-precipitation process occurs and a sus- 
pension of solid iron can be formed in the melt. Since 
the density of iron (about 7.6 g cm™~? at these tempera- 
tures) is much higher than that of either iron oxide or 
Silica it is apparent that considerable error could be 
introduced in the density determination and further, 
this error would increase as the composition changes 
toward the iron rich side of the system. 

Experimental observations in the present work are 
explained by this reaction. An iron silicate melt con- 
taining 30 pct SiO, whose temperature was allowed to 
cycle +5°C overnight under the action of the on-off 
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Fig. 4—Deviation from additivity of density as a function 
of composition at 1410°C. 


may therefore be considered as being similar to the 
solid oxide with small cations (radii: Fe”, 0. 75A; 
Fe*, 0. 60A) coordinated by large anions (O?~, 1 40A) 
and vice versa, but only possessing short-range 
order. The similarity is also preserved in the elec- 
trical properties and conduction is primarily elec- 
tronic in both liquid and solid states.’ 

When silica is added to liquid wustite the density 
rises above the “ideal density” calculated for mechan- 
ical mixtures of “FeO” and SiO,. This reflects the 
consumption of two O?~ anions by each SiO, added to 
form SiO*~ anions?” in which the partially covalent 
internal bonding causes a contraction in the Si-O bond 
length from a value of 1 .81A for free ions to 1.60 in 


sequence of the controller, showed only a small amount the silicate tetrahedron,’® with a resulting increase 


of metallic iron, after rapid freezing, but a melt con- 
taining 7.5 pct SiO, subjected to similar conditions 
showed a 1/2-in. layer of finely divided iron in the 
bottom of the crucible. The density of a melt con- 
taining 7.5 pct SiO, was, after allowing the temper- 
ature to cycle +5°C for 2 hr prior to the determin- 
ation, found to be 4.64 g cm™* whereas the density 
determined using “controlled” temperature was 4.26 
g 

It is suggested on the basis of the above findings 
that the previously reported density values’ are er- 
roneously higher than those found in the present work 
because the melts contained a suspension of metallic 
iron formed by a solution-precipitation process 
caused by temperature cycling during the determin- 
ations. Popel and Esin!! did not show that tempera- 
ture was closely controlled during a run and in fact 
indicated that it may have varied as much as 30°C. 
Their bubble blowing conditions—several bubbles per 
minute through a 6-mm tube—would cause quite vio- 
lent agitation of the melt and thus tend to keep the 
iron in suspension. 

b) Interpretation of Density Measurements on 
“FeO”-SiO, Melts. The 15 to 20 pct increase in vol- 
ume on melting of wiistite (“FeO”) observed in the 
present study is about that which would be expected 
from the disappearance of the long-range order of 
the solid on melting. This is supported by the low en- 
tropy of fusion'® (6.1 cal deg™) which also suggests 
little change in structure on melting. Liquid wiistite 
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in density. At low concentrations of silica the few 
SiO*~ anions will be lost in a sea of iron and oxygen 
ions, and the unfilled space caused by bad packing 
will be quite small. 

With increasing silica content the fraction of SiO*~ 
ions grows and packing becomes less efficient. This 
is because it becomes progressively more difficult to 
achieve the desirable condition of minimum internal 
energy in which anions are only coordinated with 
cations and vice versa, without creating larger 
spaces in the melt than those which would be present 
if the problem was merely the packing of uncharged 
balls. The divergence from the ideal line is there- 
fore not proportional to the amount of silica added, 
Fig. 4. 

At about 20 pct silica the fraction of SiO*™ ions ex- 
ceeds that of O?~ ions and the character of the melt 
changes from being like liquid wustite in which some 
O?~ ions are substituted by SiO*~, to a fundamentally 
orthosilicate melt containing silicate anions coor- 
dinated by Fe?’ cations in which some replacement of 
the silicate anions by O?~ anions occurs. The rapid- 
ly increasing positive deviation from the ideal line 
with greater than 20 pct silica is probably caused by 
the appearance in the melt of complex, polymerized 
silicate tetrahedra giving a distribution of anion sizes 
which can be packed more efficiently than SiO*™ te- 
trahedra alone. However, more experimental density 
measurements are required to define this behavior 
in a conclusive manner. 
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Table II. Influence of MnO and CaF, on the Densities of 
Basic Iron Silicates at 1410°C 


Nominal Composition, Wt Pct Density, 
FeO CaF, MnO SiO, g-cm~* 
70.3 - 8.7 21.0 3.85 + 0.05 
79.0 - 0.0 21.0 3.85 + 0.03 
80.0 5.0 - 15.0 4.17 + 0.08 
85.0 0.0 ~ 15.0 4.03 + 0.03 


In this composition range some iron ions form 
“pridges”'® between silicate tetrahedra and are more 
mobile than those in the Fe-O network. The propor- 
tion of mobile iron ions increases with increasing 
SiO, hence the ionic contribution to conduction in- 
creases.® These observations are in line with the 
fact that the coefficient of viscosity increases from 
0.2 poise at zero silica to 0.8 poise at the orthosili- 
cate composition.® 

The density values determined at various temper- 
atures show no significant temperature coefficient. 
This is in accord with the observations that FeO ac- 
tivity, electrical conductivity and viscosity are tem- 
perature independent. The small influence of temper- 
ature on density is difficult to explain. Possibly, on 
the iron-rich side of the system density tends to in- 
crease with increasing temperature because of the 
decrease in ferric ion concentration but tends to de- 
crease with increasing temperature due to the break- 
down of the Fe-O network. On the silica-rich side of 
the system temperature would be expected to have 
little effect because the liquid is thought to consist 
predominantly of (SiO#~) complexes and Fe?* ions 
which are about the simplest units the system can 
form. 

In the above discussion the role of ferric iron (Fe*) 
in possible formation of complex ions such as FeO3~ 
has been neglected as it is felt that such effects are 
of secondary importance. 


c) The Effect of Additions of MnO and CaF, on 
Iron Silicate Melts. In Table I the densities of two 
complex melts are given. These are compared in 
Table II with the densities of “FeO”-SiO, melts of 
the same silica contents taken from the experimen- 
tal curve of Fig. 3, for which an accuracy of +0.03 
g is assumed. 

The replacement of “FeO” by MnO with substan- 
tially the same solid state density (densities: FeO, 
5.7 g cm™3; MnO, 5.5 g cm™) makes no significant 
change in the density of the melt, and it would ap- 
pear that substitution of Fe** by Mn?" cations of, sim- 
ilar ionic radii (radii: Fe?*, 0. 715A; Mn? 0 .80A) has 
no effect on the structure of the liquid silicate. 
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However, replacement of “FeO” by CaF, produces 
an increase in density which is just significant at the 
16 level, which is surprising in view of the lower 

room temperature density of CaF, (3.18 g cm™%) than 
FeO (5.7 g cm™’). This suggests that CaF, promotes 
the packing of ions in the melt, possibly by replace- 
ment of oxygen in silicate tetrahedra by fluorine, 7.e. 


| 
— Si — “O — Si — F 
| 


which would simplify the difficulties of packing and 
require coordination of three instead of four to satis- 
fy electrical requirements. Packing would also be 
facilitated by the presence of cations of greater ra- 
dius than Fe?*, i.e. Ca”*, 0. 99A and Fe**, 0.75A. 


SUMMARY 


1) Density has been measured in liquids of the iron 
oxide-silica system in contact with solid iron, asa 
function of temperature and composition. 

2) The erroneous high values of previously reported 
densities are accounted for by the presence of sus- 
pended iron in the melts. 

3) The constitution of these melts is discussed and 
the proposed changes in structure with composition 
to account for the observed density variations are 
shown to be compatible with previous work. 
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The Effect of Initial Orientation on the Fiber Texture of 


Aluminum Rods 
Carl J. McHargue 


Rods of 99.99 + pct Al which had initial orienta- 
tions of <001>, <118>, <115>, <111>, and ran- 
dom were swaged at room temperature. Changes 
in orientation as a function of deformation were 
studied on axis distribution charts. The <001> 
orientation appeared to be relatively stable due to 
the inhomogeneity of the deformation process. 
Orientations near the <100> zone were quickly 
reoriented towards <001>. Orientations on the 
<110> zone between <118> and <115> appeared 
to be stable to reductions of about 50 pct, then 
were reoriented toward <001>. At very high re- 
ductions, movement away from the <111> orien- 
tation was observed. 


Ir has been generally accepted that the deformation 
texture obtained at high reductions, e.g. 90 pct, will 
not be noticeably affected by a prior texture; whereas, 
that obtained at reductions of 40 to 50 pct may be sig- 
nificantly influenced by the specimen history.’ Some 
recent studies, however, have been interpreted as 
showing that an initial texture strongly influenced 
the deformation textures in rods at reductions greater 
than 90 pct. Freda and Cullity suggested that the 
<001> texture in a heavily cold-worked copper rod 
was due to a <00P texture in the original casting.? 
McHargue, Jetter, and Ogle concluded that the <001> 
component in an aluminum rod extruded at liquid 
nitrogen temperature was remanent from a <001> 
texture in the cast extrusion billet.* 

Most of the published work on the effect of initial 
orientation on deformation textures has been for 
cold-rolled or compressed single crystals.*~® The 
primary interest in these studies was to examine 
various orientations with regard to their stability 
under flow, thus determining the possibility of such 
orientations being stable end orientations. There ap- 
pears to be no published studies on the effect of ini- 
tial orientation on fiber textures in polycrystalline 
specimens. A recent study, however, is concerned 
with the reorientation of individual grains in poly- 
crystalline specimens pulled in tension.’ Although 
the reorientation of single crystals loaded in simple 
tension is well known, the movements in the forming 
of wires and rods would be expected to be different 
due to the circular array of radial-compressive 
stresses exerted by the die walls or the rolls, and to 
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the requirement that a circular cross section be 
maintained. In addition to these mechanical factors, 
there are grain-boundary effects in polycrystalline 
materials which are not yet understood. Hartmann 
and Macherauch conclude, for example, that multiple 
slip occurs for all orientations in fine-grained alu- 
minum and copper and that the choice of operative 
slip systems has no simple relationship to orienta- 
tion.” 

Many investigators have attempted to avoid prob- 
lems of interpretation caused by an initial texture 
by treating the starting material to obtain as ran- 
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Fig 1 -Axis distribution charts for casting of aluminum gi- 
ven the indicated reductions in area by swaging at room tem- 
perature. 
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Fig. 2—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 1. 


dom a texture as possible. However, this does not 
completely eliminate the possibility that minor tex- 
ture components originate from special initial orien- 
tations. In a specimen having a random texture, there 
are significant amounts of the volume oriented near 
each crystallographic direction. For example 4.6 pct 
of the volume will be within 10 deg of the <001> ori- 
entation, 6.1 pct within 10 deg of <111>, 18.2 pct 
within 10 deg of any <hhl> or <Ok/> direction, and 
36.5 pct within 10 deg of any <hk/> direction. 

Aside from the interest toward controlling pre- 
ferred orientation in fabricated articles by choice of 
initial orientation, the stability of various crystallo- 
graphic orientations and the way in which changes oc- 
cur are of much interest in the development of theo- 
ries of texture formation. The treatment of Hibbard 
and Yen® predicts <111> to be the most favored end 
orientation for fcc metals. Calnan and Clews? pre- 
dict a duplex <111> + <001> texture in drawing, rol- 
ling, or swaging. A modification by Calnan’° suggests 
that <111> is not the most stable orientation in pure 
fcc metals, but predicts that a shift toward <112> 
should occur at very high reductions. Hibbard, how- 
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Fig. 3—Axis distribution charts for aluminum rod having an 
initial texture of 75 pct <001>- 23 pct <111> given the indi- 
cated reductions in area by swaging at room temperature. 


ever, feels that <111> is the only true deformation 
texture of fcc wires or rods." 


EXPERIMENTAL PROCEDURE 


The material studied was 99.99+ pct Al except in 
one case where 0.2 pct Ti was added to the melt. 
Chemical analysis showed the impurities to be (by 
weight) 0.002 pct Cu, 0.001 pct Si, 0.001 pct Mg, and 
all others less than 0.001 pct. Various initial orien- 
tations were obtained by chill-casting (primarily a 
<001> texture) and from the rods extruded for anoth- 
er study which had textures described as: a) <118>; 
b) 97 pet <115> + 3 pct <111>; c) 75 pct <001> + 23 
pet <111>; d) 12 pet <001> + 86 pct <111>.° The ear- 
lier study showed that the <118>, <115>, and most of 
the <001> components resulted from recrystalliza- 
tion during fabrication, and that the <111> component 
was present in deformed grains. 

Rods were swaged to various reductions at room 
temperature and specimens were taken for X-ray and 
metallographic examination. The ORNL technique 
was used for determining axis-distribution charts 
which show the distribution of fiber axes with re- 
spect to the crystallographic axes in a basic triangle 
of a standard stereographic projection in units which 
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Fig. 4—The amount of material having orientations near 
<001> and <111> in the specimens of Fig. 3. 


20 


RESULTS 


Initial Texture <001>. Fig. 1 shows the axis dis- 
tribution charts for the as-cast ingot of 99.996 pct 

Al and for reductions in area of 26.7, 41.4, 69.1, 81.6, 
89.5, 94.5, and 99.0 pct by swaging at room tempera- 
ture. The orientations of 25 randomly chosen grains 
on the leading end of the cast rod are shown in Fig. 
1(a). In all but three of these grains the rod axis was 
within 20 deg of a <001>. Figs. 1(b) to 1(h) show 


that the <001> texture became sharper for reductions 


up to about 70 pct and that there was not much change 
in this component for greater reductions. Grains ini- 
tially approximately 5 deg from <001> on the <100> 
zone moved to the <001> orientation rather quickly. 
Material with orientations near <133> appeared to 
move toward a region on the <110> zone between 
<112> and <111>. There was a continuous increase 
in the axis density at <111> for reductions greater 
than 40 pct and a marked sharpening of this compo- 
nent for very large reductions. 

Fig. 2 shows the volume of material having the 
rod axis within specified ranges of orientations about 
<00L>, <111>, <113>, and <112>. The amount of ma- 
terial oriented within 10 deg of <001> remained con- 
stant for reductions of 26.7 to about 85 pct, above 
which there was a small decrease. The amount of 
material in the region 10 to 20 deg from <001> con- 
tinuously decreased for all reductions. The material 
in the region 20 to 30 deg from <001> was quickly 
reoriented and only about 2 pct of the material had 
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Fig. 5— Axis distribution charts for aluminum rod having an 
initial texture of <118> given the indicated reductions in 
area by swaging at room temperature. 


these directions parallel to the rod axis for reduc- 
tions greater than 40 pct. 

In the region 0 to 30 deg from <111> there was a 
continuous increase in amount of material with in- 
creasing deformation. The increase in the range 0 
to 10 deg at first increased rapidly, then slower, and 
finally above 85 pct reduction in area rapidly again. 
The initial rapid increase was due to material ori- 
ginally oriented near <133>. Since the material with 
this orientation moved to the <110> zone between 
<112> and <111>, this movement also accounts for 
the slight increase in the amount of material within 
10 deg of <112>. The sharpening of the <111> com- 
ponent for reductions greater than 90 pct is due pri- 
marily to a reorientation of material along the <110> 
zone as well as that already within 30 deg of <111>. 

Initial Texture —75 pct <001>—23 pct <111>. From 
the axis charts of Fig. 3, it can be noted that both 
the <001> and <111> components became much 
sharper for a reduction of 59.7 pct. The curves in 
Fig. 4 show that there was not much change in the 
relative volumes associated with these components 
during this deformation; thus, there was a movement 
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Fig. 6—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 5. 


only of material oriented within the regions near 
<001> and <111>. For higher reductions to about 

90 pct, there was a decrease in the volume of the 
<001> component, particularly in the region 10 to 20 
deg from <001> and a corresponding increase in the 
<111> component. For reductions greater than 90 
pct, there appeared to be a movement away from the 
<111> direction as shown by the decrease in axis 
density at <111> and the increase in spread about 
this position. There was no increase in the amount 

of material oriented along the <110> zone near <113> 
and <112> during the deformation when material was 
being reoriented from <001> to <111. 

Initial Texture—<118>. The axis distribution charts 
for the rod containing only a <118> texture in the 
as-extruded condition and after reductions in area of 
21.1, 37.8, 59.7, 78.7, 92.1, and 96.1 pct are shown 
in Fig. 5. Although there was a very marked increase 
in the amount of material oriented 0 to 10 deg of 
<001>, Fig. 5(a-d) and Fig. 6, for reduction up to 
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Fig. 7—Axis distribution charts for aluminum rod having an 
initial texture of 97 pct <115>- 3 pct <111> given the in- 
dicated reductions in area by swaging at room temperature. 


about 60 pct, there was no change in the axis density 
at <118> until reductions greater than 80 pct were 
obtained. For low reductions, the texture could be 
described as <118> + <001> + <111>. Much of the 
increase at <001> came from material initially ori- 
ented near the <100> zone. There was a slow devel- 
opment of a <111> component for reductions up to 
80 pct, then a rapid increase in the volume of mate- 
rial with this orientation and a concomitant decrease 
in the <001> component, Fig. 6. The changes in rela- 
tive volume of material oriented 0 to 10 deg of <112> 
and <113> are also shown in Fig. 6. In each case, 
there was a decrease with increasing deformation. 
Initial Texture—<115>. Consideration of the axis 
distribution charts of Fig. 7 shows the development 
of a strong <001> component and a weaker <111> 
component. The first material to move to <001> 
seems to be that oriented along the <100> zone and 
there appears to be a slower movement of material 
away from orientations along the <110> zone. From 
the appearances of the axis density contours, it seems 
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Fig. 8—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 7. 


that there was a tendency to retain the <115> compo- 
nent to reductions on the order of 50 pct. The volume 
of material associated with each component is shown 
in Fig. 8. It is to be noted that there was no increase 
in the amount of material near <112> or <113> as 
reorientation from the <001> corner of the stereo- 
graphic triangle to the <111> corner occurred. After 
a reduction of approximately 60 pct, there was no ma- 
terial having orientations in the range of 20 to 30 deg 
from <001L>, and after a reduction of 96.1 pct, all of 
this component was within 10 deg of the peak position. 
Initial Texture—12 pct <001>-86 pct <111>. The 
axis charts for the specimens having an initial tex- 
ture of 12 pct <001>-86 pct <111> are given in Fig. 
9 and the changes in amounts of each component with 
deformation are shown in Fig. 10. The primary 
change in the <001> component was an initial sharp- 
ening of the texture, but there was no significant 
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Fig. 9— Axis distribution charts for aluminum rod having an 
initial texture of 12 pct <001>- 86 pet <111> given the indi- 
cated reductions in area by swaging at room temperature. 


change in the total amount of this component. There 
were significant changes in the <111> texture. After 
a reduction of 59.7 pct, there was a very sharp tex- 
ture (axis density 179 times random, all material 
within 10 deg of the maximum). Further deformation 
resulted in a spreading about this crystallographic 
direction. Although there was a slight increase in 
the amount of material in the range 0 to 10 deg from 
<111> with increasing deformation for reductions be- 
tween 59.7 and approximately 85 pct, there was ap- 
preciably less material at <111> for reductions of 
90 to 96 pct than at lower reductions. At the same 
time there was an increase in the amount near <112>, 
The movement of material away from <111> is very 
obvious when Fig. 9(e) is compared to 9(b). 

Initial Texture—Random. In preparing rods for 
this study, the only random texture obtained was in 
a cast ingot which contained 0.2 pct Ti. Certainly it 
would have been desirable to study such an initial 
texture without the possible complications of the ti- 
tanium; however, the results are thought to be of suf- 
ficient interest to warrant inclusion in this paper. 

The axis charts of Fig. 11 show the gradual devel- 
opment of a duplex <001>-<111> texture. It can be 
noted that material with orientations near <011> was 
removed relatively quickly. After a reduction of 22 
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Fig. 10—The amount of material having orientations near 
<001> and <111> in the specimens of Fig. 9. 


pct, the axis density at <011> was only one-third of 
that initially, and after a reduction of 69 pct, there 
was no material having fiber axes within 10 deg of 
this orientation. Material having orientations on the 
<100> zone between <012> and <013> appeared to 
move toward <001> rather quickly; whereas, that on 
the <110> zone, for example near <112> and <113>, 
showed only minor changes in axis density. 

Fig. 12 shows that the <001> and the <111> tex- 
tures appear to result from material initially orien- 
ted within 30 deg of these directions. The curves for 
<112> and <113> indicate that material did not move 


very much from these orientations until a deformation 


of the order of 80 pct was reached. On the other 


hand, there was a continuous decrease with increasing 


deformation in the amount of material oriented near 
<011> and <012>. These observations are consistent 
with those for similar orientations in the aluminum 
not containing titanium. 


DISCUSSION OF RESULTS 


The <001> orientation appears to be relatively 
stable for the plastic flow encountered in this study. 
Figs. 2, 4, and 10 indicate little change in the amount 
of material oriented within 10 deg of the <001> di- 
rection for reductions in area up to about 96 pct in 
specimens which had material initially in this orien- 
tation. Orientations in the range of 10 to 30 deg from 
<001> do reorient at relatively low amounts of de- 
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Fig. 11—Axis distribution charts having an initially random 
texture given the indicated reductions in area by swaging at 
room temperature. 


formation, and the movement seems to be toward 
<O00Lb. 

Specimens from rods which initially had <118> 
and <115> textures showed much material moved 
into the region 0 to 10 deg from <001> but little 
change in the total amount within 30 deg of this di- 
rection. The axis charts of Figs. 5 and 7 show that 
there was not much change in the value of the axis 
density on the <110> zone between <001> and <118> 
or <115> until reductions of the order of 80 and 60 
pct, respectively. The increase in the material at 
<001>, then, seems to come from that initially on 
the <100> zone or in the unit triangle 15 to 30 deg 
from <001>. 

A similar interpretation can be given for the spec- 
imen containing 0.2 pct Ti. Since this texture was 
originally random, the increase in the region 0 to 10 
deg is thought to come from that material oriented 
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Fig. 12—The amount of material having orientations near 
<001>, <111>, <112>, and <113> in the specimens of Fig. 11. 


in the triangle and along the <100> zone near the 
<001> corner. 

In contrast, the results of Hosford ef al.1* showed 
that single crystals of aluminum pulled in tension in 
the <001> direction at 273° K deformed primarily 
by operation of two slip systems with accompanying 
lattice reorientation. Thus the <001> orientation did 
not appear to be stable. On the other hand, Hartmann 
and Macherauch showed that grains with tensile axes 
near this orientation behaved in no predictable man- 
ner in fine-grained specimens.” The present results 
show that large amounts of <001> orientation were 
retained in polycrystalline specimens deformed in 
the complex stress systems encountered in these 
experiments. 

Fig. 13 shows that fragments of the original <001> 
grains were pinched off by inhomogeneous flow. Ex- 
amination of etch pits in such fragments showed that 
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Fig. 13— Photomicrograph of transverse section of rod 
having an initial <001> texture after a reduction in area 
of 69.1 pct. X500. Reduced approximately 4 pct for re- 
production. 


they retained the <001> orientation, even after re- 
ductioris in area of the rods of the order of 96 pct. 

In general, the <001> component remaining after re- 
ductions of the order of 90 pct consisted primarily 
of these grain fragments and larger areas which ap- 
peared to the centers of the original large grains 
that did not show evidence of having been deformed 
much. 

The fact that the amount of <001> component in 
the region 0 to 10 deg reaches a maximum at a re- 
duction of about 60 pct for an initial <118> texture, 
and at about 90 pct for an initial <115> texture could 
mean that deformed material reoriented to <001> 
from some other orientation in less stable than that 
having an initial <001> texture. Thus grains with a 
<001> orientation which have resulted from casting 
or recrystallization differ in their behavior under 
stress from those having the same orientation but as 
a consequence of plastic flow. 

A decrease in the sharpness of the <111> compo- 
nent was noted in all of the specimens which initially 
contained significant amounts of this texture. This 
increase in spread is particularly noticeable in Fig. 
9(e). Because this movement away from <111> is so 
marked, the behavior was rechecked at several places 
along the rod given a 96.1 pct reduction, and there is 
no doubt that these results are real. Calnan’s?° treat- 
ment of texture development predicts that the <111> 
orientation is not stable in pure fcc metals but calls 
for a movement towards <112> at high deformation. 
In the present study, although a movement away from 
<111> was noted, it appeared to be uniformly away 
from <111> rather than toward any new orientation. 
This occurred only after the material received a 
considerable amount of deformation while in the 
<111> orientation. In order to obtain the initial 
<111> texture, the rod had been reduced from 3.125- 
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in. diam to 0.890-in. diam (a reduction in area of 
91.9 pct) and then to 0.175-in. diam in the present 
study for a total reduction in area of 98.2 pct. 


CONCLUSIONS 


The <001> orientation can be stable to quite high 
reductions in polycrystalline aluminum rods. This 
stability is associated in part with the inhomogeneous 
nature of the deformation process which leaves frag- 
ments of the original grain that retain the initial 
<001> orientation. 

Material having orientations near the <100> zone 
between approximately <012> and <001> is quickly 
reoriented to <00L>. 

Orientations on the <110> zones between about 
<118> and <115> appear to be relatively stable up 
to reductions of the order of 50 pct. At higher re- 


ductions, a reorientation toward <001> occurs. 

The <111> orientation is not stable at very high 
reductions. It is not clear, however, that the move- 
ment away from <111> is toward <112> as predicted 
by Calnan.?° 
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The Thermal Diffusion of Hydrogen i AlphesDalie 


Zircaloy-2 
J. M. Markowitz 


The movement of hydrogen in two-phase a-6 Zir- 
caloy-2 under the influence of a thermal gradient was 
studied in specimens of cylindrical geometry. A 
gross displacement of hydrogen toward the cooler 
regions of the specimen was observed with conse- 
quent copious precipitation of 6-zirconium (ZrH,, 4) 
there. The kinetics of the diffusion are analyzed and 
discussed, 


Tue temperature-gradient redistribution of hy- 
drogen in a-Zircaloy-2 has been treated both 
theoretically and experimentally.~* Hydrogen moves 
toward the cold side of the temperature gradient un- 
til a steady state has been established; tendency for 
further hydrogen movement because of temperature 
differences is nullified by the tendency to move in the 
reverse direction because of the concentration gra- 
dient. The steady state condition is described by the 
equation 


InN = RT [1] 
in which N is the concentration of hydrogen at a point 
in the specimen corresponding to absolute tempera- 
ture T, R is the gas constant, k is a constant of integ- 
ration, and @* is a parameter called the heat of 
transport, characteristic of the particular system. 


+k 
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The value of @* has been determined for hydrogen in 
Zircaloy-2 by several investigators, using Eq. [1]. 
There is considerable variation in the results, the 
cause of which has not been resolved; reported values 
lie in the range 3 to 6 kcal per mole. 

The physical situation for two-phase thermal mi- 
gration is much more complex. The a-phase boundary 
for the solubility of hydrogen in Zircaloy-2 ranges 
from a concentration of 25 ppm at 200°C to a maxi- 
mum of about 600 ppm at 550°C.** Thus, if the con- 
centration of hydrogen in Zircaloy-2 is sufficiently 
great (>600 ppm), the specimen will be entirely two- 
phase, consisting of a matrix of a-Zircaloy-2 sur- 
rounding particles of zirconium hydride. At time 
zero, with a temperature gradient imposed, the rela- 
tive amounts of hydride and a-phase in each infinite- 
simally thin isothermal section of the specimen can 
be determined from the phase diagram by the lever 
rule. Moreover, the concentration of hydrogen in the 
matrix phase varies from point to point, following the 
@ solubility line. Over most of this temperature range 
(<450°C) 6 phase, Fig. 3, has a constant concentra- 
tion.> The diffusion rate toward the cold side should 
be governed by 1) the slope of the a solubility 
line and 2) the temperature gradient. The extra com- 
plication of two-phase thermal diffusion lies in the 
fact that migration of hydrogen would leave the a- 
phase concentration gradient unaffected, since it is 
fixed at any temperature only by the solubility; gross 
concentration changes would reflect only the relative 
amounts of matrix and hydride, which could vary con- 
tinuously at every point. Migration of hydrogen out of 
a region would lead to dissolution of hydride, and 
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Fig. 1—Experimental apparatus. 


ARGON 


hydride would be precipitated by movement of hy- 
drogen into the region, but the matrix concentration 
would continue to equal the terminal solubility at 
that temperature. One might therefore expect a 
“sweeping out” of precipitated hydride phase from 
the hot to the cold side. The newly hydride free re- 
gion near the hot side, having a single phase, should 
then adopt the distribution of Eq. [1]. 
study, experiments were performed to learn the ex- 
tent to which the above scheme, originally suggested 
by Shewmon,® is actually followed experimentally. 


In the present 


05 1.0 1.5 2.0 2.5 3.0 
Experimental details have been discussed else- Sees, oe 
where. Briefly, annuli of Zircaloy-2 containing a Fig. 2—Concentration profiles after thermal diffusion. 
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uniformly distributed quantity of hydrogen sufficient 
to place them in the two-phase region were furnace 
annealed while being cooled axially by a constant flow 
of water through the hole. The thermal gradient so 
applied was measured by three thermocouples posi- 
tioned along the midsection radius. The experimental 
arrangement is shown in Fig. 1. At the conclusion 

of the anneal, the specimen was sectioned and radial 
samples were analyzed using the warm extraction 
technique, which measures total hydrogen content. 


#2 


a+8 


The radial temperature distribution was determined 
by fitting the three radial temperatures to the theo- 

retical curve, using the temperature dependent ther- 
mal conductivity of Zircaloy-2.* 


RESULTS 


The results of the thermal diffusion experiments for 
two-phase a-6 specimens are presented in Table I 
and Figs. 2 and 3. Fig. 2 shows concentration distri- 
butions while Fig. 3 shows smoothed concentration- 
temperature curves superimposed on the phase dia- 


Table |. Experimental Conditions 


Initial Hydrogen 
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imposed on the hydrogen-zirconium phase diagram. 


Spec. No. Duration Outer Inner Gradient Concentration 
20 30 40 50 60 hr. °C/em ppm 
te 1 720 450 295 73 300 
: 2 1000 400 250 is} 3360 
Fig. 3—Smoothed concentration-temperature curves, super- 3 3000 500 300 80 pa 
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gram; the latter were plotted by picking tempera- 
tures corresponding to the radial distances of Fig. 2 
from the prepared temperature profile. The specimen 
designations correspond to those of Table I. 

Specimen #1 had an initial concentration of 300 ppm 
so that in the temperature interval of the experiment 
the entire specimen was initially in the two-phase re- 
gion. From the final curve for this specimen, particu- 
larly as superimposed on the phase diagram in Fig. 3, 
it is evident that the process of “sweeping out” of hy- 
dride described previously has been followed to a 
great extent. The curve breaks, within experimental 
error, at its intersection with the a solubility 
line, indicating the difference in the features of 
thermal transport in the single-phase and two-phase 
regions. The value of Q* calculated from the upper 
portion of the curve is 3.4 kcal per mole, consistent 
with a-phase thermal diffusion results.' 

It would be natural to conclude from the results 
on specimen #1, that the “sweeping out” mechanism 
is completely borne out. However, this mechanism 


Fig. 4—Gross appearance of thermal diffusion specimen 
#3 after anneal. 
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requires that at the steady state, no two-phase re- 
gion should exist; this condition would be exhibited 

by a horizontal line across the two-phase region of 

the diagram. Specimen #1 approached such a condi- 
tion but did not reach it. Specimen #2 and #3, con- 
taining initially about 3500 ppm hydrogen were there- 
fore run under the conditions indicated in Table I so 
that the presumed steady state could be approached 
more closely and the concentration changes at the 

cold side observed in more detail. 

The results, shown on Figs. 2 and 3, are also con- 
sistent with the “sweeping out” mechanism, although, 
again, the hypothetical steady state has not been 
reached. The appearance of the three curves in Fig. 
3, considering the different times of exposure, sug- 
gests a steady state like that of the dashed line. 

It was found that hydrogen had migrated longitudi- 
nally in specimen #3. The resultant longitudinal aver- 
age concentration distribution was much lower (~ 700 
ppm) than the initial concentration at one end, much 
high (~ 6000) at the center, and slightly higher (~ 4000) 
at the other end. This longitudinal migration is as- 
cribed to an unsymetrical axial temperature distribu- 
tion along the annealing furnace. The effect of longi- 
tudinal migration on the shape of the radial distribu- 
tions cannot be great, since the components are mutu- 
ally orthogonal. Moreover, curves of log N vs 1/T 
for the end sections of specimen #3 show a qualitative 
resemblance to the one shown in Fig. 3 (the same rel- 
ative temperature profile was assumed). Finally, 
longitudinal migration was not observed for specimen 
#2, whose concentration profile shows the same gene- 
ral features as that of specimen #3. 

At the cold side of specimen #3, the concentration 
curve breaks sharply at a temperature and concentra- 
tion which correspond to the (a@ + 5)-5 phase boundary 
(14,500 ppm, or ZrH,., at temperatures below 450°C).5 
It is qualitatively apparent that Q@* for 5-phase mate- 
rial is positive, just as in a-Zircaloy-2, hydrogen 
moving to the cold side. 

The gross appearance of the changes described 
above for specimen #3 can be observed in the pho- 
tographs of Figs. 4 and 5. Fig. 4 shows half of spe- 
cimen #3 immediately after removal from the an- 
nealing furnace. The cut is along the longitudinal 
center section later analyzed. The region around 
the center is heavily hydrided, and, because of its 
great brittleness, this portion of the specimen sim- 
ply broke while it was being parted on the lathe; this 
accounts for the rough, cracked appearance. One of 
the thermocouple holes can be seen, with a radial 
crack running from it toward the center, from which 
the copper axial water tube has not yet been removed. 
This crack as well as a pronounced equatorial bulge 
probably owe to the difference in density between a- 
Zircaloy-2, 6.4 g per cc,* and ZrH, ,, 5.5 g per cc.’ 

Fig. 5 shows the microstructure of three radial 
positions in the specimen. The inset corresponding 
to the outermost position shows 6-phase material in 
a matrix of a solid solution, while the innermost 
structure is the reverse of this, the matrix being 6 
phase. The intermediate structure shows an approxi- 
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see 


Fig. 5—Microstructure of thermal diffusion specimen #3 
after anneal. 


mately equal distribution. At some positions around 
the central hole the microstructure is completely 
featureless, corresponding to pure 6 phase. In the 
unmagnified polished specimen surface, the heavily 
hydrided region can be distinguished easily by the 
abrupt change in reflectivity. 


DISCUSSION 


The only other experimental work on the thermal 
diffusion of hydrogen in two-phase Zircaloy-2 was 
performed by Sawatsky,? who studied specimens at 


THIS WORK 


SAWATSKY 


ALPHA + DELTA 


20 100 1000 


Fig. 6—Concentration-temperature curves of Sawatsky? 
and of this work compared. 


the concentration and in the slope of the curve, the 
latter actually changing sign (in favoring his theore- 
tical interpretation, Sawatsky disregards one of his 
experimental points). The data of the present work 
show a change in slope at the boundary (specimen 
#1) with no change in sign, and no discontinuity in 
the concentration. 

Sawatsky’s analysis depends on Shewmon’s theory® 
for two-phase thermal redistribution. The diffusion 
flux for a homogeneous field, derived by the methods 
of irreversible thermodynamics,?® is 

DN [er a) [2] 


in which D is the diffusion coefficient, Dp exp (- €/RT), 
R is the gas constant, Q* is the heat of transport, 
and N is the concentration. Following Shewmon, 
Sawatsky applies this equation to the inhomogeneous 
field by setting N equal to the a terminal solubility 
for hydrogen, given by N, exp (- AH/RT). When the 
exponential expressions for D and N are introduced, 
Eq. [2] becomes 


__ DyN(AH + Q*)dT 1 
R dx [3] 


AH is the heat of the reaction Zr (a) < Zr (5), and 
€ is the activation energy for diffusion. Sawatsky, 


low enough concentrations so that initially they crossed ysing a linear geometry, could treat dT/dx as a con- 
the @ boundary, 7.e., the portion of the specimen in the stant. He substituted Eq. [3] into the equation of con- 
high temperature part of the gradient was in the solid tjnuity, 

solution region, the lower temperature part being 

two-phase. He used rod specimens ina linear temper- 9C_ [4] 
ature gradient. The concentration-temperature curve 86 ax 

for one of his specimens is redrawn and contrasted . = 

with the data for specimen #1 of the present work in yin —— the result, finding, for the two-phase 
Fig. 6. Sawatsky’s specimen was annealed for 34 days : 

under a temperature gradient of 130°to477°C. The 
solid line connecting the data points is the result of —: 
Sawatsky’s theoretical analysis; the line represent- I 
ing specimen #1 of the present work is the mean of 
the data points. Sawatsky differs from the writer in 
interpreting the discontinuity at the a, a-6 phase 
boundary. Sawatsky’s theoretical concentration tem- 
perature curve is discontinuous both in the value of 


dx 


AH 
x - 27) 


RT* 


R [5] 


where 6 is the time, C the total hydrogen concentra- 
tion (C = N; the latter is the fixed a-phase hydrogen 
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concentration), and Cy is the initial value of C. Sawat- 
sky fitted Eq. [5] to the portion of his concentration 
temperature curve indicated in Fig. 6. The a-phase 
portions of both his data and the data of the present 
work are fitted by Eq. [1]. 

According to Eq. [5] the concentration increases 
linearly with the time at all temperatures since all 
the factors are positive [in the present case (AH + €)/R 
>>2T|. This outcome does not allow for the con- 
servation of solute, a boundary condition which must 
be applied during the analysis. But the differential 
equation from which Eq. [5] arises is simple first 
order in C and 9, and no more complicated condition 
can be applied to it than the value of C at time zero. 
Thus Sawatsky’s differential equation cannot be gene- 
rally correct. Eq. [5] describes a static gradient, 
more or less parallel to the a-solubility line, whose 
elements move across the phase diagram at a con- 
stant rate. Such an accumulation of solute cannot be 
maintained in the absence of a source. Nonetheless, 
some validity must be accorded to Eq. [5] because 
it does fit Sawatsky’s data. The purpose of the argu- 
ment which follows is to define the region of validity 
of Sawatsky’s model. 

The shortcomings of Eq. [5] are probably caused 
by the neglect, in the flux expression, Eq. [2], of two 
significant factors: 1) the specimen does not present 
a cross-section of constant area to the movement of 
hydrogen in a-phase material because of the accumu- 
lation of hydride phase; 2) migration of hydrogen oc- 
curs in the hydride phase. Thus the variation in area 
for that phase must also be considered. We will take 
the fractional areas normal to the flux direction as 
equal to the relative amounts of a and 6 phases pres- 
ent at each temperature, neglecting density changes. 
Thus, according to the lever rule, 


_N,-C 

* [6] 
C - Ny 

* [ 7] 


where N; is the a + 6, 6-phase boundary hydrogen con- 
centration, N, is the a, a + 6-phase boundary concen- 
tration, and C is the overall concentration. We add the 
quantities - A,J, and - A;J;, and, using Eq. [2] for 
J, and Js, find 


RT 


RT 


J= (er 


(rr dinN; 


Of aT) C 


[8] 


Eq. [8] is perfectly general, except for neglect of the 
density difference between the phases. The first loga- 
rithmic derivative is evaluated just as Sawatsky did. 
If the maximum temperature is less than 450°C, N; is 
temperature independent,°* and the second logarithmic 
derivative vanishes. To a reasonable approximation 
we can neglect N, in the differences (N; - N,,). Eq. 
[8] can then be simplified to 
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[9] 


Now if C « Ng, is, in fact, of the order of N,, the 
second term in brackets will be very small and (1 - 
C/N;) will be close to 1, so that Eq. [9] will approx- 
imate Eq. [3]. This shows quantitatively the region 
of validity of Sawatsky’s equation: when C ~ N, ini- 
tially and for a short time interval thereafter. For it 
is obvious that even if C is about equal to N, initially, 
it must increase with time in the cooler part of the 
specimen. As this happens, the flux is no longer 
given by Eq. [3], but by Eq. [9]. Ultimately, if C in- 
creases in some part of the specimen until it is of the 
order of N;, the first term of Eq. [9] vanishes and in 
that part of the specimen the flux is given by the sec- 
ond term only. The boundary condition difficulty in- 
herent in Eq. [3] is removed by use of Eq. [9], since 
substitution into the equation of continuity, Eq. [ 4], 
leads to a partial differential equation, of first order 
in both 6 and T. It is therefore possible to prescribe 
for the solution, not only an initial condition, as in 
Sawatsky’s model, but also a boundary condition, 
namely that solute must be conserved. Thus the flux 
expression given by Eq. [9] in principle allows a 
general solution of the problem. Unfortunately, no 
means were found for the solution of the differential 
equation, so that this discussion must remain qualita- 
tive. 

The developments carried out above are, of course, 
limited to linear geometry. For the case of cylindrical 
geometry, corresponding to the experimental arrange- 
ment of the present work, the mathematical complica- 
tion is vastly multiplied by the non-linearity of the 
temperature gradient in cylindrical coordinates. Thus 
further elucidation of the kinetics of two-phase ther- 
mal diffusion can best be served by accumulation of 
data on linear rather than cylindrical specimens. 


SUMMARY AND CONCLUSIONS 


It has been shown experimentally that in two-phase 
alloys of hydrogen and Zircaloy-2, the hydrogen mi- 
grates, under the influence of a thermal gradient, 
toward the cold side. This process is accompanied by 
dissolution of 5-phase ZrH,,, on the hot side and its 
precipitation at the cold side. The kinetics of this 
process cannot be given inmathematical detail; how- 
ever, they must include consideration of hydrogen 
movement within both phases as well as the influence 
of the presence of each phase on diffusion in the 
other. 
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Zone Purification of Bery!lium 
W. R. Mitchell, J. A. Mullendore, and S. R. Maloof 


Preliminary experimental evidence is presented to 
show that the metallic impurities aluminum, iron, 
and silicon, and beryllium oxide as found in commer- 
cially pure hot-pressed beryllium powder can be re- 
duced to lower concentrations by zone-puvification 
techniques. The reduction in the concentration of 
aluminum to extremely low levels (10 ppm) is note- 
worthy, since earlier work demonstrated that alu- 
minum is a major factor contributing to the hot- 
tearing of beryllium during fusion welding. On the 
basis of present findings, a method is suggested for 
producing beryllium metal of improved weldability. 


ExpermentaL research now being conducted on 
the purification of beryllium indicates that several 
of the metallic impurities and beryllium oxide can 
be reduced to lower concentrations by employing 
standard horizontal zone-refining techniques. For 
the preliminary work, commercially-pure hot- 
pressed beryllium having a purity of 97.84 pct was 
used. The chemical composition is given in Table I. 

The hot-pressed beryllium was machined into bars 
5/8 by 5/8 by 4 to 6 in. in length. Beryllium-oxide 
boats which had been conditioned by prior heating in 
a vacuum of 1075 mm of Hg at 1100°C for 3 hr were 
used to hold the beryllium while it was zone melted. 

The boat with its charge, along with a smaller 
beryllium-oxide boat containing scrap beryllium to 
be used for gettering purposes, was loaded into a 
quartz tube and evacuated to 107° mm of Hg. After 
alternately evacuating and flushing three times with 
purified argon, the furnace tube was backfilled to a 
pressure of 1/6 atm of A and sealed off by means of 
a vacuum-tight stopcock. It was then removed from 
the pumping equipment and mounted on the traveling 
carriage of the zone-refining apparatus. 


Heating was accomplished with a 10 kw 450 kc induc- 
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tion heating unit using an induction coil consisting of 
two turns of 3/16-in. diam copper tubing. Before 
starting to zone melt, the atmosphere in the furnace 
tube was gettered by heating the scrap beryllium in 
the smaller boat to above its melting point and hold- 
ing at temperature for several minutes. The carriage 
was then shifted so as to locate one end of the beryl- 
lium ingot in the large boat within the induction coil. 

A molten zone approximately 3/4 to 1 in. was es- 
tablished by loading directly into the ingot. The mol- 
ten zone was moved very slowly along the length of 
the ingot. Before each pass was made the procedure 
for evacuating, flushing, and backfilling, and so forth 
was repeated. Speeds of 1 1/2 and 3 in. per hr were 
used with up to twelve zone passes. 

The appearance of a typical zone-refined ingot is 
shown in Fig. 1. After zone refining, the grains in 
the ingot appear to be elongated in the direction of 
zone travel, whilst before, they are essentially equi- 
axed. A microexamination revealed the presence of a 
network in the beryllium grains as seen in Fig. 2. 
Laue spots in back reflection pictures taken of the 
sample were not sharp, indicating the presence of 
subgrains in the structure. As can be seen, however, 
many of the network boundaries cross beryllium 
grain boundaries. It has been shown by Martin and 
Moore! that beryllium solidifies as a bcc structure 
which then transforms to the hexagonal structure at 
about 1250°C. It is believed that the observed net- 
work is merely the outline of the bcc structure which 
formed from the melt and are not subgrain bound- 
aries. 

In order to eliminate surface contaminants, ap- 
proximately 1/16 of an inch of material was removed 
from the outer skin of each ingot after zone refining. 


Fig. 1—Typical appearance of beryllium ingot after zone 
refining in a horizontal boat. Marco etched with modified 
Tuckers reagent. 
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Chemical Analysis of Hot-Pressed Beryllium 
Used in the Present Investigation. 


Table I. 


Composition 


Wt Pet 


Be 
BeO 
Si 


97.84 
1.76 
0.118 
0.079 
0.118 
0.011 
0.014 
0.017 
0.008 

<0.006 
0.001 
0.019 


the ingot. 


Samples for chemical and spectrographic analyses 
were obtained by taking borings along the length of 


12 PASSES AT 11/2 IN/HR 


lium ingot. 
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DISTANCE FROM START OF INGOT (INCHES) 


Fig. 3—Relative concentration of Al, Si, Fe, and BeO after 
twelve zone passes at 1 ¥, in. per hr as a function of dis- 
tance along the axis of a zone-refined hot-pressed beryl- 


Fig. 2—Network in beryllium zone refined in a horizontal 
boat. Bright field illumination transverse section. 

X100 Electroetch: 3.2 nitric acid—Lactic acid. Reduced 


approximately 20 pct for reproduction. 


The distribution of silicon, iron, aluminum, and 
beryllium oxide for an ingot subjected to twelve 
zone passes at a speed of 1 1/2 in. per hr is shown 

in Fig. 3. 

Comparison of the observed concentrations as 
shown in Fig. 3 with the original composition given 
in Table I indicates that a definite lowering of the 
impurity level has taken place. The general shape of 
the curves is, however, unusual due to the initial de- 
crease in impurities which has occurred. Piersall? 
has reported a similar result for the case of direc- 
tional solidification of a beryllium ingot. This initial 
decrease is believed to be caused by an initial rapid 
freezing which occurred before a stable zone was 
established. 

In the case of beryllium oxide, purification probably 
took place by mechanical segregation rather than by 
solute rejection into the molten zone. During zone 
refining a skin of oxide formed on the surface of the 
molten zone and there was a tendency for some of 
this oxide to be carried along by the zone. Micro- 
structures of the ingots also showed that segregation 
of oxide inclusions to the outside of the bars also oc- 
curred. 

It can also be noted that there is an apparent pick- 
up of iron. The source of pickup has not been estab- 
lished as extreme care was taken to avoid contami- 
nation during sample preparation. 

More volatile impurities such as magnesium, cal- 
cium, and zinc, although not shown on Fig. 3, dropped 
to lower levels of concentration and remained more 
or less constant throughout the ingot. It was thus as- 
sumed that some purification occurred as the result 
of evaporation of impurities. 

Of particular interest is the reduction in concentra- 
tion of aluminum. Recent work by Passmore* demon- 
strated that aluminum in concentrations of 0.5 to 1.0 
wt pct as is sometimes found in and above the range 
of aluminum contents in commercially-available hot- 
pressed beryllium, is a major factor contributing 
to the hot tearing of beryllium during fusion weld- 
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ing. Stresses developed in the weld zone during 
solidification initiate cracks which open up along 
grain boundaries that have been weakened by the 
presence of a low melting point (644°C) intergran- 
ular film. Metallographic examination of tears and 
cracks in fusion welds made on hot-pressed beryl- 
lium plates containing an aluminum impurity in this 
range showed aluminum to be distributed along the 
center line of the welds and near the base plate in 
the same areas where the greatest concentration of 
tears and cracks occurred. 

The results obtained to date, particularly for alu- 
minum, suggest the possibility of producing beryllium 
metal with even lower aluminum contents than are 
‘now experienced by employing directional solidifica- 
tion during casting. The economics as well as the 
feasibility of doing this commerically, however, must 
be weighed against the advantage of producing metal 


of improved weldability. Furthermore, since beryl- 
lium metal of greater purity than produced by the 
present technique has not been shown to be more duc- 
tile than commercially-pure beryllium,‘ it is obvious 
that improved purification methods are needed be- 
fore the exact role of impurities on the brittleness of 
beryllium can be determined. Improved analytical 
techniques will also be required, particularly for the 
interstitial impurities. 
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Spectrochemical Slag Analysis with the Tape Technique 


A. Danielsson, |. Nilsson, and G. Sundkvist 


A spectrochemical method of slag analysis is des- 
cribed which utilizes fusion of the sample with a flux, 
then cooling and crushing to put all samples into a 
common form. The powder is then fed onto adhesive 
tape and passed through a spark by means of a spe- 
cial device to provide very reproducible discharge 
conditions. Combined with a direct-vreading optical 
emission instrument, this system provides speed 
and accuracy of analysis heretofore unobtainable 
for slag samples by any other method. 


THERE are many suggested methods for spectro- 
chemical analysis of slags. The most important are 
fusion-pellet methods and solution methods. In our 
company the fusion-pellet method has been used ear- 
lier, and is described by Lounamaa.’ W. H. Tingle 
and C. K. Matocha have made refinements of the pel- 
let method.?, A Committee of the British Iron and 
Steel Research Association has investigated different 
methods of spectrochemical analysis of slags. Its 
purpose was to formulate a method which would give 
the complete analysis in 30 min with an accuracy of 
+3 pct. The committee recommends a solution tech- 
nique, which was thought to correspond best to their 
requirements. 

The method to be described is a fusion-tape meth- 
_od. The sample is isoformed by fusion and grinding. 
The powder is analyzed with the tape technique. 

The tape machine and some of its applications are 
described earlier.**® The powder to be analyzed is 
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continuously fed onto a moving adhesive tape, which 
passes through the spark gap. The sparks break 
through the tape and vaporize and excite the material 
to be analyzed. The most outstanding feature of the 
tape machine is its very high reproducibility. 

The concept of isoformation has been introduced 
earlier.> It means a pretreatment of the samples to 
make them uniform from the spectralanalytical point 
of view, z.e., cancelling systematic differences be- 
tween the samples. The purpose of the isoformation 
is to reduce the influence of particle size, as well as 
chemical and mineral composition. Before describing 
the isoformation by fusion plus grinding, which is the 
purpose of this paper, a few words will be said about 
two other types of isoformations, 7.e., grinding with 
buffer and ion exchange plus grinding ag they have 
been considered during the application of the tape 
technique for slag analysis. Grinding with buffer 
might be a sufficient isoformation in some special 
cases, where the mineral composition is defined. The 
time of grinding must, however, be rather long, at 
least 5 to 10 min, even when using such an efficient 
mill as the Swing Mill from Messrs. Siebtechnik, 
Mitihlheim, Germany. This type of isoformation is not 
recommended due to its limitations and due to the 
fact that the gain in time compared with the fusion 
technique is almost negligible. The principle of ion 
exchange plus grinding and some of its applications 
have been described.® The following elements of in- 
terest in slag analysis can be determined in this way: 
Na, K, Cu, Mg, Ca, Ba, Zn, Pb, Al, Cr, Mn, Fe, Co, 
Ni. The very important element Si, however, cannot 
be analyzed with this method. Although the ion ex- 
change isoformation for slag analysis cannot be 
looked upon as a routine method, it can be used for 
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analysis of standard samples and for checking pur- 
poses, replacing wet chemical methods. 


DEVELOPMENT OF THE METHOD 


The sample is mixed with a prefused flux. The 
mixture of sample and flux is fused, the melt is 
quenched to a glass, and the glass bead is ground. 
The powder obtained is analyzed with a Quantometer 
provided with a tape machine. The aim of the iso- 
formation is to fuse the sample to a homogeneous 
glass containing internal standard elements and 
spectroscopic buffer. During the development of the 
method the following has been considered: composi- 
tion and properties of the flux, mixing of sample and 
flux, choice of crucible, fusion conditions, and grind- 
ing. 

Composition of the Buffer. In conformity with 
most publications in this field, the word buffer means 
the whole mixture used to fuse the sample. Thus the 
buffer contains glass former, spectroscopic buffer, 


and internal standard elements. The inorganic glasses 


usually consist of oxygen or fluorine anions, which 
coordinate, around the cations, building up a three- 
dimensional network. According to Stillwell® the fol- 
lowing compounds are glass formers: B,O,, P,O,, 
As,0,, Sb,0,, SiO, , GeO,, P,O,; , and As,O,. This is 
probably the case also with Sb,O;, V,0,, Nb,O,, and 
Ta,O,;. Most of the above-mentioned glass formers 
are unsuitable for this purpose. As,O,, Sb,O,, and 
GeO, are too volatile. SiO, and P,O, have to be de- 
termined. From a practical point of view B,O, is the 
only glass former which can be used. Besides boron 
oxide the buffer must contain basic oxides. This is 
necessary in order to obtain a sufficient dissolving 
power of the buffer and suitable physical properties 
of the melt (surface tension and viscosity) and the 
glass (hardness). As main basic oxides, alkalies, and 
alkaline earths have been investigated. They act also 
as a spectroscopic buffer. Many different composi- 
tions of borate buffers have been discussed in the 
literature.’"* The present investigation has dealt 
with the following components: B,O,, alkali, SrO, 


Co,O0,,and smaller amounts of added internal standard 


elements. The possibilities of variation of these com- 
ponents are, of course, too many to make a complete 
study possible. 

As a result of this investigation the following 
composition has been accepted for slag analysis: 


67.0 pct Li,B,O, 
23.0 pct SrB,O, 
9.95 pct Co,0, 


0.05 pct BeCO, 


The effect of variations and substitutions of the 
components of the above-mentioned buffer is dis- 
cussed in the following. All investigations refer to 
prefused buffer. 

Alkali Oxide-B,O,. In the system alkali oxide- 
B,O, there is a complete miscibility in the melt. 
From that point of view it does not matter which al- 
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kali metal is chosen, but there may be an interest 
in the analysis of sodium and potassium, and there- 
fore lithium has been chosen. Rubidium and cesium 
would be too expensive. Buffers containing Na,O or 
K,O have, however, been investigated. When Li,O is 
completely replaced by Na,O or K,O a higher sensi- 
tivity is obtained but the melt will adhere to the 
graphite crucible. Increasing the ratio Li,O/B,O, 
will increase the dissolving power, but at the same 
time the general background of the spectrum is in- 
creased. A higher content of B,O, lowers the sur- 
face tension of the melt against graphite. 

SrO. A pure alkali borate glass is very soft and 
its hardness is strongly influenced by the presence 
of other oxides especially alkaline earths as CaO and 
BaO. Parallel to increasing hardness there is an in- 
creased intensity, which causes variations in expo- 
sure time. In order to cancel this effect SrO is in- 
troduced into the buffer. BaO could replace SrO but 
there are generally more demands for barium than 
strontium analysis. It could be mentioned that CaO, 
SrO, and BaO increase the viscosity and the surface 
tension of the melt. 

Co,0,. In the prefused buffer, cobalt is probably 
divalent. Cobalt oxide was originally introduced as 
internal standard for analysis with photographic re- 
cording because it gives a sufficient number of lines 
with suitable intensities in different wave-length re- 
gions. In direct-reading analysis there is no need for 
such a great number of internal standard lines. As 
it furthermore might be of interest to determine co- 
balt, the possibility of eliminating cobalt has been in- 
vestigated. The investigations have, however, shown 
that cobalt oxide is an essential component stabilizing 
the glass state of the melt when quenched. The amount 
of Co,O0, has to be above a certain limit, not less 
than half the amount chosen. If the cobalt content is 
too low the quenched bead might partially crystallize. 
Among imaginable substitutes for cobalt oxide, the 
following have been investigated: NiO, V,O,, and 
MnO. NiO does not have the stabilizing property. 
V,0, and MnO in about the same amount as Co,O, 
are possible substitutes. V,0O, gives, however, risks 
for too many coincidences, and there is a general 
interest for analysis of MnO. Cr,O, has not been in- 
vestigated, but might be used. Besides being a good 
stabilizer, cobalt is a good internal standard element 
from the point of view of precision. 

Prefusion of the Buffer. As far as the authors 
know, the use of a prefused buffer containing the in- 
ternal standard elements has not been reported ear- 
lier. This might justify a discussion in some detail. 

The prefusion of the buffer is performed in a 
graphite crucible and the melt is quenched in water. 
The glass obtained is dried and ground, and the buf- 
fer is then ready for use. 

The use of prefused buffer has the following advan- 
tages: 

1) The fused sample does not wet the graphite cru- 
cible which is clean after the melt has been poured 
out. This property of the melt seems to be more in- 
dependent of the composition of the buffer when the 
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Table |. Spectrum Lines Used 


Energy Levels, ev 


Ionization 
Element Line A Upper State Lower State Pot, ev 
I Si 2881.6 5.08 0.78 
I Fe 4404.8 4.37 1.56 
I Al 3944.0 3.14 0.00 
I Cu 3274.0 3.78 0.00 
I Zn 3345.0 7.78 4.07 
I Pb 4057.8 4.38 1,33 
Int. Stand. I Co 3518.4 4.57 1.05 
II Mg 2795.2 4.43 0.00 7.65 
II Ca 3179.3 7.05 3.15 6.11 
Int. Stand. II Be 3130.4 3.95 0.00 9.32 


buffer is prefused than when a mixture. This is a 
question of surface tension. The alkali oxides as well 
as other metal oxides increase the surface tension 

of the borate melt. When fusing mixtures of Li,CO, 
and B,O,, for instance, the boric oxide will melt first 
and before it has dissolved any appreciable amount 

of metal oxide, it will have very low surface tension 
and might therefore wet the graphite. The prefused 
buffer has a surface tension high enough not to wet 
the graphite. 

2) The prefused buffer has a rather low softening 
point which favors a close contact between the sam- 
ple and buffer before the temperature becomes high. 
3) The prefused buffer does not contain any volatile 
components such as water and carbon dioxide. Thus, 
the melting is quieter. Because of the reduced volume, 


a smaller crucible can be used. 
4) If desired, very low concentrations of internal 


standard elements can be used, since they are homo- 
geneously distributed in the prefused buffer which is 
difficult to achieve by mechanical mixing. 

5) The prefused buffer is nonhygroscopic. 

6) Compared with precipitated chemicals the 
ground, prefused buffer is more easily handled in 
weighing and mixing, since it is more fluid. 

Internal Standard Elements. The perfect internal 
standard line should have the same excitation poten- 
tial as the analytical lines (in the case of spark lines 
the same sum of ionization and excitation potentials), 
and the internal standard element should chemically 
resemble the elements to be analyzed. Furthermore, 
the internal standard lines should have a negligible 
self-absorption and a sufficient line-to-background 
ratio at the chosen concentration level and be free 
of interfering lines. The above ideal conditions can- 
not, of course, be fulfilled in practice. The practical 
solution is a compromise. Alcoa Research Labora- 
tories? have used the Li line 6103.6 A. Although the 
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Fig. 1—Analytical curve—SiO, in slags. 


lower level is as great as 1.84 ev, the line has very 
strong self-absorption. The use of a prefused buffer 
makes it convenient to introduce various internal 
standard elements even at low concentrations, but a 
detailed study has not been made. The investigations 
confirmed that cobalt and beryllium, as pointed out 
by Lounamaa, are good internal standard elements. 
Furthermore, cobalt is essential as a stabilizer. 

Sample to Buffer Ratio. The sample-to-buffer ratio 
may be varied according to the requirements. With 
increasing dilution, interelement effects are reduced, 
but at the same time the sensitivity decreases. In 
some cases the self-absorption of available analytical 
lines puts an upper limit to the sample-to-buffer ratio. 
The proper choice is always a compromise. 

Choice of Crucible. Hasler’ introduced graphite 
crucibles for fusion purposes. In some cases it 
would be an advantage to perform the fusion in a neu- 
tral or oxidizing atmosphere. The possibility of us- 
ing nickel or platinum crucibles has therefore been 
investigated. It was found that regardless of composi- 
tion the buffer always adheres to metal crucibles. 
Graphite is therefore the only suitable material for 
the crucible. It is very important that the graphite 
crucible contains no loose graphite powder, which 
might partially reduce some metal oxides such as 
CoO. 

Mixing of Sample and Buffer. The efficiency of the 
fusion is strongly dependent on a close contact be- 
tween sample and buffer. If the mixing is not adequate 
a small part (not necessarily observable) might be 
undissolved, resulting in erroneous analysis. The mix- 
ing should preferably be done outside the graphite 
crucible. If done in the graphite crucible introduc- 
tion of graphite into the mixture must be avoided. 


Table Il. Precision of the Method 
SiO, CaO ALO, FeO ZnO Pb Cu 
Element I Il I Il I Il I II I Il I Il I II 
Content, Pct 34.95 38.65 3.70 4.00 S27 5.65 38.8 39.8 8.00 5.50 1:10 0.50 0.43 0.28 
Coefficient of 
Variation 0.9 0.8 1.4 3 0.9 0.9 2 1.2 0.8 14 0.8 Li 0.6 0.8 
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Table Ill. Precision of the Method 


CaO 
II 


Ill I II Ill 


Element I 


Content, Pct 30.00 30.80 23.00 28.15 17.00 16.50 


Coefficient of 


Variation 0.7 0.6 1.3 1.3 


0.6 0.5 


Time and Temperature of Fusion. At higher tem- 
peratures the risk of reduction of some oxides in- 
creases. At 1050°C reduction of cobalt oxide has 
been observed. At lower temperature the time of 
fusion, of course, has to be increased. A fusion 
time must be chosen around which variations in fus- 
ing time, within practical limits, have no significant 
influence on the intensities of the spectral lines. 

Quenching of the Melt. In order to avoid partial 
crystallization of the melt it has to be quenched. The 
quenching is performed in a water-cooled silver cru- 
cible. With the aim of cancelling residual matrix ef- 
fects, quenching in water was investigated. No im- 
provement was observed. 

Grinding. The purpose of the grinding is to pre- 
pare a powder suitable for the tape technique. The 
swing mill used (Messrs. Siebtechnik, Mithlheim, 
Germany) is described elsewhere.® The house and 
bodies are easily cleaned with water. Attention 
should be paid to possible contamination from the 
millhouse and millbodies. It is recommended that 
either a hard metal mill or a hard chrome-plated 
mill be used. A grinding time should be chosen 
around which variations in grinding time do not af- 
fect the spectral line intensities significantly. The 
effect on reproducibility of milling by addition of pa- 
per, graphite, and synthetic wetting agent has been in- 
vestigated. The reproducibility of milling was improved 
by addition of paper. The improvement was less 
significant for graphite and synthetic wetting agent. 


DESCRIPTION OF THE ANALYTICAL PROCEDURE 


In the following a description is given of the method 
used in the Boliden Mining Co. for the analysis of 
copper and lead-making slags. 
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Fig. 3— Analytical curve—CaO in slags. 
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Fig. 2— Analytical curve—Al,O3 in slags. 


Isoformation. A 125-mg sample is weighed out into 
a polished nickel crucible (standard type 40 ml) con- 
taining 3.00 g pre-weighed buffer. The crucible is 
covered, and the mixing is performed by shaking (10 
sec). The mixture is quantitatively transferred to a 
graphite crucible. The fusion is performed in a muf- 
fle furnace at 1000°C. The fusion time is 4 min. The 
melt is quenched in a water-cooled silver crucible. 
The. glass bead plus one paper tablet (Whatman Accel- 
erator 1.95 cm, 0.45 g) are transferred to the mill- 
house of the swing mill. The grinding time is 60 sec. 

Spectrographic Procedure. The isoformed sam- 
ple is run with the tape technique on a Quantometer 
(Applied Research Laboratories, Inc.). The expo- 
sure time is about 15 sec with no prespark. An ARL 
High-Precision Source Unit is used which has been 
modified to give 50 sparks per sec, instead of 
200, by disconnecting 3 of 4 rectifier tubes in the 
high-voltage spark section. The inductance value in 
the oscillating spark circuit is 360 wH, and the ca- 
pacitance is 0.015 pF. Air at low pressure is blown 
into the spark gap. High-purity graphite electrodes 
are used. The surface of the tips of the electrodes 
are smooth and have a polished appearance. The up- 
per electrode is positive. The speed of the tape is 
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about 0.15 m per sec. The width of the adhesive slit 
is 2.5 mm. Normally two runs are made. In Table I 
the lines used are presented. 

Chemicals and Accessories. In the following the 
preparation of buffer is described. Furthermore, 
questions regarding crucibles and tape are dealt with. 

Prefused Buffer. The prefused buffer is made from 
the following components: 67.0 pct Li,B,O,, 23.0 pct 
SrB,O,, 9.95 pct Co,0,, and 0.05 pct BeCO,. The 
weighed chemicals are carefully mixed in a mechan- 
ical mixer (3 D-u type 1, Messrs. Rudolph Grave, 
Stockholm, Sweden) in charges of about 3 kg. The 
mixture in charges of 1 kg is fused in a graphite cru- 
cible with the dimensions 100 by 200 mm. The fu- 
sion time is 30 min at 1000°C. The melt is quenched 
by pouring it into distilled water in a stainless steel 
container (10 liter). The pouring must be done care- 
fully to avoid local overheating of the water. The 
glass granules obtained are filtered on a filter nutch 
and dried with alcohol and air. The glass is then 
ground in charges of 100 g in a chrome-plated swing 
mill for 2 min. The charges from the mill are then 
mechanically mixed in the above-mentioned mixer. 

Graphite Crucible. The crucibles have the inner 
dimensions 24 by 20 mm. The wall thickness is 
about 6 mm. The crucibles can be used several times 
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Fig. 6— Analytical curve—Pb in slags. 


but must be resurfaced by boring. They should be 
blown free of any loose graphite dust by compressed 
air. 

Tape. Two types of tape are used at present (Min- 
nesota Mining and Manufacturing Co., and Messrs. 
Edaplast, Malmd, Sweden). The tape from Edaplast 
has been specially developed for this particular use, 
and is marketed under the name Spectrotape. In both 
cases the width is 16 mm and the lengths of the rolls 
are about 500 m. The rolls are stored horizontally in 
the air-conditioned spectrometer room. 


DISCUSSIONS OF THE RESULTS 


Interelement Effects. With the internal standard 
elements used, no interelement effects have been 
observed on calcium and iron. Due to high dilution 
the interelement effects on other elements, except 
silicon on aluminum, are almost negligible. The ef- 
fect of silicon on aluminum is in conformity with the 
results reported by W. H. Tingle and C. K. Matocha.? 
An increasing silicon content decreases the intensity 
of the aluminum lines. In practice the correction is 
made by establishing an empirical working curve. 
Since in this case the slag analysis is based on syn- 
thetic standards similar to the samples, any residual 
matrix effect is included in the working curve. 

Some Limitations. If the sample contains sulfur 
above a few pct, strongly sulfophile metals suchas cop- 
per might be nonhomogeneously distributed in the 
glass bead. One way to eliminate this is to calcine 
the sample. Another possibility is to add an oxidizing 
agent such as BaO, to the mixture at fusion. 

Precision and Accuracy. In Tables [land III, typical 
examples of precision obtained are presented. The 
coefficients of variation concern double runs and 
single isoformations. The precision is 1 pct or bet- 
ter. 

As there are no systematic differences between 
repeated isoformations, and since residual interele- 
ment effects can be corrected for, the accuracy is ex- 
pected to correspond closely to the precision. Figs. 
1 to 7 show that samples of varying composition fit the 
same analytical curves. The samples marked with 
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rings are natural-slag samples from different years; 
those with crosses are synthetically prepared mix- 
tures of widely varying composition. The fact that 
smooth curves are obtained proves that the matrix 
effects are almost completely cancelled. 

Time Involved. Using the method described above, 
it is possible to make a complete slag analysis in 
less than 10 min. Compared with the pellet method 
there is a reduction in time, since the following steps 
are not required: screening of powder, weighing of 
screened powder, mixing of powder and graphite, and 
briquetting. Furthermore, repeated runs are more 
conveniently made. 


OTHER APPLICATIONS OF THE METHOD 


The described method is, of course, not limited to 
analysis of copper and lead-making slags but can be 
used for related materials such as other types of 
slags, glasses, cements, and rocks. 

In these types of material the following elements 
can be analyzed: Rb, Cs, Cu, Mg, Ca, Ba, Zn, Sc, 
Y, Al, Ga, In, Ti, Zr, Si, Sn, Pb, V, P, Cr, Mo, Mn, 
Fe, and Ni. Modifying the composition of the buffer, 
beryllium, strontium, and cobalt can also be deter- 


mined. In principle, it is also possible to determine 
sodium and potassium. The present limitations are 
the impurities in the tape and in the buffer. 


CONCLUSIONS 


Using the tape technique and isoformation by fu- 
sion, it is possible to make a complete slag analysis 
in less than 10 min with a precision of 1 pct or bet- 
ter. The important new aspect of the method is the 
application of the tape technique. The use of a pre- 
fused buffer has definite advantages. 
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The Oriented Growth Mechanism of the Formation of 
Recrystallization Textures in Aluminum 


M. N. Parthasarathi and Paul A. Beck 


The recrystallization texture formed by selective 
growth of random nuclei in an 80 pet rolled 99.997 
pet Al crystal of initial orientation near (123) [412] 
was found to consist of components related to the 
single-component rolling texture by 40 deg. rota- 
tions around [111] axes. The velative-volume frac- 
tion of the various recrystallization-texture com- 
ponents may be accounted for on the basis of the 
low mobility of twist boundaries, if it is assumed 
that the mobility of the tilt boundaries also varies 
with their orientation, Similar results with an 
aluminum-alloy crystal of the (110) [112] orienta- 
tion, containing iron, silicon, and zinc, show that 
these solute contents do not impair the effective- 
ness of the oriented growth mechanism of recrys- 
tallization-texture formation, 


In a previous investigation’? it was found that a 
sharp recrystallization texture is formed as a result 
of the oriented growth of random artificial nuclei in 
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an aluminum crystal rolled to 80 pct Rg, on the (110) 
plane in the [112] direction. Four recrystallization- 
texture components were found to occur, with orien- 
tations corresponding to 40-deg rotations around 
[111] axes of the deformation texture. Reorientations 
of this type were already found in earlier work,**4 
where the presence of random nuclei could be rea- 
sonably assumed, but was not rigorously documented. 
The same orientation relationship was found also by 
Liicke and Liebmann, who actually measured the ori- 
entation dependence of boundary-migration rates in 
the recrystallization of Al crystals slightly deformed 
in tension.5»& 

The occurrence in the recrystallization texture of 
only four of the eight crystallographically equivalent 
orientations of the type referred to above remained 
unexplained,’»? although it was clearly not a result 
of the absence of suitable nuclei. Recently Burgers’ 
suggested that this effect may be due to the aniso- 
tropy of boundary mobility observed” °; it was found 
that the recrystallized grains of the 40-deg [111] - 
rotated type grow much faster in directions perpen- 
dicular to the [111] they have in common with the 
matrix than parallel to this direction, i.e., the tilt 
boundaries have much higher mobility than the twist 
boundaries. The four orientations corresponding to 
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the recrystallization-texture components actually 
found, had a direction of high-boundary mobility paral- 
lel to the normal direction (N.D.) of the rolled crys- 
tal. They were, therefore, favored in selective 
growth in the normal direction over the other four 
orientations, which had their directions of high mo- 
bility tilted approximately 55 deg with respect to the 
N.D. 

In order to test the above explanation, and to inves- 
tigate the question whether the boundary mobilities 
in the various directions perpendicular to the com- 
mon [111] are all the same or not, the investigation 
described below was undertaken with a high-purity 
aluminum crystal. The orientation of this crystal 
was chosen so that 1) the various potential recrys- 
tallization-texture components derived from it by 
40 deg rotations around [111] axes had different ori- 
entations with respect to the N.D. of the rolled strip, 
and 2) recrystallization could be made to depend en- 
tirely on artificial nuclei, the randomness of which 
has been well documented. Since orientations near 
(123)[ 412] were previously found to be prevalent in 
highly -rolled polycrystalline aluminum,® it was ex- 
pected that the rolling of a crystal of this orientation 
may be accomplished by plastic flow of relatively 
slight turbulence, and thus the formation of natural 
recrystallization nuclei on subsequent annealing might 
be minimized. Because of the low symmetry of this 
orientation with respect to the N.D., it also satisfied 
the first condition. 

In addition, an experiment was carried out with an 
aluminum alloy of a composition similar to that for 
which a recent study® indicated the absence of ori- 
ented growth in the solution-treated condition. If this 
result, which was obtained with single crystals de- 
formed 20 pct in tension, is assumed to be applicable 
also in the case of high deformations by rolling,’° 
the development of random recrystallization tex- 
tures would be expected on the basis of the oriented 
growth mechanism. It was, therefore, of interest to 
study the recrystallization texture of an 80 pct rolled 
aluminum alloy crystal provided with random arti- 
ficial nuclei. For this crystal the (110)[ 112] orienta- 
tion was selected, so that the results may be directly 
compared with those previously obtained? for a high 
purity aluminum crystal of that orientation. 


EXPERIMENTAL PROCEDURE 


The analysis of the high-purity aluminum and of 
the aluminum alloy used was as follows: 


Analysis in wt pct 


Cu Fe Si 
High purity Al 0.0004 0.0005 0.001 
’ Aluminum alloy 0.002 0.086 0.080 
Mg Zn Na 
High purity Al 0.0007 0.000 0.0004 
Aluminum alloy 0.000 0.033 0.000 


A single crystal of high purity aluminum 4 in. long, 
1 in. wide, and0.1 in. thick was prepared in the (123) 
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[412] orientation by solidification from the melt. A 
crystal of the aluminum alloy in the (110)[112] ori- 
entation, having the same dimensions, was grown by 
the strain-anneal method. Both crystals were rolled to 
0.020 in. thickness in 22 passes, and always reversed 
end to end between passes. Specimens cut from the 
rolled strips were electrolytically thinned (methyl 
alcohol + nitric acid electrolyte) from 0.020 to 0.010 
in. thickness, so that a 0.005-in. thick layer was 
removed at both rolled surfaces. 

The high degree of very localized plastic deforma- 
tion necessary for artificial nucleation was carried 
out as follows. The specimen was mounted in a plas- 
tic frame with molten paraffin, so that one surface 
was exposed, and the whole specimen was well sup- 
ported by the solidified paraffin. The exposed sur- 
face of the specimen was rubbed with emery paper 
in a manner as random as possible. The specimen 
could be removed from the supporting frame without 
deformation by dissolving the paraffin in carbon te- 
trachloride. Isothermal annealing heat treatments 
were carried out in a salt bath. 

Metallographic study of the cross section of vari- 
ous specimens necessitated polishing and etching, 
with the edge of the section well protected, in order 
to see the thin recrystallized layer formed at the 
nucleation side in the early stages of annealing. For 
this purpose an effective method of preparation was 
suggested by Keller.’! The surface of the specimen 
was coated with a thin layer of Duco cement. The 
specimen was then placed into a slot cut in a 0.1-in. 
thick aluminum sheet by means of a jeweler’s saw. 
The sheet, containing the specimen, was then slight- 
ly squeezed so that the specimen was securely held 
in position in the slot. After careful mechanical 
polishing, the final polishing and etching was carried 
out electrolytically in a fluoroboric acid bath. 

Texture determinations were made by means of 
the Schulz back reflection method,'* using CuKa ra- 
diation at 19kv, with a Ni filter 0.014-in. thick, and 
a scintillation counter detector. The correction fac- 
tors for defocusing’* were determined by means of a 
random specimen prepared from aluminum powder. 

Spurious peaks [ of intensities 1/100 to 1/400 of 
those of the (111)-maxima] appeared in the pole fig- 
ures for the rolled single crystal, corresponding to 
planes other than (111) reflecting radiation of appro- 
priate wave lengths present in the white radiation, 
even with the low X-ray tube voltage and the heavy 
filtering used. In order to confirm this, these peaks, 
indicated by dotted contour lines in Figs. 1 and 2, 
were eliminated by decreasing the tube voltage to 
such an extent that the appropriate wave lengths no 
longer appeared in the white radiation. In the other 
pole figures, where the intensity maxima were con- 
siderably lower, such spurious peaks were not de- 
tectable. 


RESULTS 


As seen in Figs. 1 and 2, the texture of the rolled 
crystal was very homogeneous throughout the thick- 
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Fig. 1—(111) pole figure for high purity Al crystal of (123) Fig. 2—(111) pole figure for rolled crystal, as in Fig. 1, 
[412] initial orientation, rolled 80 pct, 5 mils removed but 10 mils removed from rolled surface by chemical 
from rolled surface by chemical polishing. Dotted contour polishing. Same pole density units as in Fig. 1. 

lines outline low-intensity spurious peaks due to other than 


(111) planes and to white radiation. Open triangles give the thin recrystallized layer, only gentle undulations 
(111) poles for initial orientation of crystal. Arbitrary are recognizable in the pole figure. 
pole density units. After 15 min annealing at 325°C some of the re- 


ness used. Data obtained at the rolled surface prior  CTYStallized grains formed at the rubbed surface 

to thinning (and not reproduced here) indicated that age consider ably deeper into the renee crystal them 
the homogeneity in fact extended even to the surface the others; Pig: 
layers. As in the case of the (110)[112] starting ori- ‘the opposite surface ( growth side”) of the specimen. 
entation, the rolling texture was extremely sharp. 
Approximately 10 to 20 deg away from the peaks the of the artificially nucleated specimen appeared com- 
measured intensities fell almost everywhere to the FOOT 
level of the background, i.e., ~4 cps. The location of However, the X-ray pinhole pattern shown in Fig. 7 
the maxima in the rolling texture was slightly differ - 
ent from that of the (111) poles of the original crystal 
prior to rolling (Fig. 1). 

After 2-1/2 min annealing at 325°C the rolled and 
etched crystal, subjected to rubbing with emery paper 
at one side, recrystallized to a depth of approximately 
10y at the rubbed side, Fig. 3. The orientation of this 
recrystallized layer at the “nucleation side” was quite 
random, as shown in the (111) pole figure, Fig. 4. 
Aside from the maxima corresponding to the rolling 
texture, which the X-rays clearly detected underneath 


Fig. 3— Photomicrograph of cross section of rolled alu- 
minum crystal, as in Fig. 1, but after rubbing one surface 
with emery paper and annealing for 2 1/2 min at 325°C. 


Layer of recrystallized grains, ~ 10, thick, shown at nu- Fig. 4—(111) pole figure for ‘‘nucleation side’’ of speci- 
cleation side. X290. Reduced approximately 48 pct for men rubbed with emery paper and annealed 2 1/2 min at 
reproduction. 325°C, as in Fig. 3. Same pole density units as in Fig. 1. 
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Fig. 5— Photomicrograph of cross section of rolled alu- 
minum crystal, as in Fig. 3, but after annealing for 15 
min at 325°C. Some recrystallized grains grew from 
‘‘nucleation side’’ deep into rolled crystal. X145. Re- 
duced approximately 47 pct for reproduction. 


indicated the presence of a certain amount of the de- 
formed material. This is also clearly shown in the 
(111) pole figure for the growth side, Fig. 8. In addi- 
tion to the retained deformation texture, the pole figure 
shows intense peaks due tothe recrystallization texture. 
The orientation of the recrystallization texture compo- 
nents corresponds to 40 deg rotations around [111] 
axes of the deformation texture, as seen by compar- 
ing Figs. 8 and 9. Each of these peaks arises from 
two nearly coincident and therefore overlapping (111) 
pole concentrations connected with two separate re- 
the relative volume fractions of the individual recrys- — ; -_ 
tallization texture components cannot be directly read F esta of oe ee at 

; siae Tr annealing tor min crys- 
ysis a fairly good estimate of these relative volume specimen, are elongated 1) in R.D. (up and down in mi- 
fractions may be obtained. The symbols used to des- crograph) , 2) 70 deg from R.D. counter clockwise, and 
ignate the eight recrystallization texture components 3) 45 deg from R.D. clockwise. X8. Enlarged approxima- 
are given in Fig. 9. tely 6 pct for reproduction. 


i 1 
_ Since a (111) ae each of en “pay Peas R, confirms that IV R is weak and it indicates that 
is located near a = 170 deg, ¢ = 47 deg, with a peak Rise) ak. A (111) pole of each of t 
intensity in this vicinity of only 130 cps, both of these 
components must be very weak. Similarly, the maxi- 


mum intensity of only 190 cps at a = 13 deg, @ = 67 
deg, near a (111) pole of each of components II R and 


Fig. 8—(111) pole figure of ‘‘growth side’’ of specimen 


eee shown in Fig. 6, in the same pole-density units used in 
Fig. 7—Back-reflection pinhole pattern of the ‘‘growth the other pole figures. Empty triangles give (111) poles 
side’’ of specimen, as in Fig. 6, taken with unfiltered Cr for retained deformation texture. Circles show (111) 
radiation. Specimen-film distance 3 cm. The segments poles for ideal orientations derived by 40 deg-rotations 


around [111] axes of deformation texture. 
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Fig. 9—Stereogram showing [111] axes of deformation 
texture (triangles marked I, II, Il, and IV) and (111) 
poles for eight ideal orientations derived by 40 deg 
rotations around the four [111]-axes. The four poles 
of a rotated orientation are identified by the roman 
numeral of the rotation axis, and by a capital letter 
indicating the sense of rotation (Left or Right). 


where the peak intensity is 1290 cps. Since IV Ris 
weak, as shown above, the intensity here must be at- 
tributed largely to component III L. A confirmation of 
this conclusion is obtained by considering the (111) 
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Fig. 10—(111) pole densities in arbitrary units as a func- 
tion of tilt angle o, at a fixed azimuthal angle of a = 180 
deg, for 80 pct rolled aluminum crystal in the following 
conditions: (X) as-rolled, (@) nucleation side after rub- 
bing and annealing for 2 1/2 min at 325°C and (O) growth 
side after annealing for 150 min at 325°C. 
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Table |. Approximate Relative Volume Fractions of Recrystallization 
Texture Components at Growth Side of (123) [412] Aluminum Crystal 
Rolled 80 Pct and Annealed 150 min at 325°C 


Intensity Peak, CPS 
Annealing Texture in combination with other 


Components components indicated Approximate Relative 
(see Fig. 9) (from Fig. 8) Volume Fraction 
IR with IIL 465 absent 
® with IIR 490 
with IVR 130 30-60, weak 
with 1100 
IIR is) fit IVR 190 100-180, weak 
with IL 255 
withIVL 3800 
IEL oO fri TR 1250 ~ 465, medium 
with IR 465 
with IVL 3400 
0} IR 490 ~ 490, medium 
with IIL 1250 
L with IIR 1100 900-1100, strong 
with IIR 190 
IVR eo fi IL 130 50-70, weak 
with IIL 1290 
IVL © with IIL 3800 3000-3300, very strong 
with WIR 3400 


pole concentration of 1100 cps at a@ = 100 deg, @ = 37 
deg, associated with components II R and III L. Since 
II R was found to be very weak, this intensity may be 
again largely attributed to III L. The peak intensity 
of 465 cps at a = 132 deg and @ = 60 deg, associated 
with the combination I R and II L, shows that the in- 
tensity of II L alone cannot be larger than 465 cps. 
Similarly, the intensity of III R cannot be larger than 
490 cps, since this intensity was measured for the 
combination III R and I R at a = 272 deg and @ = 62 
deg. But the peak of 1250 cps at a = 50 deg and @ = 
62 deg due to the combination of II L and III R requires 
that both of these components assume the maximum 
values mentioned (actually it would require even 
somewhat higher values, but the argument evidently 
cannot be made that quantitative). Consequently, the . 
component I R must be essentially absent. The ap- 
proximate relative intensity values that may be as- 
signed to the various recrystallization texture com- 
ponents with a fair degree of self-consistency on the 
basis of this analysis are listed in Table I. These in- 
tensities are assumed to be proportional to the rela- 
tive volume fractions of the recrystallization texture 
components, and in the following text they are used 
as a measure of these relative volume fractions. 

The development of the sharp recrystallization tex- 
ture by the selective growth of random nuclei is fur- 
ther clearly illustrated in Fig. 10, which gives the 
detailed comparison of the radial sections at a= 180 deg 
of the three pole figures shown in Figs. 1, 4, and 8. 
The fact that the observed recrystallization texture 
has actually developed from the random artificial 
nuclei and not from natural nuclei, which might be 
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Fig. 11—(111) pole figure of the ‘‘growth side’’ of 80 pct 
rolled and artificially-nucleated aluminum alloy crystal 
after annealing for 135 min at 380°C. Initial orientation of 
crystal was (110) [112], empty triangles. Circles show 
(111) poles for ideal orientations derived from deforma- 
tion texture by 40 deg rotations around [111] axes. Same 
pole density units as in previous pole figures. 


assumed to have a preferred orientation, was shown 
by a control experiment. A section of the rolled sin- 
gle crystal, thinned as before, but not subjected to 
rubbing by emery paper on either surface, was an- 
nealed for 150 min at 325°C. Metallographic and X- 
ray diffraction examination indicated no trace of re- 
crystallization in this specimen. Consequently, na- 
tural nuclei must have been absent, and recrystalliza- 
tion in the artificially nucleated specimen was, in 
fact, originated wholly by the artificial nuclei. 

The aluminum alloy single crystal of (110)[ 112] 
orientation was annealed in a salt bath at 640°C for 
10 hr and quenched in cold water in order to retain 
in solid solution as much of the alloying elements as 
possible. The quenched crystal was rolled to 80 pct 
Ra. The pole figure in the as-rolled condition was 
not determined. However, a back-reflection pinhole 
pattern was taken, and this was identical with that 
for the rolled high purity aluminum crystal of the 
(110)[110] orientation previously described.’ Two 
specimens were prepared from the rolled strip by 
the usual method of thinning. One of them was rubbed 
with emery paper on one side, in the same way as pre- 
viously described. Both specimens were then annealed 
for a period of 135 min in a salt bath at 380°C. The 
artificially nucleated specimen showed extensive 
recrystallization at the growth side, while there was 
no sign of recrystallization on either side of the spe- 
cimen not artificially nucleated. The (111) pole fig- 
ure of the growth side of the artificially nucleated spe- 
cimen after annealing for 135 min at 380°C is shown 
in Fig. 11. The recrystallization texture was quite 
sharp and it was essentially identical with that at the 
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Table Il. Average Relative Volume Fraction of Pairs of Right- and 
Left-Rotated Recrystallization Texture Components Associated with 
Each [111] Rotation Axis in (123) [412] Aluminum Crystal 


Average Relative 
Volume Fraction, 
approximate 


{111] Rotation Axis 
for Texture 
Components 


Angle between 
Twist Plane 
and ND 


25 

600 
3200 
1500 


I 

II 44° 
IV 
Il 


growth side of the rolled and artificially -nucleated 
high-purity single crystal of the same orientation.! 
It consisted of four components obtained by 40 deg 
rotations around the [111] axes of the deformation 
texture located at the periphery of the pole figure. 
Intensity peaks due to some retained deformation tex- 
ture were also present. 


DISCUSSION 


Fig. 6 clearly shows the anisotropy of the boundary 
mobility for recrystallized grains having the 40 deg 
[ 111] -rotational relationship with the rolled (123) 
[412] crystal matrix. In this case the grains are 
elongated predominantly in three directions: 1) ap- 
proximately parallel to the rolling direction, 2) en- 
closing 70 deg with the rolling direction counter - 
clockwise, and 3) enclosing 45 deg with the rolling 
direction clock wise. These directions are satisfac- 
torily accounted for as the traces in the rolling plane 
of the (111) planes the recrystallized grains have in 
common with the matrix. Clearly, the anisotropy 
shown in Fig. 6 for the recrystallized grains in the 
rolled crystal of initial orientation (123)[412] is iden- 
tical with that previously observed for a rolled crys- 
tal of the (110)[112] orientation.! Twist boundaries, 
perpendicular to the [111] axes the recrystallized 
grains have in common with the matrix, have much 
lower mobility than tilt boundaries that lie parallel 
to these [111] axes. Fig. 5 also shows that the re- 
crystallized grains grow from the nucleation side in 
the form of plates, the extended faces of which cor- 
respond to boundaries of low mobility. As mentioned 
earlier, Burgers suggested’ that the absence of four 
of the eight crystallographically equivalent recrys- 
tallization texture components in the experiment with 
the (110)[112] crystal’ was due to this anisotropy of 
boundary mobility, and to the fact that the nearest 
direction of high boundary mobility for the missing 
texture components enclosed a tilting angle of 55 deg 
with the direction of the shortest distance between 
the nucleation side and the growth side, 7.e., with the 
normal direction, while that for the recrystallization 
texture components actually occurring was parallel 
to the N.D. 

Table II gives the average relative volume fraction 
for right- and left-rotated pairs of recrystallization 
texture components in the (123)[412] crystal, and the 
tilting angle between the (111) twist plane and the 
normal direction appropriate for each pair. It may 
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be seen that there is quite good qualitative agreement 
with Burgers’ suggestion. With only one exception, 
the average relative volume fraction values increase 
as the twist plane, which contains the directions of 
high mobility, becomes more parallel to the normal 
direction. However, Table I shows that the volume 
fraction of the right- and left-rotated components 
connected with the same [111] -axis and, therefore, 
having the same tilting angle, is different. This dif- 
ference is particularly large in the case of compo- 
nents IV L (very strong) and IV R (very weak). Since 
the availability of random artificial nuclei has been 
thoroughly documented, these differences cannot be 
due to preferred nucleus orientations. Rather, the 
observed differences of the volume fraction of the 
right- and left-rotated recrystallization texture 
components associated with the same [111] axis 
of rotation must be attributed to effective differ- 
ences between these orientations in regard to 
their growth rates in the normal direction of the 
rolled strip. Since the mobility of the (111) twist 
boundaries was quite low, the differences in boundary 
mobility referred to may be attributed to the various 
tilt boundaries. The large extent of the variations in 
mobility among these tilt boundaries required to ac- 
count for the relative volume fractions of the corre- 
sponding recrystallization texture components is 
rather surprising. It is quite likely that the observed 
effects are exaggerated since grains of higher mobil- 
ity “cut ahead” of grains with lower mobility, thus ef- 
fectively “pinching them off”, which makes the ob- 
served differences in the corresponding volume frac- 
tions of the associated recrystallization texture com- 
ponents much larger than expected otherwise.'* It is 
very reasonable to assume that the differences in mo- 
bility between the various tilt boundaries result from 
variations in their structure. However, a detailed ac- 
count of these variations cannot be given at the pres- 
ent time. 

The aluminum alloy used had very much higher 
zinc, iron, and silicon contents than the high-purity 
aluminum. Even though the alloy crystal was heat 
treated so as to keep a large part of the alloying ele- 
ments in solution, after rolling to 80 pct Ry artificial 
nucleation on one side and annealing for 135 min at 
380°C it also developed a very sharp recrystalliza- 
tion texture at the growth side. Here, too, the various 
recrystallization texture components were related 
to the deformation texture by 40-deg rotations around 
[111] axes, as in the case of high-purity aluminum. 
Since the chemical composition was very similar to 
that used by Green, et al.,° and the solution treatment 
was even more effective in retaining the alloying ele- 
ments in solid solution, the deviating results of the 
present investigation indicate that, with a high driv- 
ing energy (deformation by rolling to 80 pct R4), the 
orientation dependence of boundary mobility is not 
nearly as sensitive to the concentration of solutes 
as found by Green, ef al.,° for a low driving energy 
(deformation by 20 pct extension). The suggestion of 
Aust and Rutter’> that the effect of solutes on the 
orientation dependence of boundary mobility, as de- 
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termined by them with driving forces presumably 
much smaller even than those used by Green, ef al., 
is directly applicable to the problems of textures in 
primary recrystallization after heavy reductions by 
rolling is, therefore, open to serious question. That 
at least some of Aust and Rutter’s results actually 
do not apply under conditions more closely resem- 
bling those prevailing in typical everyday examples 
of the formation of sharp primary recrystallization 
textures (e.g., after heavy reductions by rolling at 
relatively low annealing temperatures) is suggested 
by the following observations. Aust and Rutter’>?® 
find that the boundary mobility is orientation depen- 
dent only in the presence of certain specific solutes 
(tin, but not silver or gold, in lead) and only in a low 
and relatively narrow range of concentrations (5 to 
40 ppm of Sn in Pb).* At tin concentrations higher 


*In an as yet unpublished investigation, the abstract of which ap- 
peared*® after the present paper was submitted for publication, Aust 
and Rutter themselves found, in contrast to their previous results 
obtained at 300°C (20°C below the melting point of lead), that at 
175°C high-purity lead did show orientation dependence of boundary 
mobility without tin additions. 


than about 50 ppm their lead alloy specimens showed 
no selective growth of recrystallized grains in orien- 
tations having “special” (high-mobility) boundaries. 
Their findings might lead one to expect that growth 
selectivity is a rare phenomenon, occurring only under 
rather specialized conditions. Yet the present expe- 
riment with the aluminum alloy crystal shows that 
iron, silicon, and zinc in solution in quantities sev- 
eral orders of magnitude larger than the effective tin 
additions to lead according to the investigations of 
Aust and Rutter’> does not in any way impair the ef- 
fectiveness of the selective-growth mechanism in 
producing a sharp texture, identical with that observed 
in a high purity aluminum crystal of the same orien- 
tation.’ In fcc metals, even with high concentrations 
of impurities and of alloying solutes, no random re- 
crystallization textures are known to develop on an- 
nealing after severe rolling, although this might be 
expected on the basis of Aust and Rutter’s views.’® 
In fact, recrystallization textures in highly rolled 
fec metals tend to change relatively little with the 
addition of a rather large variety of solutes over 
fairly wide composition ranges, where the solutes 
do not alter the rolling texture, e.g., 0.85 pct Mn in 
Al,’7 1 pet Zn or 0.2 pct Al in Cu,?® 48 pct Fe in Ni.” 
The present work deals with recrystallization tex- 
tures in rolled single crystals having a single-com- 
ponent deformation texture. The oriented growth me- 
chanism allows straightforward predictions in such 
cases as to the orientations of possible recrystalliza- 
tion-texture components. When the deformation tex- 
ture consists of more than one component, and per- 
haps also of important orientation spreads, such pre- 
dictions are, in general, not always possible to make 
with great assurance.’* In this connection, some re- 
sults obtained by Verbraak’® are of considerable in- 
terest. He observed that the recrystallization tex- 
ture of a cold rolled aluminum crystal of (110)[ 110] 
initial orientation, which had a (112)[ 111] twin de- 
formation texture on rolling to 99 pct Ry, consisted 


VOLUME 221, AUGUST 1961-837 


44 
‘ 


of two components, each of which was related to both 
deformation texture components by 30-deg rotations 
around the [111] at the rolling direction. The occur- 
rence in this instance of the 30-deg rotations, instead 
of the 40-deg rotations usually encountered in alumi- 
num, appears to be a rather clear-cut case of the 
tendency to compromise previously noted.’* The 30- 
deg rotated recrystallization texture components are 
fairly favorably oriented for growth with respect to 
both deformation texture components (since they are 
only 10 deg removed from the most favorable orien- 
tation relationship with both of these deformation 
texture components) while the 40-deg rotations would 
be ideally oriented for growth with respect to one of 
the two deformation texture components, while being 
unfavorably oriented with respect to the other (20 deg 
away from the most favorable orientation relation- 
ship). The compromise orientation was in this case 
evidently preferred. Allowing the formation of such 
compromise recrystallization textures from certain 
multicomponent deformation textures, the oriented 
growth mechanism offers at least a qualitative ex- 
planation of all recrystallization textures observed 
in aluminum. 

Verbraak pointed out?® that his experiment with 
the (110)[110] aluminum crystal, as described above, 
indicates that the “martensitic mechanism” proposed 
by him to explain the formation of the cube texture in 
copper in terms of oriented nuclei, cannot be opera- 
tive in the formation of the cube texture in aluminum. 
Verbraak has also shown,’® in agreement with earlier 
conclusions, ** that other, previously proposed, orien- 
ted nucleation mechanisms for the formation of the 
cube texture are also not operative. Consequently, 
at the present time no oriented nucleation mechanism 
is known that could account satisfactorily for the for- 
mation of the cube texture in aluminum. The same 
statement is true also for all other recrystallization 
textures in aluminum, including the one observed by 
Verbraak, as described above. 


SUMMARY 


1) A sharp recrystallization texture was found to 
develop by selective growth of random nuclei in an 
80 pct rolled high-purity aluminum crystal of initial 
orientation (123)[ 412]. 

2) All components of the recrystallization texture 
were related to the deformation texture by 40-deg 
rotations around [111] axes, as previously found also 
for an 80 pct rolled crystal of (110)[112] orientation. 

3) The relative volume fractions of the various re- 
crystallization texture components may be accounted 
for on the basis of the observed relatively low mobil- 
ity of twist boundaries, as compared with tilt bound- 
aries, if it is assumed that the mobility of tilt bound- 
aries also varies with their orientation. 

4) Results obtained with a (110)[112]crystal of an 
aluminum alloy containing 0.086 pct Fe, 0.080 pct Si, 
and 0.033 pct Zn (largely in solid solution) show that 
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these solute contents do not impair the effectiveness 
of the oriented growth mechanism in producing a 
sharp recrystallization texture (after 80 pct rolling). 
The recrystallization texture of this alloy crystal was 
the same as that previously found in a similarly rolled 
and recrystallized high purity aluminum crystal of 

the same initial orientation. 

5) All known recrystallization textures in polycrys- 
talline aluminum and in highly deformed single crys- 
tals may be qualitatively accounted for by the oriented 
growth mechanism. No oriented nucleation mechanism 
has been suggested that would satisfactorily account 
for any recrystallization texture in aluminum. 
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Recrystallization of a Silicon-lron Crystal as Observed 
by Transmission Electron Microscopy 


Hsun Hu and A. Szirmae 


The early stages of recrystallization in a 70 pct 
cold-rolled Si-Fe crystal of the (110) [001] orienta- 
tion were studied with a Siemens electron micro- 
scope. Orientation studies based on electron-dif- 
fraction patterns confirm the results of previous 
texture analysis. The driving energy for recrystal- 
lization and the critical radius for growth were cal- 
culated from the dislocation energy and the energy 
of the subgrain boundaries, and it was found con- 
sistent with the observed size of the recrystallized 
grains, The recrystallization characteristics of 
crystals with different initial orientations are dis- 
cussed, 


Tue recrystallization of cold-rolled (110)[ 001 | 
crystals of Si-Fe has been widely studied by various 
investigators.'“*, Their results on both deformation 
and annealing textures are in good agreement. The 
rolling texture after 70 pct reduction consists mainly 
of two crystallographically equivalent (111) [112] 
type textures and a minor component of the (100) 
[011] type. The latter is derived from the deforma- 
tion twins, or Neumann bands, which are formed dur- 
ing the early stages of deformation and later rotate 
to the (100) [011] orientation upon further rolling 
reduction.'»3,4 Between the two main (111)[112] type 
textures, there is some orientation spread, because 
of which very low intensity areas appear in the pole 
figure. If these very low intensity areas are consid- 
ered to be a very weak component in the texture, 
then a (110) [001] orientation may be assigned to 
them. When this rolled crystal is annealed at a suf- 
ficiently high temperature for recrystallization, the 
texture returns to a simple (110) [001]. The purpose 
of the present investigation was primarily to seek a 
better understanding of the recrystallization process 
by using the electron transmission technique. The 
(110) [001] type of crystal was selected because ori- 
entation data for it are well known from previous 
studies with conventional techniques. Direct observa- 
tions on the recrystallization of such a crystal have 
also been made by using a hot-stage inside the elec- 
tron microscope, and the results will be reported in 
another paper. 


MATERIAL AND METHOD 


A single-crystal strip of the (110) [001] orienta- 
tion was prepared from a commercial grade 3 pct 
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Si-Fe alloy by the strain-anneal technique.> The 
strip was approximately 0.014 in. thick, and was 
rolled 70 pct at room temperature to a thickness of 
0.004 in. Specimens were cut from the rolled strip 
and were annealed in a purified hydrogen or argon 
atmosphere. They were then electrolytically polished 
in a chromic-acetic acid solution to very thin foils. 
Best results were found by polishing first between 
two narrowly spaced flat cathodes with the specimen 
edges coated with acid-resisting paint, followed by 
polishing between two pointed electrodes until a hole 
appeared in the center as described by Bollmann.° It 
was found that a thin transparent film always formed 
along the thin edges of the polished specimen. This 
film was then removed by rinsing the specimen very 
briefly in a solution of alcohol with a few drops of HF 
or HCl. 


RESULTS AND DISCUSSION 


1) The Deformed Crystal. From the electron- 
diffraction patterns taken at various areas of an as- 
rolled specimen, the texture components as deduced 
from ordinary pole-figure analysis were confirmed. 
Over most of the areas where orientation was ex- 
amined, a (111) pattern with a [112] direction paral- 
lel to the rolling direction was obtained. This corre- 
sponds to the main deformation texture of the (111) 
[112] type. In a few areas the diffraction pattern 
was (100)[011], corresponding to the minor -texture 
component derived from the Neumann bands. The 
(110) [001] orientation, which corresponds to the 
very weak intensity area in the pole figure, was 
found infrequently. A typical example of the deformed 
matrix having the (111)* type main texture is shown 

*For simplicity, the orientation will be herein referred to its plane 


only, as the rolling direction (R.D.), or cross direction(C.D.), is well 
known from previous texture studies. 


in Fig. 1, where (a) is the microstructure and (0) is 
the diffraction pattern taken from that area. It was 
also frequently observed that in other areas more or 
less continuous rings of weaker intensity were super- 
imposed on the simple (111) diffraction pattern, sug- 
gesting the presence of a wide range of additional 
orientations. Other evidence indicated that the re- 
crystallization characteristics are different in these 
two different types of areas. The hot-stage observa- 
tions which provide this evidence will be discussed 
in another paper. 

As shown in Fig. 1(a), numerous dislocation-free 
areas of very small size are embedded in the “clouds” 
of high-dislocation density. This indicates that the 
deformation of a single crystal, even after a rolling 
reduction of 70 pct, is far from uniform on a micro- 


VOLUME 221, AUGUST 1961-839 


i 
7 


Fig. 1—Microstructure and diffraction pattern of the cold- 
rolled crystal. (a) Microstructure showing the high density 
of dislocations, and the small dislocation free areas, 
X40,000. Reduced approximately 37 pct for reproduction. 
(b) Diffraction pattern of (a) showing the (111) [112] orien- 
tation. 


scopic scale. This observation is in agreement with 
the observations of Bollmann’ in pure nickel, and 
that of Bailey and Hirsch®,°in pure silver. Both of 
these authors used polycrystalline materials. The 
size of these dislocation-free domains appears to be 


very small, averaging about 0.10 ». In many instances, 


these domains are not clearly defined, and their size 
is difficult to estimate. 

2) Recovery and Polygonization. Figs. 2(a) and 
2(5) were taken from different areas of a specimen 
annealed at 550°C for 15 min. As can be seen from 
these photomicrographs, the average dislocation 
density has been considerably reduced by this low- 
temperature anneal. Many individual dislocations can 
now be resolved. Polygonized subgrains are beginning 
to form, and dislocation networks within the polygo- 
nized subgrains are clearly shown (Fig. 2(b)). There 
are still areas of very high-dislocation density where 
individual dislocations cannot be resolved. From the 
as-rolled state to the present recovered state, can- 
cellation of dislocations of opposite sign and rear- 
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Fig. 2—Microstructure 
and diffraction pattern of 
the crystal annealed 15 
min at 550°C. (a) Area 
where individual dislo- 
cations are well resolved, 
X80,000. (b) Area where 
polygonization cells are 
beginning to form, and 

| dislocation networks 
within the cells are well 
shown, X80,000. (c) Dif- 

| fraction pattern taken 

| from (a) or (5) areas. Re- 
duced approximately 25 
pet for reproduction. 


(c) ain) 


rangement of the remaining dislocations are appar- 
ently the main processes for the resulting structural 
changes. The orientation of these recovered areas 
remains unchanged from that of the deformed crys- 
tal. This is shown in Fig. 2(c). 
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(0) 
Fig. 3—Microstructure and diffraction pattern of the crys- 
tal annealed 1 hr at 550°C. (a) First appearance of a recrys- 
tallized grain (marked R), X40,000. Reduced approximately 
31 pet for reproduction. (b) Diffraction pattern showing 
orientation of the recrystallized grain R, (110) [001]; extra 
spots are from the unrecrystallized matrix showing the 
(111) [112] orientation. Both orientations have the [110] 
axis in common in the cross direction. 


3) The Beginning of Recrystallization. After a 
specimen was annealed at 550°C for 1 hr, a well- 
defined subgrain structure was formed. The overall 
dislocation density was further reduced. In very 
rare areas it was possible to find one or two recrys- 
tallized grains at their very early stages of forma- 
tion. Fig. 3(a) shows such an area, where the grain 
in the center of the picture (area marked R) has just 
begun to grow into the polygonized matrix (areas 
marked M). This recrystallized grain is shown in 
Fig. 3(8) to have a (110) orientation. As can be seen 
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(111) 
Fig. 4—Microstructure and diffraction pattern of the poly- 
gonized matrix after annealing 1 hr at 600°C. (a) Well-de- 
fined polygonized subgrains, X18,000. Reduced approxi- 
mately 47 pet for reproduction. (b) Diffraction pattern of 
(a) showing the same orientation as the deformed crystal 
(111) [112]; some spots clearly split into small distinct 
points. 


from the diffraction pattern, there are a few small 
extra spots. These extra diffraction spots indicate 
the (111) orientation of the unrecrystallized matrix. 
Such a superimposed diffraction pattern, in fact, 
very effectively illustrates the relative orientation 
relationship between the recrystallized grain and the 
polygonized matrix. These two orientations, 7.e., the 
(110) [001] of the recrystallized grain and the (111) 
[112] of the polygonized matrix, have a [110] axis in 
common, and they are related by a rotation of 35 deg 
around this [110] axis, which is parallel to the cross 


direction of the crystal. As can be seen from Fig. 3(d), 


the [110] direction is shared by both orientations. 
This is, again, in agreement with the results from 
previous texture studies.* 


*In some instances, the orientation of the recrystallized grains is not 
exactly (110), but close to it. In a few cases, planes of some other in- 
dices, including (100) [001], are observed. These are understandable 
as the orientation spread of the (110) [001] recrystallization texture 
extends over 10 to 20 deg, and small amounts of off orientations are al- 


ways present. 

The size of this recrystallized grain (it actually 
consists of several large subgrains) is about 2 x 10™* 
cm in the longest diameter, and the dislocation den- 
sity inside the grain is still fairly high. The average 
subgrain size of the polygonized matrix is approxi- 
mately 0.2 x 107* cm, and there still are local areas 
of very high-dislocation density. This is about the 
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present experiments. In contrast to the observations 
of Bollmann’ and of Bailey® on the recrystallization 
of polycrystalline nickel and silver, the growth of re- 
crystallization nuclei by boundary migration of the 
subgrains was never clearly observed in the present 
work. This is understandable, because in a deformed 
single crystal neighboring subgrains are only very 


slightly misoriented, hence the mobility of such bound- 


aries is very low. On the other hand, in a polycrys- 
talline specimen the misorientation between two 
neighboring subgrains at the old grain boundaries 
can be large, consequently such boundaries can move 
easily. 

4) The Growth of Recrystallized Grains. Upon 
annealing the deformed crystal at a still higher tem- 
perature, the polygonized structure becomes further 
well defined, and some growth of the subgrains also 
takes place. Fig. 4(a) shows a well-polygonized area 
in a specimen annealed for 1 hr at 600°C. The aver- 
age subgrain size is 0.5 x 107 cm. There has been 
no change in orientation as shown by the diffraction 
pattern taken from this well polygonized area, Fig. 
4(b). However, some of the diffraction spots have 
split into small discrete points (compare Fig. 4(d) 
with Fig. 1(6), both of which are equally enlarged 
patterns). This indicates that the continuous orienta- 
tion spread of the deformed lattice is now broken 
into discrete misoriented segments or subgrains by 
the polygonization process. 

In different areas of the same specimen, more re- 
crystallized grains were found. A typical structure 
of these partially recrystallized areas is shown in 
Fig. 5(a). The size of this large recrystallized grain 
is 8 x 10~* cm in diameter. The dislocation density 
within the recrystallized grain is much lower than 
that in the central grain of Fig. 3(a), and it was found 
to be 2 x 108 cm per cm*.* The dislocation density in 


*Corrected for the assumed randomness of the dislocation lines by 
multiplying the measured mean projected length by (4/77). Thickness of 
specimen was assumed to be 2 x 10 - Cm. 


the polygonized matrix immediately adjacent to the 


earliest recrystallized grain that could be found in the 


recrystallized grain and that of the subgrains can be 
estimated, the net available energy for growth of the 
recrystallized grain can be calculated; hence, the 
critical size of the growth nucleus can also be deter- 
mined. A similar analysis’® was given previously for 
the recrystallization of a (113) [332] crystal, which 
has a very weak tendency to recrystallize. On the 
other hand the recrystallization tendency of a (110) 
[001] crystal is very strong, and a simple recrystal- 
lization texture is formed. 

The free energy change that occurs when a recrys- 
tallized grain is formed in a strained matrix involves 
a reduction in the volume free-energy, and an addi- 
tional free energy required to form the new interface. 
Thus, the rate of growth of a recrystallized grain can 
be expressed as 


GR _ 20 


where R is the radius of growing grain, 
a is the interface mobility, 
Ag is net free energy per unit vol for growth, 
and o is the specific surface energy of the inter- 


face. 


At equilibrium, dR/dt = 0, the critical radius for 
growth will be 


Fe Ag 


This means that if the radius of the recrystallized 
grain is greater than the above value, the grain can 
grow, resulting in a decrease in the free energy of 
the system. If the radius of the recrystallized 
grain is smaller than the above value, the energy of 
the system is lower without this grain so the grain, 
theoretically, will shrink and vanish. 

The net-free energy available for growth in the 
present case can be considered as consisting of two 
terms: the energy of the dislocations and the energy 
of the subgrain boundaries. In a unit volume this can 


recrystallized grain boundary is about 100 times high- pe expressed as 


er than that within the recrystallized grain, or 2 x 
10'° cm per cm‘, Since the boundary energy of the 


TAS 


‘{a) 
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Fig. 5—Microstructure and diffraction 
pattern of a partially recrystallized area 
after annealing 1 hr at 600°C. (a) Growth 
of recrystallized grain in polygonized ma- 
trix, X20,000. Reduced approximately 50 
pet for reproduction. (0) Diffraction pat- 
tern showing orientation of the recrystal- 
lized grain, (110) [001]. 
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is the energy per unit length of dislocation 
in a random array, 


is dislocation density within subgrains in 
the polygonized matrix, 


is dislocation density in the recrystallized 
grain, 

is the subgrain boundary surface area per 
unit vol, and 


is the subgrain boundary surface energy 
per unit area. 


If the area shown in Fig. 5a is taken as an example, 
Ny = 2 x 10° cm per cm®, Ny, = 2 x 10'° cm per cm’. 
The average subgrain size as measured by the linear 
intercept method is 0.5 x 107* cm, hence the sub- 
boundary surface area per unit vol will be! 


where Ey 


av 


The specific subgrain boundary energy is calculated 
from the equation given by Read and Shockley”: 


= = 4 2 


Fs % 1, %& 
Using E,, = 10° ergs cm™ for the energy of a high- 
angle boundary in silicon-iron as given by Dunn and 
Koch,’ 6,, = 35 deg for the angular misfit between 
the recrystallized grain and the polygonized matrix, 
6 = 0.5 deg for the average misorientation between 
the subgrains,** the specific subgrain boundary en- 
ergy, Es, will be approximately 75 ergs per sq cm. 
The energy of a single dislocation in silicon-iron 
has been calculated by Dunn and Aust’® from the 
boundary curvature. With a dislocation density of 
10’, they have found the dislocation energy to be 
around 14 x 107™* ergs per cm. Bailey and Hirsch® 
have shown that after recovery the calculated dislo- 
cation energy in silver is within a factor of 2 with 
the stored energy measurements. Their formulation 
is the following*: 


*To avoid confusion with the symbols used in the present paper, 
some of the symbols in the original formulation are changed. 


d 


d 1 
- 


In2-5 


+ 243% In3) 
% 


where G is the shear modulus, b is Burgers vector, 
K = 1 for a screw, (1-v) for an edge dislocation, v is 
Poisson’s ratio, d is the radius of the stress field, 
Y is the core radius, and 7 is the separation between 
dislocations. This equation takes into account the 
interaction energy among four dislocations. If the 
interaction energy is neglected, only the first two 
terms on the right-hand side of the equation are used. 
For the present work, we take G = 8 x 1074 dyne 
cm™~?, b= av3/2, where a= 2.86 1078 cm, K= 0.83 for 
equal number of edge and screw dislocations, d = 0.5 
x 10°74 cm, the diameter of subgrains (as the upper 
limit), % = b/2, and r = 200 x 10-8 cm, the dislocation 
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energies and subsequently calculated critical radii 
are listed in the following: 


Dislocation Energy, Critical Radius, 


Eq, Ergs/cm R., cm 
Interaction Energy Neglected 4.4x10~ L710" 
Interaction Energy Among 4 
Dislocations Included 8.3 x 10~ 1.0 x 10~* 
Calculated from Boundary 
Curvature * 14x 10~ 0.65 x 10~* 


The diameter of the recrystallized grain shown in 
Fig. 5(a) is 8 x 107* cm. Comparing with the calcu- 
lated critical radius based on no interaction energy 
among the dislocations, its actual radius is approxi- 
mately 2.5 times larger. Thus, it is obvious that this 
particular grain will continue to grow. 

Comparing the results of the present investigation 
with that from a previous study on the (113) [332] crys- 
tal,'° the driving energy for recrystallization can be 
greatly different in different crystals. In the 70 pct 
cold-rolled (113) [332] crystal it was found that re- 
crystallization nuclei, having once grown to 40 x 10™4 
cm (40) in diam, had to stop their growth because of 
the lack of sufficient driving energy in the matrix. In 
the present (110) [001] crystal, the critical radius 
required for growth at the stage shown in Fig. 5(a) 
is 20 to 60 times smaller than that in the (113) [332] 
crystal. These observations indicate that the amount 
of the stored energy of cold work remaining in rolled 
Si-Fe crystals after heating to the recrystallization 
temperature varies with their initial orientation. 


SUMMARY AND CONCLUSION 


The recrystallization of a 70 pct cold-rolled (110) 
[001] crystal has been studied by the techniques of 
transmission electron microscopy. The orientation 
studies in both as-rolled and annealed specimens con- 
firm the results from previous texture analysis. Cal- 
culations of the net available driving energy for re- 
crystallization from the strain energy of the disloca- 
tions and the surface energy of subgrain boundaries 
give a critical radius for growth which is consistent 
with the experimental observations. The results of 
the present investigation, and those of a previous 
study on a different crystal, show that the driving 
energy for recrystallization can be widely different 
in crystals of different initial orientations. 
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F. Weinberg 


Measurements have been made of solute segrega- 
tion during dendritic growth by using radioactive 
solute elements and measuring the activity of den- 
drites cut from decanted specimens. This has been 
done for both lead and tin based binary alloys con- 
taining the following solute additions: Ag**°, T1?%, 
Zn®, Sb'*4, and Co™. It was found that C4/C, 
the ratio of the dendride to matrix concentration, 
was dependent on k,, the equilibrium distribution 
coefficient in the following way. Fork, <0.1, C4/C, 
~ 0.6; fork, >0.1, 0.6 <C4/C,< 1. Qualitative ob- 
servations were made of dendritic segregation, by 
using autoradiographic techniques, for the Sn + Ag} 
and Sn + TI? systems. The observations were found 
to be in general agreement with the measurements 
of Cy/C,. Autoradiographs were also obtained of 
sectioned dendriie stalks. These indicated that the 
stalks had a substructure, delineated by solute con- 
centrations along the substructure walls. A new 
dendrite growth direction <111> is reported for tin. 


SoLuTE segregation in dilute binary alloys has 
been investigated by Pfann,’ Smith, Tiller, and Rut- 
ter,? and others. They considered the case of a slow- 
ly advancing plane solid interface, and derived ex- 
pressions for the distribution of solute in both solid 
and liquid during solidification. To determine these 
expressions, they assumed no diffusion in the solid 
and either complete mixing in the liquid,’ or diffu- 
sion controlled solute movements in the liquid with- 
out any convective mixing.’ 

The present investigation considers solute segre- 
gation during dendritic growth, in which case the 
solid-liquid interface is not plane, and the growth 
rates are rapid. Segregation under these growth con- 
ditions has not been treated mathematically, because 
of the relative complexity of the system. 

It has been suggested by Chalmers,® on the basis 
of preliminary results, that an alternative to the dif- 
fusion and heat flow controlled conditions during 
growth is ‘“diffusionless” dendritic growth in which 
solid is formed with the same composition as the 
liquid. He suggests this type of growth may depend 
upon a solvent-solute relationship that permits some 
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Solute Segregation During Dendritic Growth 


solid solubility without excessive increase in internal 
energy, as is the case for solutions of tin in lead. On 
the other hand, Montariol,* and others, have shown ex- 
perimentally that some segregation does occur during 
dendritic growth in metals using etching and radio- 
active tracer techniques to indicate the concentrations 
of the solute. 

The present investigation was undertaken to deter- 
mine, both qualitatively and quantitatively, the extent 
of solute segregation associated with dendritic growth 
in a series of binary alloys, as a function of solute 
concentration. 


PROCEDURE 


The solvent materials used were Vulcan Electro- 
lytic tin (99.997 pct purity) and Tadanac lead (99.998 
pct purity). The solute materials were Zn, Sn, and 
Sb (better than 99.998 pct purity), Ag and Co (99.5 pct 
purity), and Tl (Fisher “purified” metal sticks). Ac- 
tivation of the solute metals was carried out in the 
reactor at Chalk River, Canada. 

Master alloys were prepared by induction heating 
from the radioactive solute metal and the pure sol- 
vent, under argon, in graphite crucibles. Pieces of 
these alloys were then added to the solvent to give 
the required solute concentration. 

Dendrites were grown in essentially the same man- 
ner as that described by Weinberg and Chalmers,>»® 
in which controlled orientation single crystals were 
grown dendritically in horizontal graphite boats, and 
the liquid decanted. The crystals were grown and 
decanted in an atmosphere of tank argon. Before de- 
canting, a sample of the liquid was drawn up ina 
glass tube and allowed to solidify rapidly. The orien- 
tations of the single crystals were such that <100> 
was parallel to the growth direction, and {100} in the 
horizontal plane for lead, and [110] and (110) respec- 
tively for tin. With these orientations long dendrite 
stalks formed along the bottom of the boat in the den- 
drite direction (<100> for lead and [110] for tin) 
from which secondary branches grew. Only these 
secondary branches, which grew freely in the liquid 
from the dendrite stalk to the liquid surface, were 
used in the measurements. Accordingly, effects due 
to substrates and oxides on the surface of the liquid 
need not be considered. 

In order to measure the solute concentration C, of 
the dendrites, individual dendrite stalks were cut 
from the decanted specimens, remelted, and formed 
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Fig. 1—Dependence of activity on concentration for the 
Pb + Ag!"0 systems. 


into discs weighing approximately 0.5 g. The activity 
of these discs A; was then measured using a scintil- 
lation counter for the y-emitting isotopes, and a mica 
window Anton tube geiger counter for the f -emitting 
isotopes. Periodic checks were made to ensure that 
remelting did not affect the measured activity. The 
solute concentration of the liquid matrix C, was de- 
termined from the average activity A, of four speci- 
mens, formed from the metal drawn up in the glass 
tube. These specimens had the same weight and ge- 
ometry as the dendrite specimens and were measured 
under the same conditions. 

To relate the activity measurements to solute con- 
centrations, calibration curves were obtained for 
three alloy systems, Pb + Ag’?®, Pb + Zn®, and Pb + 
T174, Disc samples similar to the dendrite samples 
were prepared for each alloy system at several sol- 
ute concentrations and the activity of these speci- 
mens measured under standard conditions. The com- 
position of the samples was determined from the 
weights of the alloy constituents. The activity was 
then plotted as a function of concentration, giving the 
results shown in Fig. 1, for the Pb + Ag’?° system. 
From the figure it is seen that the activity is propor- 
tional to the concentration. Similar results were ob- 
tained for the Pb + Zn®, and Pb + T1?°* systems, ex- 
cept that the curves did not pass through the origin. 
This was attributed to loss of solute in preparing 
the initial master alloy which would not affect the 
slope of the curve. In the case of Pb + Co, consid- 
erable difficulty was experienced in dissolving all 
the solute in the master alloy. As a result, the pro- 
portionality constant was determined by dissolving 
Co® in acid, measuring the activity of aliquots of the 
solution, and correcting for absorption in a standard 
specimen. For the remaining alloys, only two points 
on the activity -concentration curve were determined 
to evaluate the proportionality constant. 

The technique adopted for obtaining autoradio- 
graphs of dendritically grown specimens was to place 
the specimen surface in good contact with the emul- 
sion of a photographic film, expose for a sufficient 
period of time, and then develop the film in the nor- 
mal manner. Best resolution was obtained with Con- 
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trast Process Ortho film with (a B-emitting iso- 
tope) as the solute addition. For the y-emitting iso- 
topes, thin specimens (0.5 mm) were used to obtain 
satisfactory autoradiographs, the specimens being 
prepared by growing between mica plates. 

To obtain autoradiographs of individual dendrite 
stalks, sections of the decanted specimens were 
mounted in a dental compound, microtomed, and then 
exposed in the normal manner. It was established, 
by comparing autoradiographs of as-grown and micro- 
tomed surfaces of the same specimen, that micro- 
toming did not affect the resolution of the autoradio- 
graph or disturb the solute segregation. 


RESULTS AND DISCUSSION 


The observed dependence of C;/C, on C, is shown 
in Fig. 2. Allowing for the scatter of the points, the 
results indicate that: 

1) The value of C,/C, is a function of the particular 
binary system being considered and is not generally 
equal to unity. 

2) C,/C, is independent of C, in all of the alloy 
systems considered, at least over the range of con- 
centrations shown in Fig. 2. 

The scatter of the points shown in Fig. 2 might be 
a result of small variations in the growth and decant- 
ing conditions of successive tests. However, no cor- 
relation could be found between the deviation of the 
activity from the average, as a result of differences 
in dendrite size or small differences in growth rates. 
It was observed that microsegregation was present 
in both the dendrite and matrix specimens, which 
varied for different specimens. 

It will be noted in Fig. 2 for both Zn® in Sn and Pb, 
and Sn"! in Pb, that the curves are terminated at C, = 
50 ppm. For Sb?" in Pb, and Co® in Sn the curves 
terminate at a lower concentration. In all of these 
systems anomalous experimental points were ob- 
tained for values of C, below the lower limits of the 
curves, and in all cases, there appeared to be a ra- 
pid increase in C;/C, as C, decreased. For example, 
in the case of Zn® in Sn, a value of C,/C, = 3.6 was 
obtained for C, = 5 ppm. 

There were three possible explanations for the in- 
crease in C,/C, at low concentrations: 

1) The equilibrium distribution coefficient in- 
creased. 

2) There was a marked change in the segregation 
mechanism during solidification. 

3) Spurious effects not associated with the solidi- 
fication process became significant at low concen- 
trations. 

To check the first possibility, direct measurements 
were made of the equilibrium distribution coefficient 
in two systems Ag”° in Sn, and Zn® in Sn, these 
being selected because the former showed no increase 
in C;/C, at low concentrations whereas the latter 
showed a marked increase. The technique adopted 
was that described by Yue and Clark’ in which a ho- 
mogeneous alloy rod is solidified progressively from 
a solid portion at one end of the rod. In the present 
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case rods 30-cm long by 0.8-cm in diam were used, 
sealed in glass tubes in an argon atmosphere. The 
solute distribution was determined by cutting cross- 
sections of the rod 1 mm in thickness and measuring 
the activity of the section. The initial alloy concen- 
tration C, was determined from the unmelted por- 
tion of the rod. 

The results for Ag'?° in Sn are shown in Fig. 3, in 
which the relative solute concentration is plotted as 
a function of the portion solidified, for different rates 
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Fig. 2—The dependence of C,/ Cy on Cy for the alloy system indicated. 
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of solidification. The results are similar to those 
obtained by Yue and Clark for the Cu-Mg system, 
and are also similar to the curves shown by Pfann 
for the case of complete mixing in the liquid. Ac- 
cordingly, segregation in the Ag’!° in Sn system can 
be considered to be normal at this concentration (10 
ppm). The equilibrium distribution coefficient k, = 
0.03, estimated from the value of the relative solute 
concentration at the beginning of solidification for 
the slowest growth rate (2 cm per hr) curve, agrees 
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Fig. 3—The relative solute concentration of Ag! in Sn 

plotted as a function of the fraction solidified, for a rod 

progressively solidified from one end, at the rates indi- 

cated. 


(Ol 


reasonably well with the value of k, = 0.02 obtained 
from the phase diagram. 

The results for Zn® in Sn are shown in Fig. 4. 
Curves (1) and (2) are for sepcimens having C, = 88 
and 10 ppm respectively, and grown in an atmosphere 
of tank argon. Curve (3) is also for C,= 10 ppm, but 
in this case purified argon was used instead of tank 
argon as an atmosphere. The same results for Curve 
(2) were obtained using a higher purity (99.9999 pct) 
tin solvent. 

Examining the three curves, it can be seen that 
Curves (1) and (3) are similar to those obtained at 
the slow growth rates for Ag'!° in Sn, whereas Curve 
(2) is markedly different, with a peak in the concen- 
tration curve shortly after the start of solidification. 
It is clear that the anomalous behavior of Curve (2) 
is a result of a secondary effect at low zinc concen- 
trations, due to a constituent in the tank argon, since 
the effect can be eliminated by using purified argon. 
It is not clear what the effect is; possibly some of 
the Zn® was oxidized to ZnO by oxygen present in the 
argon and the ZnO segregated in a totally different 
manner than the zinc atoms. 

This effect could account for the high values of C,/ 
C, obtained in the dendrite segregation for the Zn® 
in Sn and Pb systems below C, = 50 ppm since tank 
argon was used in this case as well. To check this 
further, dendrites were grown in an all glass system 
using a purified argon atmosphere, and at C,= 10 ppm 
the value of C,;/C, was found to be the same as that 
at the higher concentrations. 

The value of k, for Zn in Sn as estimated from the 
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Fig. 4—Curves similar to the 2 cm per hr curve of Fig. 3 
for the Zn® in Sn system. The results for two initial con- 
centrations and for tank vs purified argon atmospheres 
are shown. 


phase diagram is 0.1. This compares reasonably 
with the value of 0.15 obtained from the intercept of 
Curve (1) in Fig. 4, with the ordinate axis. 

It appears reasonable to account for the high values 
of C;/C, obtained at low concentrations for Sn’? and 
Sb!*4 in Pb and Co in Sn systems, by postulating the 
presence of a secondary effect, possibly oxidation, 
due to constituents present, other than the solute and 
solvent atoms. Data was also obtained for the Co® 
in Pb system at low solute concentrations, and most 
of the values of C,;/C, were found to be greater than 
unity. Progressive solidification at slow rates in 
purified argon gave k, = 0.09 at C,= 0.5 ppm for this 
system, indicating that most of the data obtained was 
not significant, and therefore this curve was not in- 
cluded. 

The values of the effective dendrite-segregation 
coefficient C,;/C, are compared to the corresponding 
equilibrium segregation coefficient k, in Table I. 

The former values were obtained from the curves 
in Fig. 2, the latter estimated from the phase dia- 
grams given by Hansen.’ In some cases there was 
insufficient information available from the phase 
diagrams to determine k, at low solute concentrations. 
In these cases, estimates were made from tangents 
drawn to the solidus and liquidus curves at low con- 
centrations, or from estimates of the maximum 
solid solubility, if the solidus was not known. In one 
case, Sb’*4 in Sn, k, was determined experimentally 
by progressive solidification in purified argon, in 
the manner described previously. 

From the table it is clear that the value of C,/C, 
in all of the systems examined, lies between k, and 1. 
If the value of k, is less than 0.1, then C;/C, approx- 
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Fig. 5—Autoradiograph of Sn specimen containing 650 ppm 
T1*% solidified dendritically in the region A-A. 


imately equals 0.6 and is independent of k,. For val- 
ues of k, greater than 0.1, C,;/C, is greater than 0.6, 
approaching 1 as k, approaches 1. 

Qualitative observations of solute segregation in 
dendritically grown thin specimens were made using 
autoradiographic techniques. An example is shown 
in Fig. 5, from the T1®% in Sn system. This specimen 
was grown from left to right; non-dendritically at 
first, as indicated by the uniform distribution of sol- 
ute, and then dendritically from a number of nuclei. 
Solute segregation is clearly visible in the large den- 
drites, with solute concentrations along the grain 
boundaries. 

An example from the Ag’? in Sn system is shown 
in Fig. 6. In this case the specimen was a thin single 
crystal, with [110] parallel to the growth direction 
and (110) in the plane of the photograph. The entire 
specimen was grown dendritically. Solute segrega- 
tion is clearly apparent with a low-solute concentra- 
tion in the initial branches, more solute in the sec- 
ondary branches, and a relatively high concentration 
where the dendrite branches meet. 

Several decanted specimens from the T1”* in Sn 
system containing dendrite stalks were sectioned and 
autoradiographed giving the results shown in Fig. 7. 
Fig. 7(a) consists of autoradiographs of typical den- 
drite specimens, with the dendrites—in this case 
three growing from the bottom to the top of the fig- 
ure—sectioned parallel to the dendrite axis. Fig. 7(d) 
shows dendrites sectioned perpendicular to the den- 
drite axis. It can be seen in all of the autoradio- 
graphs that there is marked segregation in the den- 
drite stalks. Some of the segregation can be associa- 
ted with small secondary stalks, but the major part 
appears to be associated with a substructure in the 
dendrite, with a high concentration of solute along the 
substructure boundaries. The substructure is rela- 
tively small, and cannot be readily associated with 
either the primary or secondary branches of the den- 
drite. 


Table I. 
ko Ca /Co ko Ca/Co 
Pb+ Agi 0.04 0.65  Sn+Agi®® 0.02 0.65 
1.00 1.00 0.02 0.65 
Pb+ 0.2 0.65 Sn+ 0.1 0.65 
Pb+Sb'™* 0.5 0.85 1.6 1.2 
Pb+ 0.6 0.95 Sn+Co® ?(small) 0.55 
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Fig. 6—Autoradiograph of thin single crystal Sn specimen 
containing 50 ppm Ag*!9, solidified dendritically. 


An autoradiograph of dendrites from the Sb!‘ in 
Sn system, sectioned parallel to the dendrite axis is 
shown in Fig. 8. In this system k, = 1.6, which sug- 
gests that the highest solute concentration should be 
along the axis of the dendrite. The autoradiograph in- 
dicates that this is the case, particularly in the one 
large bent dendrite in the upper part of the autoradio- 
graph. 

In general, therefore, the results from the auto- 
radiographs in Figs. 5 to 8 are in agreement with the 
results shown in Table I, in that for systems with 
k, <1 there is a depletion of the solute in the dendrite 
stalks, and with k, > 1 there is a concentration of 
solute. The presence of a substructure in the dendrite 
stalks could account for the observation that C,/C, is 
essentially constant for small values of k,, since the 


Fig. 7—Autoradiographs of sectioned dendrites grown in 
a 450 ppm T1?% in Sn alloy, sectioned parallel to the den- 
drite axis (a), and perpendicular to the dendrite axis (>). 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


& 
4 
‘ 
4 
: 
f 
(a) 
| 
(5) 
4 


Fig. 8—Autoradiograph of a sectioned dendrite grown in 
2 ppm Sb!24 in Sn, sectioned parallel to the dendrite axis 
(the dendrite was bent during decanting). 


values of C,are the average concentrations of the sol- 
ute which includes both the depleted portions of the 
substructure and the concentrated regions at the sub- 
structure boundaries. The observation that k, < C;/C, 
<1 could also be accounted for in the same way. 

On the basis of the above results it is apparent that 
the suggestion put forward by Chalmers—that the solid 
formed during dendritic growth has the same compo- 
sition as the liquid in which it grows—is not generally 
applicable to the binary alloys considered in this in- 
vestigation. The question still to be considered is 
whether the same segregation process is operative 
during dendritic growth as in the case of the rapid 
advance of a plane solid-liquid interface. 

In considering this question, three factors enter in 
the comparison: 1) the effect of the geometry of the 
solid-liquid interface of an advancing dendrite, 2) the 
growth velocity both parallel and perpendicular to 
the dendrite axis, and 3) the effective mixing in the 
liquid during solidification. All three factors can 
only be considered in a semiquantitative way with 
the available data. At best, a comparison of the seg- 
regation processes can only be considered in gene- 
ral terms. 

1) It is quite possible that the shape of the solid- 
liquid interface of an advancing dendrite could result 
in segregation under conditions where it does not 
occur for a plane interface. According to Weinberg 
and Chalmers® the advancing tip of a dendrite consists 
of a wedge or pyramid bounded by close packed planes. 
The distribution of solute at the dendrite tip might 
be that sketched in Fig. 9, with the half-thickness of 
the solute layer increasing with the cross section of 
the wedge. In effect then, the solute-rich layer at the 
dendrite tip would be appreciably thinner than at the 
dendrite base, permitting more effective segregation 
at the tip. This condition would be stable as long as 
the dendrite continues to advance at a uniform rate. 
Since only a small portion of the melt solidifies den- 
dritically, the concentration of the liquid into which 
the dendrite is advancing can be considered to re- 
main at the initial concentration. 

2) The growth rates of dendrites grown in the pres- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


SOLUTE 


ENRICHED 


DENDRITE LAYER 


TIP 


Fig. 9—Solute concentration at the tip of an advancing 
dendrite. 


ent manner, in a direction parallel to the dendrite axis, 
is of the order of 1 cm per sec.® The rate perpendic- 
ular to the axis is not known; it could be less by a fac- 
tor of 10. At these growth rates, for a plane advanc- 
ing interface, assuming no mixing and k, = 0.1, the sol- 
ute concentration in the solid would equal that of the 
liquid when 107* to 1075 cm of the material had solidi- 
fied estimated from Ref. 2. Segregation over this dis- 
tance would not be detectable in the present measure- 
ments. For the case of extensive mixing in the liquid 
(enriched-layer thickness 6 = 107% cm), k, = 0.1, and 

a growth rate of 1 cm per sec, k,,, would be 0.999." 
This again would not be detectable. Accordingly, the 
equations developed for an advancing plane interface 
are not directly applicable to the case of dendritic 
growth. 

3) The extent of convective mixing associated with 
the advance of a vertical plane interface, without ex- 
ternal agitation, is not known. From the results shown 
in Fig. 3, it is clear that some convective mixing must 
occur, z.e., segregation is not entirely diffusion con- 
trolled, since at slow rates of growth the condition of 
complete mixing in the liquid is approached. Accord- 
ingly, in the case of dendritic growth, some mixing 
in the liquid must be assumed. 

The above considerations suggest the possibility 
that segregation during dendritic growth might occur 
by the same process as that associated with an advanc- 
ing plane interface, taking into account the difference 
in the shape of the solid-liquid interface and the extent 
of convective mixing in the liquid. 

The directions in which dendrites grow in tin have 
been reported as [110], [110] with minor [001] 
growth.® For the orientation of the specimen shown in 
Fig. 6, this would result in dendrite branches growing 
parallel and perpendicular to the edges of the speci- 
men. However, itcan be seen that many of the dendrite 
branches are inclined to the edges of the specimen. 


From the orientation of the specimen, and by measur- 
ing the angles between the different dendrite branches 


shown in Fig. 6, it has been clearly established that 
these dendrites grew in [111] and [111] directions. 
Dendrites growing in these directions were also ob- 
served in pure tin and all of the other tin-based alloy 
systems investigated. 


CONCLUSIONS 


Solute segregation occurs during dendritic growth. 
The amount of segregation is independent of the ini- 
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tial solute concentration, but is dependent, to some 
extent, on the distribution coefficient. 


Individual dendrite stalks contain a solute substruc- 


ture, delineated by high solute concentrations along 
the substructure walls. 

Consideration of the segregation processes asso- 
ciated with dendritic growth suggests that segrega- 
tion in the dendrite case is essentially the same as 
that for a plane interface, allowing for the different 
interface geometry and extent of mixing for dendritic 
growth. 
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The recovery of the initial flow stress of poly- 
crystalline iron is characterized by a) a logarith- 
mic time dependence; b) an increasing activation 
energy with increasing recovery; c) an increased 
vate and fraction of recovery with decreased tem- 
perature of deformation; and d) an increased rate 
with increased deformation. Isochronal studies of 
the recovery of single crystals revealed more 
sluggish recovery. The original flow stress of 
single crystals could be regained by recovery an- 
neals at 800° or 900°C. 


Tue great majority of the theoretical treatments 
and experimental studies of strain-hardening have 
been concerned with the close-packed lattices.’ Very 
little effort has been expended on the bcc structure so 
that the theory of work-hardening of this lattice is 
essentially nonexistent. The limited amount of expe- 
rimental data resulting from the direct studies on 
silicon-iron,? low-carbon steel,* and purified irons*~? 
does not as yet permit a detailed analysis of the 
strain-hardening. Studies concerned with the effects 
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of annealing following deformation have been few in 
number,®~!° have been somewhat limited in extent, 
and have had the disadvantage of using irons contain- 
ing a substantial impurity content. 

The present research was undertaken to augment 
the limited knowledge we have of the characteristics 
of a bcc metal as regards strain-hardening and re- 
covery from the strain-hardened state. The recovery 
of the flow stress has been employed since it was 
felt that the stress associated with the hardened state 
gives at least a fair qualitative description of the 
state of the imperfections causing the hardening. The 
study was concerned primarily with the recovery of 
flow stress following strain-hardening of polycrys- 
talline, zone-melted iron as a function of the amount 
of deformation, the temperature of deformation, and 
the time and temperature of the recovéry anneal. A 
limited investigation of the recovery of the initial 
flow stress of single crystals of this same material 
as a function of the recovery temperature was also 
conducted in conjunction with the Lambot X-ray tech- 
nique." 


MATERIAL 


The zone-melted iron used in this investigation was 
obtained through the courtesy of the American Iron 
and Steel Institute and Battelle Memorial Institute. 
The analysis, as given by the supplier indicated a 
maximum impurity content of 0.02 wt pct excluding 
those impurities listed in Table I. (The actual impu- 
rity content is very probably less than this since de- 
tection limits were considered as the amount of a 
particular impurity level.) Also listed in Table I are 
the interstitial impurity contents of the iron at various 
stages of experimental work indicating that these im- 
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Table |. Partial Analysis of Zone-Melted Iron 


Element and Content, Wt pct 


Material Carbon Nitrogen Oxygen Hydrogen 
As-received 0.001 0.0004 0.0024 0.00003 
Polycrystalline—After 0.0009 0.0003 - 
Processing 

Polycrystalline—After 0.0009 0.0003 
Strain and Recovery 

Single Crystal 0.0008 0.0003 = = 


purities were very low throughout the study. A com- 
pletely recrystallized structure of uniform, equiaxed 
grain size of 0.05 to 0.07 mm diameter was produced 
from the as-received iron by a combination of aus- 
tenitizing followed by a water quench, and several 
cold reductions at room temperature and intermediate 
recrystallization anneals at 600°C in flowing wet hy - 
drogen. 

Single crystals of the size of the test specimen 
(gage section: 0.5 mm by 5.0 mm by 32.0 mm) could 
be obtained with reasonable frequency by the follow- 
ing strain-anneal technique. A polycrystalline tensile 
specimen was strained at room temperature toa 
total of 3.4 pct strain, and was then pulled through a 
fairly sharp temperature gradient in a flowing wet- 
hydrogen atmosphere. The maximum temperature 
in the gradient furnace was 825°C and the rate of 
travel of the specimen, which was a critical factor, 
was 8.4 mm per hr. These conditions proved success- 
ful only with the first ingot of zone-melted iron used 
in this study. From a second ingot of the same com- 
position, and identical thermal and mechanical his- 
tory, with the identical strain-anneal technique, the 
authors were able to grow only a few single crystals 
out of about 75 attempts. In fact, none of the many 
variations of the strain-anneal technique employed 
was successful. It is believed that an undetectable 
variation in impurity content (either a single element 
or combination of impurities) was the cause of the 
difference in behavior. The recrystallization charac- 
teristics of purified irons are very erratic and ex- 
tremely sensitive to trace impurities.*? 

The orientations of the single crystals obtained 
from the first ingot are shown in Fig. 1. The prepon- 
derance of the surface normals from [112] to [111] 
and tensile axes from [112] to [011] suggests the 
preferential growth during the strain-anneal proce- 
dure of the (111)[112] and (112) ~15 deg from [110] 
components which are reported by Barrett’* to com- 
pose the primary recrystallization texture of cold 
rolled iron. 


EXPERIMENTAL PROCEDURE 


a) Measure of Recovery. The recovery was based 
on the evaluation of the flow stress of the iron in va- 
rious states, and, as in previous work,**~’® the frac- 
tion of residual strain hardening is defined as 


[1] 
Om % 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


fool SURFACE NORMALS foul [ool] TENSILE AXES [orl] 


Fig. 1—Orientations of single crystals of zone-melted iron. 


where R = fraction of recovery 
0, = flow stress of fully-annealed material 


Om = flow stress of strain-hardened material at 
a predetermined constant strain 


o = initial flow stress after a recovery anneal 

b) Stress-Strain Measurements. The specimens 
were strained in tension in an Amsler tensile testing 
machine employing a calibrated Mg-Al alloy load 
cell. The maximum error in stress determination 
was +0.095 kg per sq mm and the total strain was 
measured to +0.026 mm over a 32.0-mm gage length. 
The strain rate was in all cases 2.0 x 1075sec™?. 
Preliminary tests established that homogeneous strain 
could be attained up to total strains in the vicinity of 
about 20 pct, andtherefore the prestrains were limited 
to total strains of 5 and 15 pct. 

c) Temperature of Prestrain. The results of a pre- 
vious investigation?’ indicated that the temperature 
of prestrain might have more influence on the kine- 
tics of recovery than the amount of prestrain, and so 
temperatures of prestrain of 0°C and -78°C were em- 
ployed. 

The loading apparatus was so constructed that a 
vacuum vessel containing a liquid bath of the appro- 
priate temperature could be raised to immerse com- 
pletely the specimen. The temperature was measured 
by means of a calibrated copper-constantan thermo- 
couple placed approximately 0.50 in. from the surface 
of the center of the gage section of the specimen. No 
tests were performed until equilibrium of the bath 
had been attained, and both the prestrain and the 
strain after anneal were carried out at the same 
temperature. 

d) Temperature of Recovery Anneals. It was found 
that for the 5 and 15 pct prestrain employed, 550°C 
was the maximum temperature at which strained 
polycrystalline specimens could be annealed for long 
times without recrystallization. The range of recov- 
ery temperatures was therefore set at 300° to 500°C 
at 50°C increments. Strained specimens were an- 
nealed in several different non-reactive media (de- 
pending on the time and temperature combinations) 
controlled to +2°C. 

e) Recovery Study on Single Crystals. The number 
of single crystals available allowed only a limited 
study. The recovery of the initial flow stress was 
evaluated as a function of temperature for a constant 
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Table Il. Flow Stresses of Zone-Melted Iron 


Temperature Oo Oc 
Type Specimen kg permm? kg per mm? 
Polycrystalline 0 10.80 16.66 0.05 
“ Polycrystalline 0 10.80 23.80 0.15 
Polycrystalline -78 23.01 27.05 0.05 
Single Crystal 0 6.64 10.50 0.05 


annealing time of 15 hr in flowing wet hydrogen fol- 
lowing 5 pct prestrain at 0°C. It was felt that 15 hr 
should produce essentially the complete recovery 
characteristic of the temperature employed. 

f) Metallographic and X-Ray Study. In addition to 
the determination of recovery of flow stress, metal- 
lographic studies were made utilizing several previ- 
ously reported polishing and etching techniques,**~" 
in an attempt to reveal substructure. Lambot™ X-ray 
patterns (reflection) were obtained from the single 
crystals and standard back-reflection and transmis- 
sion patterns from the polycrystalline material. 


RESULTS AND DISCUSSION 


I) Recovery of Initial Flow Stress of Polycrystal- 
line Iron. a) Following 5 pct Prestrain at 0°C. None 
of the stress-strain curves obtained at 0°C showed 
any indication of discontinuous yielding. This permit- 
ted a consistent and positive evaluation of the initial 
flow stress and also indicated that the effect of car- 
bon and nitrogen pinning of dislocations, which is 
commonly believed to contribute substantially to the 
yield point, was not important for this temperature 
of straining. The average values of true flow stresses 
are given in Table II. 

The fractions of residual strain hardening (1 — R) 
are shown in Fig. 2 as a function of annealing time at 
temperatures of 300°, 350°, 400°, 450°, and 500°C. The 
resulting curves are typical of a recovery process, 
in that they show a rapid initial rate (rate = slope of 
curve) and a decreasing rate as the time at tempera- 
ture increases. At the higher temperatures at least, 
there appears to be effectively a “saturation” value 
of recovery, characteristic of the temperature, be- 
yond which the yield strength does not change signifi- 
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Fig. 3—Recovery of strain hardening of polycrystalline 
iron following 5 pct prestrain at 0°C. 
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Fig. 2—Recovery of strain hardening of polycrystalline 
iron following 5 pct prestrain at 0°C. 


cantly with time. The lack of any yield point pheno- 
menon and the constancy of interstitial content, Table 
I, indicate that the change in flow stress is a true re- 
covery process due to thermal rearrangement and 
annihilation of imperfections. 

These same data are replotted in Fig. 3 as the 
fraction (1 - R) vs time on a logarithmic scale. This 
plot indicates that the dependence of recovery on an- 
nealing time at a constant temperature may be des- 
cribed for a substantial period of time by 

[2] 


(1 -R)=b-alnt 


where (1 - R) = fraction of residual strain hardening 
¢t = annealing time 
a and b = constants which depend on tempera- 
ture 


The question of what detailed processes are occur- 
ring during recovery which can result in the logarith- 
mic relation between flow stress and time is not easy 
to answer. The dislocation movements and resulting 
structure which occur on work-hardening a bcc ma- 
terial are complex. It appears from published work 
(especially from electron transmission studies) that: 
a) a very tangled network of dislocations is produced 
on straining;>»” b) a cell structure, the walls of which 
are tangled networks of dislocations, develops with 
increasing strain;>»’ c) no substantial pileups of dis- 
locations occur;**»” d) cross-slip is very easy at 
normal temperatures;”:* e) annealing leads to a re- 
arrangement of the tangled networks of the cell walls 
into simple subboundary networks;>)” and f) the inte- 
rior of the subgrains become relatively dislocation 
free during recovery.’ 

It would be surprising perhaps if a thermally acti- 
vated process associated with such a complex pattern 
of imperfections gave any unique activation energy. 
By making the assumption of “equivalent structures” 
at the same flow stress (which is somewhat question- 
able but apparently the only one available) it is pos- 
sible to evaluate “activation energies” from the rates 
of recovery at various values of fraction of residual 
strain hardening. The rates of recovery have been 
calculated according to the differential form of Eq. 


[2] 
[3] 
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Fig. 4—The temperature dependence of the rate of recov- 
ery of strain hardening of polycrystalline iron at differ- 
ent fractions of residual strain hardening following 5 pct 
prestrain at 0°C. 


and the equation suggested by Titchener and Bever?? 


= a exp (- [4] 


Both forms give the same result and use the values 
of a and 6 calculated for each temperature by the 


least squares analysis of the data of Fig. 3. The usual 


Arrhenius type plot of ln rate for a given fraction vs 
the reciprocal of temperature is shown in Fig. 4 and 
indicates the spectrum of activation energies shown 
in Fig. 5 as a function of the fraction of recovery or 
flow stress. This is qualitatively in agreement with 
the concept of most highly strained regions recover- 
ing most easily as suggested by Kuhlmann” and Dorn 
et al.\” As recovery progresses, it becomes more 
and more difficult energetically to make an activated 
jump because of less assistance to fluctuations in 
local free energy. It is of interest to note that the 
curve of Fig. 5 is not inconsistent with a stress in- 
dependent activation energy at 100 pct recovery of 
about 67 kcal per mole, in reasonable agreement with 
the activation energy for self-diffusion of a iron.”4 
This result conforms qualitatively with a recovery 
mechanism suggested by Seeger” and developed by 
Gregory and Rowe” for recovery of hardness of Cb- 


1 pct Zr alloy. These workers postulate that recovery 
occurs by thermally activated double cross-slip which 


annihilates unlike screw dislocations. The activation 
energy for the annihilation is dependent on the length 
of the dislocation line and the separation distance and 
with a spectrum of line lengths and separation dis- 
tances, a spectrum of activation energies would be 
expected. A combination of simultaneous mechanisms 
would also result in a range of observed activation 
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Fig. 5—The activation energy for recovery as a function 
of the fraction of recovery following 5 pct and 15 pct pre- 
strain at 0°C. 


energies for recovery and a kinetic study alone will 
probably not define the mechanism of recovery. 


b) Following 5 pct Prestrain at -78°C. After strain- 
ing at -78°C, it was observed that a) there was always 
a well defined discontinuous yield during the prestrain, 


b) there was less strain hardening at this tempera- 
ture than at 0°C as measured from the slope of the 
stress-strain curve do/de, and c) there was no dis- 
continuous yield during straining after a recovery 
anneal. The occurrence of the yield point during the 
prestrain may be associated with the interstitial im- 
purity at the dislocations. The binding energy be- 
tween impurity atoms and dislocations is increased 
sufficiently by the decrease in temperature so it may 
give rise to the discontinuous yield. The lack of the 
yield point after a recovery anneal suggests that, 
even after an anneal resulting in a large decrease in 
the initial flow stress, there are still present more 
dislocations than can be effectively pinned by the 
interstitial impurities. From Harper” the density 
of dislocations at 5 pct strain would be 


p= x 0.05 = 1.25 x 10" lines per 
sq cm [5] 


It has been shown that the overall dislocation den- 
sity does not change significantly during recovery’ 
so that, assuming 1 carbon atom per atom plane in- 
tersected by the dislocation for effective pinning, a 
minimum of about 107° wt pct of C (and N) is neces- 
sary to saturate all the dislocations.”® From Table 
I, there is present a maximum of 1.2 x 107% wt pct 
total interstitial impurity which may be insufficient 
for complete saturation. 

In Fig. 6 the data obtained on recovery following 
5 pet prestrain at -78°C are compared with similar 


data following prestrain at 0°C. There is an increased 


fraction of recovery and an increased rate of recov- 
ery due to straining at the lower temperature. The 
increased fraction of recovery is not solely a mani- 
festation of the decreased strain hardening at -78°C 
but is a result of the greater flow stress change (o - 
,), aS defined in Eq. [1], during annealing following 
prestrain at -78°C. The differences in rate of recov- 
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Fig. 6—Recovery of strain hardening of polycrystalline 
iron following 5 pct prestrain at 0°C and —78°C. 
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ery, fraction of recovery, and strain hardening are Fig. 7—Recovery of strain hardening of polycrystalline 
associated with the increase in stored energy anda iron following 5 pct and 15 pct prestrain at 0°C. 
different dislocation configuration resulting from the 
low-temperature straining. Keh® has recently shown The activation energies for equivalent fractions of 
by transmission electron microscopy that low-tem- recovery are the same within experimental error as 
perature deformation results in somewhat less jog- the activation energies following 5 pct prestrain as 
gy dislocations and fewer tangled networks forming shown in Fig. 5. It might be expected that the activa- 
cell boundaries. tion energy for a given fraction of recovery would 

c) Following 15 pct Prestrain at 0°C. Some of the decrease with increasing prior strain. However, pre- 

data for recovery following 15 pct prestrain at 0°C vious studies have indicated no change™ or a very 


are shown in Fig. 7 along with similar data after 5 pct slight decrease’®** with increasing strain. It must be 
prestrain. The figure indicates that for a giventem- emphasized that comparison of the “activation ener- 
perature of anneal the increased strain results inan gies” for a given fraction of recovery is not neces- 
increase in the fraction of recovery and in the rate of sarily a meaningful comparison as the states of 
recovery during the early stages of the process, but stress, or dislocation configuration and density, are 


that an equivalent steady state fraction of recovery not the same for the same fraction of recovery after 
is reached for both strains. This type of behavior different prestrains. 

has been demonstrated previously in other met- II) Recovery of Flow Stress Other Than Initial Flow 
als,4)15,26,30,31 but an explanation is not apparent. Al- Stress. It was observed that for all annealing temper - 
though the “saturation” fraction of recovery is inde- atures considered, the greatest part of the recovery 
pendent of strain, over the range investigated, the was a recovery of only the initial flow stress. In gene- 
recovered flow stresses are not equivalent as shown _ ral, after an additional strain of a few percent during 
in Fig. 8 which also indicates that the “saturation” restraining after anneal, the stress-strain curve of 
value of the recovered flow stress decreases linearly the recovered material coincided with that for the 
with recovery temperature. Specimens treated at virgin material as shown in Fig. 9. However, after 
700°C recrystallized and had a grain size of 2 to 3 longer annealing times, especially at the higher tem- 
mm or four to five times the specimen thickness as 30 


compared to a grain size of 0.05 to 0.07 mm for all 


of the other, unrecrystallized specimens. 
25 
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iron at 400°C following 5 pct prestrain at 0°C. 
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peratures, another recovery effect became apparent 
in that this coincidence of stress-strain curves was 
obtained only at increasingly higher strains as the 
time increased. This recovery effect was evaluated 
by noting the difference in the flow stresses between 
the virgin material and the recovered material at 
some fixed total strain. The evaluation is based on 
the assumption that the maximum difference would 
be obtained for any flow stress if 100 pct recovery 
were attained. The measurement of the flow stress 
at some fixed strain was necessitated by the obser- 
vation that the recovered specimen exhibited a great- 
er coefficient of work-hardening (as indicated by the 
slope of the stress-strain curve) than the virgin ma- 
terial. Thus, the flow stress difference decreased 
as the strain increased as may be seen from Fig. 10, 
which also indicates the definition of this recovery. 
Experimentally, this recovery was measured at 15 
pet total strain for 5 pct prestrain at 0 and -78°C, 
and at 20 pct total strain for 15 pct prestrain at 0°C. 
Some typical data are shown in Fig. 1) which com- 
pares the recovery of the flow stress at 15 pct total 
strain with the recovery of the initial flow stress 
following 5 pct prestrain at 0°C. As the figure indi- 
cates, this decrease in flow stress is less advanced 
than recovery of the initial flow stress, but appears 
to follow the general kinetics of a recovery process. 
The upper two curves of Fig. 11 will obviously not 
go through the ordinate at zero time. Recovery at 
15 pct total strain was not experimentally detectable 
until the steady-state fraction of recovery of the ini- 
tial flow stress had been attained at some time great- 
er than zero. The effects of decreased temperature 
of prestrain or increased amount of prestrain are 


the same as for the recovery of the initial flow stress. 


This type of behavior fits the recovery model of 
Rowe et al. who suggest that the annihilation of un- 
like screw dislocations by cross-slip would leave a 
large number of edge dislocations perpendicular to 
the slip plane, which would not retard the initiation 
of slip, but would increase the rate of work-harden- 
ing as a result of interaction with the moving glide 
dislocations. 

The theory of work-hardening proposed by Mott 
and Hirsch** for the second-stage hardening of the 
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Fig. 11—Recovery of strain hardening of polycrystalline 
iron at 15 pet total strain compared to recovery at 5 pct 
total strain following 5 pct prestrain at 0°C. 


close-packed fcc lattice may also describe qualita- 
tively the behavior noted here. They consider that 
the jogs on glide dislocations result in hardening by 
retarding the movement of these dislocations. Recov- 
ery of the initial flow stress then would occur by the 
annihilation of jogs without a significant decrease in 
the density of dislocations. The rate of work-harden- 
ing would be high because of the greater density of 
the “forest dislocations.” For both models, the rate 
of work-hardening of a recovered material will de- 
crease, or the flow stress beyond initial yield will 
decrease, as the density of the “forest dislocations” 
is decreased. The annihilation of the “forest” might 
be expected to require long annealing times at high 
temperatures. 

III) Metallographic and X-Ray Examination of Poly- 
crystalline Specimens. Metallographic and X-ray 
examination of the polycrystalline material indicated 
that no recrystallization had taken place during any of 
the anneals following the various prestrain conditions. 
Unfortunately, no formation of substructure could be 
detected by any means. In the case of metallographic 
examination, because of the purity of the iron, no pre- 
ferential etching of the subboundaries proved possible, 
and so, even if formed, substructure would not be re- 
vealed. 

The Laue X-ray techniques also failed to detect the 
presence of substructure in that no breakup of the 
elongated Laue spots was observed. This confirms at 
least that no recrystallization had occurred during 
the recovery anneals but, because of low sensitivity 
inherent in the technique, it is far from proof that 
substructure was not formed. From recent electron 
transmission studies*’ it is expected that a well- 
defined substructure is formed as a result of the strain 
and anneal conditions of this work. 

IV) Recovery of Single Crystals. a) Flow Stress 
Measurements. Prior to prestraining, all of the as- 
grown crystals were annealed for 12 hr at 825°C. In 
addition to this anneal, specimens 3, 7, 16, 17, and19 
were subsequently annealed for 26 hr at 900°C prior 
to prestraining to determine if there was any thermal 
history effect on the recovery behavior. Specimens 
were strained 5 pct at 0°C and, unlike the polycrystal- 
line material, a discontinuous yield sometimes occur - 
red in the single crystals. The occurrence of the yield 
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point could not be correlated with any of the variables 
of orientation, thermal and mechanical history, and 
the presence of substructure. Annealing following 
prestrain was for 15 hr in flowing wet hydrogen. The 
fraction of recovery in single crystals has been plot- 
ted as a function of recovery temperature in Fig. 12, 
along with the maximum recovery exhibited by the 
polycrystalline material. If it is assumed that a 15 
hr anneal at a given temperature is sufficient to reach 
the saturation level of recovery observed in the poly- 
crystals, then the figure indicates that to attain the 
same fraction of recovery, the single crystals would 
require a higher annealing temperature than the 
polycrystals. This is not unreasonable on the basis 

of the stored energy measurements” for polycrystals 
and single crystals, and the greater complexity ex- 
pected in polycrystalline deformation. As in the case 
of the polycrystalline material, the recoverable frac- 
tion of strain-hardening observed is, over a large 
temperature range, a linear function of the tempera- 
ture of the anneal. 

For the single crystals apparently, the recovery 
may be extended to 100 pct and even more; that is, 
after 5 pct prestrain and an anneal at 800 or 900°C 
the single crystal has an initial flow stress equal to 
or less than the initial flow stress of the prestrain. 
For those crystals which did exhibit more than 100 
pct recovery, it is believed that this is not necessa- 
rily a “pure recovery” effect but may be the result 
of exceeding the conditions under which the crystals 
were initially prepared. For two of the three cases, 
the specimens were annealed for a much longer time 
(Specimen 4) or at a higher temperature (Specimen 1) 
then was employed in defining the initial state of the 
crystals. For those crystals given an additional an- 
neal at 900°C (3, 7, 16, 17, 19), the initial flow stress 
during the prestrain is less than the initial flow stress 
for those crystals annealed only at 825°C (2.79 kg per 
sq mm as compared to 3.51 kg per sq mm - resolved). 
Following this recovery study, all the crystals were 
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Fig. 13—{123} Lambot reflections from single crystals 
of iron; (a) as-grown and annealed, (5) following 5 pct pre- 


strain at 0°C, and (c) after 15 hr at indicated tempera- 
tures. 


annealed for 132 hr at 900°C and in each case tested 
the new flow stress was the lowest observed for each 
particular crystal. Therefore, it appears that the 
extraordinary anneal would return the crystal not 
only to its initial stress level, but even below it. It is 
suspected that this decrease may be associated with 
a further removal of impurities or an increase in 
subgrain size. 

When the initial state conditions are’not exceeded 
(thermally) the thermal history prior to prestrain 
has little effect on the amount of recovery attained. 
This is shown by the comparable fractions of recov- 
ery exhibited by crystals (3, 6, 19), (14, 16), and (7, 
17, 22). In addition, when the same restriction applies, 
the amount of recovery approaches but does not ex- 
ceed 100 pct. 

b) Metallographic and X-Ray Examination. Metal- 
lographic examination of each crystal in each of its 
different states again failed to reveal the formation 
of substructure. It was successful in establishing that 
no recrystallization or phase change of the crystals 
had taken place, even after annealing 132 hr at 900°C. 

The Lambot X-ray technique was somewhat more 
successful in revelaing the presence of substructure, 
even in the as-grown and annealed condition. Sever- 
al typical Lambot patterns are given in Fig. 13 which 
shows the as-grown, as-strained, and recovered 
{123} reflections for various recovery anneal tem- 
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peratures. The results of the Lambot study as em- 
ployed in this investigation can be used only asa 
qualitative indication of the presence of substructure. 

The lack of a single sharp reflection from the as- 
grown crystals showed that substructure is present 
in this condition. In this study, the presence of ad- 
ditional new substructure was detectable after an- 
nealing at a temperature of 400°C and became more 
apparent as the temperature of anneal was increased. 
That a new substructure has been formed is evidenced 
by the much shorter and sharper striae in the recov- 
ered reflection as compared to the reflection prior to 
straining. The formation of substructure in high- 
purity iron at these low annealing temperatures 
agrees with the X-ray observations of Chaudron and 
co-workers.** Unfortunately, since the subgrain size 
could not be evaluated, a quantitative correlation be- 
tween subgrain size and initial flow stress is not 
possible. 


CONC LUSIONS 


1) At a given temperature, the recovery of the ini- 
tial flow stress of polycrystalline zone-melted iron 
is a logarithmic function of the annealing time up to 
the maximum amount of recovery possible at that 
temperature. 

2) The “activation energy” for the recovery of the 
initial flow stress following 5 pct prestrain at 0°C in- 
creases as the fraction of recovery increases over 
the temperature range of 300° to 500°C. 

3) At a constant amount of prestrain, decreasing 
the temperature of prestrain increases the rate of 
recovery and the recoverable component of strain- 
hardening. 

4) At a constant temperature of prestrain, increas- 
ing the amount of prestrain increases the rate of re- 
covery but does not increase the total fraction of re- 
covery. Increased prestrain from 5 to 15 pct has 
little or no effect on the activation energy for recov- 
ery of the initial flow stress. 

5) The recovery of a flow stress other than the ini- 
tial flow stress has kinetics similar to the recovery 
of initial flow stress, but is less advanced even at the 
highest temperatures and longest times. 

6) The fraction of recovery of single crystals is 
less than that of polycrystalline material for the same 
prestrain. 
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7) Substructure is formed during annealing at tem- 
peratures as at least as low as 400°C following 5 pct 
prestrain. 
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Effect of Temperature on Yielding in Single Crystals 
of the Hexagonal Ag-Al Intermetallic Phase 


J. D. Mote, K. Tanaka, J. E. Dorn 


In an attempt to uncover the operative strain-rate- 
controlling dislocation mechanisms, specially ori- 
ented single crystals of the intermediate hexagonal 
phase containing Ag plus 33 at. pct Al were tested 
in tension over a wide vange of temperatures, Slip 
was observed to take place by the {0001} <1120> 
and {1100} <1120>mechanisms; fracture took place 
across the{ 1100} plane and twinning occurred by the 
{1012} mechanism. 

Basal slip exhibited a strong yield point over the 
vange from 77° to 450°K, the upper resolved shear 
stress having the exceptionally high value of 10,500 
psi over this entire range of temperatures, 

The critical resolved shear stress for prismatic 
slip decreased from 48,000 psi at 4.3°K to 23,000 
psi at 170°K (Region I) following which it decreased 
slowly to 21,500 psi at 475°K (Region Il); from 475° 
to 575°K (Region Ill), the critical resolved shear 
stress decreased precipitously to 2000 psi; and from 
575° to 750°K (Region IV) it decreased less rapidly 
to a low value of about 500 psi. 

Prismatic slip in Region I was probably controlled 
by the thermally activated mechanism of nucleation 
and growth of kinks in dislocations lying in Peierls 
potential troughs. In Region II for prismatic slip the 
critical resolved shear stress was shown to be de- 
termined by short-range ordering. Over all the re- 
gion for basal slip, where a strong yield-point phe- 
nomena was observed, the critical resolved shear 
stress was shown to be determined by a combination 
of Suzuki locking and short-range-order hardening. 
The precipitous decrease in the critical resolved 
shear stress with increase in temperature over Re- 
gion III was tentatively ascribed to a decrease in the 
degree of short-range ordering (or clustering) and 
also the effect of fluctuations in the degree of order. 
It is at present uncertain as to whether these or other 
possible effects are also responsible for the data ob- 
served in Region IV. 


InTEREsST in intermetallic compounds stems not 
only from their role in dispersion hardening of poly- 
phase alloy systems*"’ but equally from their poten- 
tialities for high strength, hardness, and stability 
not only at atmospheric temperatures but especially 
at elevated temperatures. As summarized in a re- 
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cent symposium of the Electrochemical Society on 
“Mechanical Properties of Intermetallic Com- 
pounds”,* most of the experimental evidence regard- 
ing the mechanical behavior of intermetallic com- 
pounds centers about the effect of temperature on 
the hardness and ductility of polycrystalline speci- 
mens. The available data reveal that the plastic be- 
havior of intermetallic compounds might be ration- 
alized in terms of the usual dislocation mechanisms 
appropriate to a solid solutions providing the addi- 
tional complexities arising from crystal structure, 
long-range ordering, short-range ordering, and de- 
fect lattices are taken into consideration. It is ap- 
parent, however, in terms of the history on a solid 
solutions, that a complete detailed mechanistic ra- 
tionalization of dislocation processes may not be 
possible until the deformation processes are studied 
in single crystals of intermetallic compounds. The 
present paper contains a preliminary report on the 
plastic behavior of single crystals of the hexagonal 
Ag-Al intermetallic phase over a wide range of tem- 
peratures. The results confirm the thesis that single- 
crystal data provide a most effective method of iden- 
tifying operative dislocation mechanisms in inter- 
metallic compounds. 


EXPERIMENTAL TECHNIQUES 


Several factors prompted the selection of the hex- 
agonal Ag-Al intermetallic phase for this preliminary 
investigation on the plastic properties of single crys- 
tals of intermetallic compounds: 

1) This phase has a wide solubility range® which 
would permit future investigations on the effect of 
composition and axial ratios on slip mechanisms. 

2) Although it undoubtedly exhibits short-range 
ordering (or clustering) this intermetallic phase is 
free from complexities arising from long-range or- 
dering.® 

3) Since the atomic radii of aluminum and silver 
are practically identical, the possible complications 
due to Cottrell locking are minimized. 

4)Whereas the dislocations on the basal planes are 
expected to dissociate into Shockley partials and are 
thus susceptible to Suzuki locking, those on the pris- 
matic planes probably remain complete. 

5) The axial ratio, being 1.61, is almost ideal, 
suggesting that short-range ordering may be almost 
spherically symmetrical. 

The present investigation was conducted exclu- 
sively with the hexagonal Ag-Al alloy containing 33 
at. pct Al. Preliminary investigations revealed 
that this alloy undergoes basal slip by the {0001} | 
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Fig. 1—Tensile stress-tensile strain diagram for basal slip. 


<1120> mechanisms, prismatic slip by the {1100} 
<1120> mechanisms, twinning by the {1012} me- 
chanism, and fracture across the {1100} prismatic 
planes. In order to investigate the basal and pris- 
matic slip, specially oriented single crystals were 
produced by the following sequence of operations: 

1) High-purity Ag (99.995 wt pct) and high-purity 
Al (99.995 wt pct) were melted under argon in an in- 
duction furnace and chill cast to produce an ingot 
of the master alloy containing the composition of 33 
at. pct Al. 

2) Sections of the above-mentioned ingot were 
placed in a graphite mold containing a spherical cavi- 
ty in which single crystal spheres about 1 in. in 
diam were grown under argon by the Bridgman tech- 
nique. 

3) The orientations of the spheres were determined 
by the Laue back-reflection technique. 

4) One set of spheres was oriented in a graphite 
mold containing a 1/4 x 1/8 in. prismatic cavity 
above the spherical receptacle to give the angles 
90 — x,, between the axis of the prismatic bar and 
the normal to the basal plane, and A,, between the 
slip direction and the axis of the bar, of about 45 deg 
each. A second set was similarly oriented for pris- 
matic slip. Oriented single-crystal bar seeds were 
produced by melting under argon a polycrystalline 
bar placed in the prismatic cavity above the oriented 
spherical seed and growing an oriented single-crys- 
tal bar from the seed. 

5) Finally, oriented single-crystal bars were 
grown using sections of the prismatic bar described 
above as seeds. 

6) Because of the unexpected high strength of the 
single crystals at low temperatures, it was necessary 
to cast polycrystalline grip sections onto the ends of 
the single-crystal bars in order to avoid necking of 
the specimen in the vicinity of the grips. Over the 
higher temperature range above about 500°K, speci- 
mens containing chemically milled gage sections were 
successfully tested. 

7) The initial orientation x, and A, of each speci- 
men was determined by the Laue back-reflection tech- 
nique to within +1 deg. 

8) Tension tests conducted below atmospheric 
temperature were carried out by complete immer- 
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Fig. 2—Schematic diagram and photograph of Luder’s band. 
(a) Schematic (b) Photograph looking normal to surface A. 


sion of the specimen in special constant tempera- 
ture baths. Tests above atmospheric temperature 
were conducted in a temperature controlled resis- 
tance furnace in air. The temperature over the 
gage section never deviated more than +1°K from 
the reported value. 

9) Axial stressed were measured to better than 
+100 psi and axial strains, obtained from a pair of 
linear differential transformers, were measured to 
a sensitivity of +0.0015 in. perin. The load-exten- 
sion diagram was autographically recorded. An 
axial strain rate of about 10~ per min was used in 
all tests. 


EXPERIMENTAL RESULTS 


A) Crystals Oriented for Basal Slip. Over the 
range of temperatures from 77° to 450°K, crystals 
oriented for basal slip exhibited exclusively sharp 
basal slip-line traces (as revealed metallographi- 
cally) which were coincident with the {0001}<1120> 
mechanism. Furthermore, within the limits of expe- 
rimental scatter, the specimens exhibited identical 
tensile stress vs tensile strain diagrams, over this 
temperature range. A typical example is given in 
Fig. 1. Several factors prove interesting: 

1) The critical resolved shear stress for defor- 
mation in this intermediate phase was about 75 to 
150 times greater than those usually observed in 
pure metal crystals. 

2) Upper and lower yield points were observed, 
the Luder’s strain having the exceptionally high value 
of € = 1.35 (see Fig. 1). 

3) A typical Luder’s band is illustrated in Fig. 2. 
Metallographic examination and back-reflection Laue 
photographs taken over the section at the front of a 
Luder’s band, revealed usual kinking due to basal 
slip. Once the band has passed a region, however, 
only a small amount of asterism was retained and 
no kinking was observed. 

4) Contrary to some opinion,’ the difference be- 
tween the upper and lower yield strength is not the 
locking stress. As the Luder’s band propagates at 
the lower yield stress, unlocking continues to take 
place at the band front. The applied stress necessary 
to propagate the band front is below the upper yield 
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Fig. 3—Fracture across an unidentified crystallographic 
plane of a specimen oriented for basal slip. 


strength because of the effects of stress concentra- 
tions arising from the geometry and from the dislo- 
cation pileups at the band front. 

5) Only a single Luder’s band formed. Once the 
Luder’s band traversed the specimen, mild strain 
hardening reminiscent of easy glide took place fol- 
lowed by a stage of more rapid strain hardening. 

6) Fracture, as shown in Fig. 3, took place by 
separation across a crystallographic plane which 
could not be definitely identified. The pole of the 
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Fig. 5—Duplex prismatic slip on specimen favorably ori- 
ented for basal slip and tested at 560°K. (@) Schematic 
(6) Photograph 
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Fig. 4—Effect of temperature on the critical resolved shear 
stress for prismatic and basal slip. 


fracture surface appeared to be 6 to 10 deg from 
the pole of the basal (0001) plane. 

7) The temperature dependence of the upper cri- 
tical resolved shear stress, Tz, the lower critical 
resolved shear stress, Tz, and the shear stress at 
fracture, Tr, for crystals favorably oriented for 
basal slip are given in Fig. 4. The data reveal that 
from 77° to 450°K these quantities are insensitive to 
the temperature. Although the crystal tested at 560°K, 
indicated by the triangular symbol in Fig. 4, was 
oriented for basal slip only, duplex prismatic slip 
took place resulting in a necking of the specimen. 

The duplex slip resulting in necking is illustrated in 
Fig. 5. The decrease of the critical resolved shear 
stress for slip on the prismatic planes with increase 
in temperature in this region will be justified in the 
next section. The fact that prismatic slip becomes 
very facile at high temperatures precluded studying 
basal slip above about 550° K. 

B) Crystals Oriented for Prismatic Slip. The effect 
of temperature on the critical resolved shear stress 
necessary to first induce slip on the prismatic plane 
is also shown in Fig. 4. For convenience of discus- 
sion, the temperature effect will be deseribed in 
terms of the four regions documented in the figure. 
Whereas the critical resolved shear stress for pris- 
matic slip is much above that for basal slip in Re- 
gions I and II, it crosses and becomes less than that 
for basal slip in Region III at about 525°K. This fact 
confirms the observation previously made that at 
560° K single crystals most favorably oriented for 
basal slip actually slip on the weaker prismatic plane. 

Typical resolved shear stress vs shear strain curves 
for each of the four regions are given in Fig. 6. 

1) Region I: Over Region I (vide Fig. 4.) the criti- 
cal resolved shear stress decreased as the tempera- 
ture increased. As shown in Fig. 6, no yield-point 
phenomena was observed in this region and fine slip 
bands were obtained exclusively due to the {1100} 
<1120> slip mechanism. Although no appreciable 
strain hardening was noted up to a shear strain of 
y = 0.22, reasonably rapid strain hardening occurred 
thereafter. The stress acting normal to the prismatic 
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for prismatic slip. 
slip traces were extremely wavy and could not be as- 


sociated with a single slip system. During the test 


in Fig. 7, decrensed the critical resolved shear stress decreased as the 
‘Wit aver: specimen was deformed as shown in Fig. 6. No frac- 
in ture took place, separation of the specimen being in- 
the duced by duplex slip resulting in necking to a point 
perature test at 4.3° K which exhibited practically over all of Region III. The strain to necking, shown 


zero ductility, the strain to fracture over Region I 
was independent of the temperature. Fracturing was 
observed to be coincident with the inception of duplex 
prismatic slip, as observed metallographically; the 
plane of fracture being the second operative slip 
plane. As expected, the strain to fracture was found 
to equal that necessary to first induce duplex slip. 

It is possible that dislocations on the first set of 
operative slip planes serve as barriers for slip on 
the second operative slip plane and thereby cause the 
dislocations on the second operative slip plane to 
pile up and coalesce thus forming the nucleus for 
fracturing. 

2) Region II: Over Region II the critical resolved 
shear stress for initiating slip was observed to be 
practically independent of the temperature as shown 
in Fig. 4. Usually a small yield point was observed 
and the specimen exhibited no strain hardening over ‘iim 
the test, as shown in Fig. 6. Slip started at a number ee 
of points along the gage section and slip spread out ; 3 ee te tone 
from such faint Luder’s bands as deformation con- 
tinued. The series of photomicrographs of Fig. 8 il- 
lustrate the spreading of slip and reveal the high 
prevalence of cross-slip from the (1100) to the (0001) 
plane in spite of the fact that the applied shear stress 
to the basal plane was zero for this orientation. Frac- 
ture took place by separation across the prismatic 
plane at a shear strain of about 0.73 and a normal 
stress of about 15,000 psi regardless of the tempera- 
ture in Region II, as shown in Fig. 7. As in the case 
of Region I, the strain to fracture was equal to that 
necessary to induce duplex prismatic slip. 

3) Region III: Over Region II the critical resolved 


shear stress for initiating prismatic slip decreased WF ee 

precipitously with increasing temperature as shown ” (b) 

in Fig. 4. The first slip bands of the {1100}<1120> pig. g_ spreading of prismatic slip in region II showing 
type to form were reasonably sharp and rather uni- cross slip to basal plane. (a) ~ X25 (6) X1000. Reduced ap- 


formly distributed. But near the end of the test the proximately 12 pct for reproduction. 
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in Fig. 7, is that necessary to induce duplex pris- 
matic slip. 

4) Region IV: Over Region IV the critical resolved 
shear stress for slip decreased slightly as the tem- 
perature was increased. Slip was so fine as to pre- 
clude detection and no strain hardening took place. 
Separation occurred by necking to a point as a re- 
sult of duplex slip over all of Region IV and the 
strain to necking was that necessary to induce du- 
plex prismatic slip. 


DISCUSSION 


The presence of a pronounced yield point over the 
entire range of temperatures where basal slip oc- 
curs must be ascribed to some strong dislocation 
locking mechanism. Two possible locking mechan- 
isms must be considered: 

1) Cottrell locking® arising principally from strain 
energy interactions between solute atoms and dislo- 
cations. 

2) Suzuki locking® due to solute atom distribution 
between the crystal proper and the stacking fault re- 
gions between the Shockley partials of dislocations 
lying on the basal planes. 

The observed yield points for basal slip cannot be 
ascribed to Cottrell locking. First, in view of the 
similarity in the atomic radii of silver and aluminum, 
Cottrell locking would indeed be very mild, whereas 
pronounced locking was observed. Secondly, Cottrell 
locking should result in thermally activated yielding 
but, in contrast, the observed yield strength was 
found to be independent ¢f the temperature, revealing 
that the operative locking mechanism is not thermally 
activatable. 

Suzuki locking qualifies in terms of the fact that it 
is an athermal mechanism. Furthermore, a strong 
yield point is observed for basal slip where the dis- 
locations are split into partials and are therefore 
Suzuki locked, whereas only a mild yield point is ob- 
served for prismatic slip where the dislocations are 
probably not split into partials and therefore not Su- 
zuki locked. The dislocations moving on the prisma- 
tic plane must constrict the Suzuki locked dislocations 
on the basal plane during the process of intersection. 
The small yield point observed for prismatic slip must 
be due to the mild pileups which occur during the con- 
striction of the Suzuki locked dislocations. 

Although Suzuki locking qualifies in terms of the 
athermal nature of the yield point and adequately des- 
cribes the yield-point phenomena observed on both 
the basal and prismatic planes, it has been shown 
that only a mild strengthening effect can be effected 
by this mechanism.’° In order to explain the remark- 
ably high yield strength observed in this alloy, one 
must invoke some additional hardening mechanism 
which can be superimposed on Suzuki locking. One 
attractive possibility is that of short-range-order 
hardening as proposed by Fisher.’! Very effective 
strengthening can be obtained by this mechanism 
and yielding cannot be helped by thermal activation. 
Consequently, a short-range-order hardened alloy 
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can give a constant high yield strength over temper- 
atures below about one-half of the melting temper- 
ature at which the order becomes frozen in. Since 
such general trends are consistent with the obser - 
vations, a more detailed inspection of the data in 
terms of short-range-order hardening is warranted. 

Up to the present, no analyses have been made on 
short-range ordering in hcp lattices. Since the axial 
ratio (c/a = 1.61) in the present example is only 
slightly less than ideal for close-packing of spheres, 
the approximations for fcc metals suggested by Cow- 
ley’? and treated further by Flinn’*»!4 might serve as 
a preliminary guide for analysis. 

Following Flinn’s example, it can be shown that 
the shear stress, 7,, necessary to cause basal slip 
is given by 


_ ay [1] 
a3 
where 
M, = mole fraction of component A, 
Mz, = mole fraction of component B, 
v = ordering energy, 


qa =the degree of order, and 
a =the lattice constant. 


Eq. [1] is identical with that given by Flinn for (111) 
slip in the face-centered cubic lattice when proper 
conversion of units is made. 

A similar calculation for the shear stress, Tp, nec- 
essary to cause prismatic slip gives 


8M Vp Oy 
1.61a°* 


Thus, by just considering short-range-order strength- 
ening, Tp ~ T}, while the observed value deduced from 
Fig. 4 is t ~2.15 7. This difference must be as- 
cribed to the difference in strain energy associated 
with slip on the prismatic and basal planes, respec- 
tively. Indeed, in a pure hexagonal metaj, such as 
Mg, the stress necessary to cause slip on the pris- 
matic plane is much larger than that needed to cause 
basal slip. A more fundamental understanding of 
why slip occurs only on certain crystallographic 
planes is needed to clarify this issue. 

An attempt was made to ascertain whether it 
might not be possible to retain the disorder intro- 
duced upon annealing at elevated temperatures by 
quenching specimens in an ice brine. The degree of 
order decreases with increasing temperature as 
given by?® 


[2] 


According to Eq. [1] or [2] such a decrease in the 
degree of order should result in a proportional de- 
crease in the critical resolved shear stress for slip. 
The results shown in Table I were obtained. Whereas 
the degree of disorder increased slightly when the 
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Table l. Effect of Quenching in an Ice Brine on the 
Critical Resolved Shear Stress for Slip at Room Temperature 


Critical Resolved Shear Stress, psi. 


Quench Temp., 
°K Basal Slip Prismatic Slip 
973 8,800 21,800 
873 9,800 22,500 
dds 10,500 
slowly cooled 10,500 22,500 


specimens were quenched from the highest tempera- 
tures, analyses based on simultaneous solution of 
Eqs.[1] and[3] revealed that it was not possible in 
this way to retain fully the equilibrium degree of 
order established at the temperature from which 
quenching was done. This result is expected in view 
of the anticipated rapidity of the ordering process, 
since only minor local atomic adjustments are re- 
quired to change the degree of short-range order. 

Since diffusion rates in metals become negligible 
below about one-half of their melting temperature, 
it might be anticipated that the degree of order frozen 
in the specimen at low temperatures corresponds to 
the equilibrium value at about 475°K. This concept 
is further verified by the fact that the critical re- 
solved shear stress remains substantially constant 
below this temperature for basal slip and prismatic 
slip in Region II. Assuming that the degree of short- 
range order at the low temperatures is frozen in at 
475° K and using the observed values of 7, over the 
locking range for the simultaneous solution of Eqs. 
[1] and [3] gives the wholly reasonable results of 
a frozen in degree of order of a@ = 0.30, and an or- 
dering energy, v = -5.3 x 107'* ergs per atom or 
-760 cal per mole. 

An attempt was also made to ascertain whether the 
disordering resulting from the motion of dislocations 
could be detected by a decrease in the critical resolved 
shear stress for slip. For this purpose the following 
experiments were performed: 


1) Specimens oriented favorably for basal slip 
were cold rolled so as to cause some plastic flow 
to occur and yet prevent Luder’s band formation. 
These specimens were then tested in tension at 
300° K. 

2) To obtain more homogeneous deformation 
throughout the volume of the material, specimens 
oriented favorably for basal slip were first com- 
pressed in the thickness direction to cause plastic 
flow and then tested in tension at 300°K. 

3) Specimens oriented favorably for prismatic 
slip were strained to a shear strain of y = 0.20 at 
77° K, unloaded and further tested in tension at 300° K. 

In all the above cases the yield stress in tension 
was found to be identical with that obtained in the 
absence of cold work. This somewhat surprising 
result suggests that some, as yet unknown, barriers 
are being formed on the active slip planes. When 
the material is deformed in a tension test following 
cold work, the original slip planes are probably no 
longer active and slip takes place on new slip planes 
on which disordering has not yet taken place. How- 
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Fig. 9—Comparison of the critical resolved shear stress 
for slip with the value calculated in terms of the equilibrium 
degree of order. 


ever, the ‘strain softening” observed in Region III 
might well be ascribed to the disordering that ac- 
companies slip. 

The precipitous decrease in the critical resolved 
shear stress for slip with increasing temperature in 
Region III arises, in part from the decreasing degree 
of order with increasing temperature. Assuming that 
the ordering energy is —760 cal per mole, and calcu- 
lating by means of Eqs.[3] and[2] the critical re- 
solved shear stress for slip under the equilibrium 
degree of order gives the broken curve shown in Fig. 
9. The observed experimental results, shown by the 
solid lines, coincide with the calculated values only 
at 475°K. Since the degree of order for temperatures 
below 475° K is believed to be that which is frozen in 
at 475°K, the observed critical resolved shear stress 
just below 475°K does not increase as rapidly with 
a decrease in temperature as that which would be 
obtained if the higher equilibrium degree of order 
were established. Above 475° K, however, the equili- 
brium degree of order must be established very ra- 
pidly. But the observed critical resolved shear 
stress in this region is below the value calculated 
from Eqs. [3] and [2]. Therefore, an additional fac- 
tor must also affect the results in Region III. Un- 
doubtedly, since diffusion occurs reasonably rapidly 
in this region, this factor involves thermal fluctua - 
tions in the degree of order and composition. Under 
a small applied shear stress, the dislocation will 
remain arrested at a point until the local degree of 
short-range order or the composition fluctuates so 
that tp calculated on the basis of Eq. [ 2] is less than 
the applied stress. Theoretical and experimental 
investigations have already been started on this 
issue. 

At present, it is not certain as to whether the 
rate controlling mechanism for slip in Region IV is 
merely an extension of that thought to be operative 
in Region III or whether some new mechanism con- 
trols the slip rate in this region. Additional investi- 
gations have been started to elucidate the rate con- 
trolling mechanism in Region IV. 

Over Region I no yield point was obtained and the 
critical resolved shear stress for slip decreased 
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with an increase in temperature, as shown in Fig. 4. 
Two models for low-temperature dislocation motion 


must be considered: 
1) The intersection of the moving dislocation with 


the forest dislocation. 

2) The nucleation and growth of kinks in disloca- 
tions lying in Peierls troughs. 

Neglecting for the present the necessary refine- 
ments to the intersection mechanism suggested by 
Basinski,'® and formulating the theory as suggested 
by Seeger,’® the shear strain rate is given by 


[5] 


where 


N = number of points per unit volume at which the 
dislocation on the slip plane contact the forest 
dislocations, 


L =the mean spacing between the forest disloca- 
tions, 


b = the Burger’s vector, 

y, = the Debye frequency, 

k =the Boltzmann constant, 

T =the absolute temperature, and 

U =the activation energy for intersection. 


When the effect of the applied shear stress on the ac- 
tivation volume is neglected, the activation energy 
can be approximated by 


U ~U, - - 7¢)Ldb 


where 


U, = the activation energy for intersection under 
zero stress, 


[6] 


T =the applied resolved shear stress, 
TG = the back stress on the slip dislocations, and 


d =the distance over which the dislocation must 
be moved to effect intersection. 


If it is assumed that the operative slip planes area 
mean distance s apart and that such slip planes con- 
tain so many dislocations that each forest disloca- 
tion threading an operative slip plane is contacted 
by a slip dislocation, then N = (1/sL?), and the re- 
duced Seeger equation can be written as 


U, - (7 - 


kT 
[7] 
Table Il 
(7, 7,) x 10-*, 
dynes/cm? 

0.060 1.14 
0.150 0.1 —1.36 
0.206 10 141 
0. 288 0.1 —1.15 
0.327 10 1.34 
0.397 0.1 —1.69 
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Consequently, an estimate of the spacing L of the 
forest dislocations can be obtained from the effect 
of the strain rate on the resolved shear stress for 
slip according to 


[8] 


if it is further assumed d ~ b. The results of a test 
conducted at 115°K in which the strain rate was 
changed periodically between 7 x 107° sec™ and 7 x 
10~* sec™ is given in Table II. These data reveal 
that L ~ 4 x 107’ cm or that the density of the forest 
dislocations is p = 1/L? ~ 6 x 10'? cm~? in the as 
grown crystal which is greater than the suggested 
limiting density of dislocations,’” p; = cm~, in 
cold-worked material. This result indicates that the 
intersection mechanism cannot account for disloca- 
tion motion in Region I. 

Considering the Peierls model and formulating the 
theory as suggested by Lothe and Hirth,'® we have 


y=pbV [9] 
where 

p = the density of dislocations on the prismatic 

plane, 

b = the Burger’s vector, 

V = the velocity of motion of dislocation, 
and 

V=fLtd [ 10] 
where 


L* = the length of the dislocation segment, 


f =the forward displacement of the dislocation 
line, and 


J =the diffusion current. 


The forward displacement of the dislocation line, 
considering the motion of screw dislocations is given 
by 


[11] 


where c and a are lattice constants. 
The diffusion current is given by’® 


7 (7 
y= (SF) 


[12] 


D = the diffusion coefficient 2 b’, 
T = the line tension of the dislocation line, 
Tp = the Peierls stress, and 


U = the activation energy for thermal production 
of a kink pair in the dislocation line of separa- 
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tion larger than the critical separation, d, ~2 CONCLUSIONS 


1) The hexagonal intermetallic phase of Ag plus 33 
The activation energy, U, is given by’® at. pct Al exhibits the following deformation and frac- 
U = - - [13] turing mechanisms: 
Us, tie Slip: a) Basal on the {0001} planes in the <1120> direc- 
Lothe and Hirth'® were able to neglect the stress de- sya 
tie b) Prismatic on the {1100} planes in the <1120> 
pendent term in Eq. [13], it is not possible to do so in dinnatiiinn 


the present consideration since the value of the applied 
stress is so large. Therefore, if Eqs.[10],[11],[12], 
and [13] are substituted into Eq. [9], one obtains 


Twinning: On the {1012} planes. 
Fracturing: a) Across the {1100} prismatic planes. 
b) Across a crystallographic plane with 
its pole 6 to 10 deg from the (0001) 


Y= 172 pole. 
2) Over the range from 78° to 450°K, the critical 
exp 2Up [14] resolved shear stress for basal slip has the almost 
constant value of 10,500 psi. The presence of a 
strong yield-point phenomenon and the athermal be- 
and ne ing and short-range-order hardening. 
— RT alny 1 [15] 3) From 4.3° to 170° K (Region I) the resolved 
" b? OT shear stress for prismatic slip decreased with an 
increase in temperature from 48,000 psi to 23,000 
Applying the results tabulated in Table II to Eq. psi, respectively. Over this region the rate of slip 
[14] one obtains for the kink length the wholly rea- is probably due to nucleation and growth of kinks in 
sonable value of w ~ 8b. dislocations lying in Peierls potential troughs. 
The kink energy, Uz, can now be calculated from 4) From 170° to 475° K (Region II) the critical re- 
the expression solved shear stress had the almost constant value of 


22,500 psi. Over this range the resolved shear stress 
[16] was believed to be determined by the degree of 
short-range order. 
° ° eae 
The major back stresses that are operative in the From (Region 
present example arise from the restraints of short- 
range order and strain energy on the slip dislocations. 
Therefore 7g is given by the critical resolved shear 
temperature on the shear stress was tentatively as- 
stress over Region II which varies linearly with T and : 
can be readily extrapolated into Region I. Hence, from cribed to the effect of temperature on short-r ae 
the previous calculation and from Fig. 4 one finds ordering, and the influence of fluctuations in degree 
‘ of order and composition on the strain rate. 


1.61 


Up = 0.194 ev . 6) Over the range from 575° to 750° K (Region IV) 
—" the critical resolved shear stress decreased slowly 
One may thus calculate Tp, from the equation from 2,000 psi to 500 psi. 
2 
Up = [17] ACKNOWLEDGMENTS 


The authors express their appreciation to the U. S. 
i.€., Tp = 6.7 x 10° dynes per sqcm ~ 1.8 x 10°?G, — Atomic Energy Commission for their support of this 
which is somewhat higher than the value normally ex- investigation. They also thank Messrs. J. Porter, F. 
pected for the Peierls stress. Wazzan, W. Barmore, C. Thompson, and Mrs. E. 

The dislocation density, p, may now be calculated = Howard for their invaluable assistance in growing the 
by use of Eq. [14] and an assumed value of L* = 107° single-crystal specimens and making chemical and 
cm. The results of such calculations give values of Laue analyses. 
the dislocation density between 107 and 10°. Although 
dislocation densities of 10° seem high, it must be 
pointed out that a slight variation in the value of the ex- REFERENCES 


i j iati j 1J, E. Dorn and C. D. Starr: Effect of Dispersions on Mechanical Properties, 
ponential term can cause a considerable variation in Relation of Properties to Microstructure ASM, Cleveland, pp. 7-94, 1953, 


the calculated densities. 2J. C. Fisher, E. W. Hart, and R. H. Pry: The Hardening of Metal Crystals by 
Precipitate Particles, Acat Met., 1953, vol. 1, p. 336 


In view of these calculations it seems that the Peierls :£. w. Hart: Theories of Dispersion Hardening, Relution of Properties to 
Microstructure, ASM, Cleveland, pp. 95-107, 1953. 


mechanism is probably the controlling deformation 4J. H. Westbrook, Te, Neemoene Properties of Intermetallic Compounds, 
; £2 John Wiley and Sons, N.Y., 1960. 
mechanism at low temperatures. However, additional 5M. Hansen: Constitution of Binary Alloys, McGraw-Hill Book Co., Inc., N.Y., 
i j i j j pp. 1-4, 1958. 
experimental work is being carried out to clarify the 6w. P. Pearson: A Handbook of Lattice Spacings and Structure of Metals and 
details of the process. Alloys, Pergammon Press, New York, pp. 261-266, 1958. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME VOLUME 221, AUGUST 1961-865 By 


7A, A. Hendrickson and M. E. Fine: Strain Aging in Ag Base Al Alloys, 
Tech. Rept. No. 1, Dept. of Met. and Mat’ls Science, The Technological Inst., 
Northwestern University, Evanston, Illinois, March 18, 1960. 
8A, H. Cottrell: Effect of Solute Atoms on the Behavior of Dislocations, Re- 
port on the Strength of Solids, London: Physical Society, p. 30, 1958. 

9H. Suzuki: Chemical Interaction of Solute Atoms with Dislocations, Sci. 
Rep. Res. Insts., Tohoku Univ., 1952, ser. A., vol. 4, p. 455. 

10H, Suzuki: The Yield Strength of Binary Alloys, Dislocations and Mechani- 
cal Properties of Crystals, John Wiley and Sons, N.Y., pp. 361-390, 1957. 

11J, C. Fisher: On the Strength of Solid Solution Alloys, Acta Met., 
1954, vol. 2, pp. 9-10 
12), M. Cowley: An Approximate Theory of Order in Alloys, Phys. Rev., 1950, 
vol. 5, p. 77. 


and Tantalite 
G. V. Jere, C. C. Patel, and V. Krishnan 


Standard free energy and standard enthalpy 
changes as a function of temperature have been cal- 
culated for the chlorination reactions of different 
oxides constituting columbite and tantalite. The 
values of standard free-energy change (AF 7p). in- 
dicate the possibility of preferential chlorination of 
different oxides but the ease of chlorination of 
columbium pentoxide at about 250°C and the chlor- 
inating tendency of columbium pentachloride in 
promoting the chlorination of tantalum and other 
metal oxides, prevent the separation of columbium 
and tantalum from other oxides and from each 
other. It is likely that low temperatures of chlor- 
ination and continuous removal of columbium pen- 
tachloride from the reaction zone may help partial 
separation of columbium from tantalum as well as 
from titanium. The standard enthaply change 
(AHT) values show that low-temperature chlori- 
nation around 300° to 500°C is likely to sustain the 
chlorination reactions without external heating. 


Co tumsium (niobium) and tantalum metals, their 
alloys and interstitial compounds are finding exten- 
sive uses in nuclear reactors and high-temperature 
equipment.’*-* These metals also find uses in chemi- 
cal process plants, electrical rectifiers and capaci- 
tors and as “getters” in electronic tubes.'* 

With the development of Kroll process of reduction 
of volatilized titanium tetrachloride by magnesium 
for the production of titanium metal, chlorine metal- 
lurgy is receiving greater attention. Chlorine metal- 
lurgy has several advantages, the foremost amongst 
them are: the ease of chloride formation, separation 
of the different constituents of minerals by selective 
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Thermodynamic Considerations in the Chlorination of 
Different Oxides Constituting Columbite (Niobite) 


chlorination, andthe reduction of the chlorides in 
vapor phase to the respective metals. Recently, Si- 
bert, Kolk, and Steinberg* have considered a number 

of methods for the preparation of columbium metal 
and the most promising is found to be the halide reduc- 
tion. Since the minerals columbite and tantalite are 
comparatively abundant in nature, the future of the 
metallurgical processes depends on the utilization 

of these minerals for the production of columbium and 
tantalum chlorides by chlorination. 

In this paper, an attempt has been made to interpret 
thermodynamically the chlorination of individual ox- 
ides constituting columbite and tantalite, with the help 
of the recent thermodynamic data.°~® For this pur- 
pose, standard free energy and standard enthalpy 
changes of the chlorination reactions of the oxides 
with chlorine, both in absence and presence of carbon 
as the reductant, have been calculated as a function of 
temperature and represented graphically. Similar 
calculations for the reactions employing carbon te- 
trachloride and carbonyl chloride as chlorinating 
agents have also been incorporated in this paper. 


REPORTED WORK ON CHLORINATION 


Cuvelliez® has patented a process for the separation 
of columbium and tantalum from their concentrate, 
wherein 75 pct Cb,0, is claimed to be chlorinated at 
1050°C in the course of 7 hr using chlorine or chlorine 
containing nonreducing gases, the products of reac- 
tion being CbCl, or CbOCl1,. At this temperature, 
Ta,O, is claimed to remain unaffected. It is further 
claimed?° that at higher temperatures, the proportion 
of Ta,O, chlorinated increases while that of Cb205 
diminishes. During the studies on the action of chlor - 
ine on individual metal oxides, Kangro and Jahn?! have 
observed that Ta,O, is not chlorinated even at 1200°C 
in the stream of chlorine, while 75 pct of Cb,O, is con- 
verted into CbOC1, around 900 to 1100°C. 

The chlorination of Cb,O, by chlorine in the pres- 
ence of carbon, investigated by Lind and Ingles,’? and 
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also by Sue,’ indicates that both CbCl, and CbOC1, 
are formed as the products of chlorination. Block'* 
has observed the total chlorination of columbium and 
tantalum oxides in tin slags in the temperature range 
of 500° to 800°C, when chlorinated by chlorine in pres- 
ence of carbon as the reducing agent, the products of 
reaction being CbOCl,, CbCl,, and TaCl,. 

Ruff and Thomas? have employed carbon tetra- 
chloride as a chlorinating agent and observed that at 
200° to 225°C, Cb,O, is chlorinated forming CbCl, 
while Ta,O, remains unaffected. In a secondary reac- 
tion, they have observed that CbCl, reacts with Ta,O, 
giving CbOCl, and TaCl,. Schafer, Bayer, and Pie- 
truck?® have chlorinated pure pentoxides with carbon 
tetrachloride and have observed that Cb,O, gets 
chlorinated at 200 to 250°C, while Ta,O, gets chlorin- 
ated only above 350°C. These observations of Ruff 
and Thomas,?> and of Schafer and coworkers?® have 
been confirmed by Atkinson, Steigman, and Hisky.'’ 
The latter authors’ have further noticed that TiO, is 
not chlorinated at 300°C by carbon tetrachloride but 
its chlorination is favored in presence of Cb,O, at 
the same temperature. Schafer and coworkers?® have 
also chlorinated Cb,O, containing TiO,, SnO,, and 
Ta,O,; with carbon tetrachloride and have observed 
that TiCl,, SnCl,, and TaCl, respectively are the 
products of chlorination along with CbCl,. 

Atkinson and coworkers”’ have carried out exten- 
sive studies on the chlorination of Cb,0,;, Ta,O,, and 
TiO, employing octachloropropane, C,Cl,, as the 
chlorinating agent. The reactions with this reagent 
have been found to be similar to those of carbon te- 
trachloride, since octachloropropane dissociates as 
follows at about 250°C and above: 


CA, CCl, + 


These authors?’ have further noted that tetrachloro- 
ethylene, C,Cl,, is not a chlorinating agent. 


MINERALOGICAL OCCURRENCE AND PRODUCTS 
OF CHLORINATION 


In more common minerals of columbium and tanta- 
lum, these elements occur almost invariably together 


as columbite and tantalite of iron and manganese, hav- 


ing the composition (FeMn)O-(CbTa),0,.1° Columbite 
and tantalite are also obtained as by-products from 
tin ores, in which the former are associated with 
Sno,.2> The average composition of tantalum and co- 
lumbium minerals of the world range as: Ta,O, 

(0.2 to 83.4 pct); Cb,0, (1.5 to 73.0 pct); TiO, (0.3 

to 48 pct); SnO, (0.5 to 21.9 pct); FeO (0.5 to 15.5 
pet), and MnO (1.2 to 3.8 pct). Only one mineral man- 
ganotantalite from Australia is known to contain 13.3 
pet of MnO. 

It may be pointed out here that the values of stand- 
ard free energy (AF 7) and standard enthalpy (AH 7) 
changes, calculated for individual oxides like TiO,, 
FeO, and Fe,O, have been useful in interpreting the 
chlorination reactions of ilmenite.’® Similarly in the 
present publication, the values of AF 7 and AH 7 
changes for the chlorination reactions of columbite 
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and tantalite have been calculated employing the indi- 
vidual oxides, constituting the minerals. Oxides con- 
sidered for the chlorination of these minerals are 
Cb,0,, Ta,0O;, FeO, Fe,O,;, TiO,, SnO,, and MnO. 

Tantalum pentoxide on chlorination gives only tan- 
talum pentachloride, which is quite stable even at 
high temperatures. Tantalum does not form an oxy- 
chloride even when tantalum pentachloride is sub- 
limed in an atmosphere of oxygen.'°* Even the recent 
work of Jenkins and Cook” does not show the cer- 
tainty of the formation of tantalum oxychloride. Co- 
lumbium pentoxide, on the contrary, gives rise to 
both columbium pentachloride and columbium oxy- 
chloride on chlorination. The pentachloride is stable 
up to 1300°C and dissociates into the metal and chlo- 
rine above this temperature.”»”? In the presence of 
excess chlorine, the dissociation reaction is likely to 
be retarded. The columbium oxychloride is converted 
into columbium pentoxide and columbium pentachlo- 
ride at high temperatures.’* For standard free-ener- 
gy calculations, the formation of TaCl,(g), CbCl,(2), 
and CbOCI,(g) have, therefore, been considered. In 
the same way, the chlorination of SnO, is considered 
to give rise to SnCl,(g). The products of chlorination 
of iron oxides are Fe,Cl,(g) and FeCl,(g) while those 
of titanium dioxide and manganese oxide are TiCl,(g) 
and MnCl, respectively. The products of chlorination 
of iron oxides and titanium dioxide have been dis- 
cussed previously.’® For the chlorination of MnO, the 
work of Kellogg may be referred to.” 

Other products of importance during the process of 
chlorination when carbon is employed as the reduc- 
tant are carbon monoxide and carbon dioxide. The 
equilibrium between these oxides has also been dealt 
with in the earlier publication.’® 


THERMODYNAMIC EQUATIONS AND CHEMICAL 
REACTIONS 


The standard free energy (AF 7) and standard en- 
thalpy (AH 7) changes of chlorination reactions, as a 
function of temperature, have been calculated by us- 
ing the following equations: 


AF} = - AaT int - [1] 
= + + 32 724 [2] 


The symbols have the usual significance. The ther- 
modynamic data employed are given in Table I. Chem- 
ical reactions that are expected to take place during 
the chlorination are given in Table II in which the 
coefficients for Eqs. [1] and [2] for the chlorination 
reactions are also included. In these calculations, 3 
moles of chlorine or its equivalent at a partial pres- 
sure of 1 atm have been employed for all the reac- 
tions. This makes possible the direct comparison of 
the various chlorination reactions, including those 
which have already been given for TiO,, FeO, and 
Fe,O, in the previous publication.*® The AFr values, 
calculated at different temperatures, with chlorine in 
the absence of a reducing agent, using Eq. [1] are 
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Table |. Thermodynamic Data 


Heat of Formation 


Free Energy of Formation 


Heat Capacity at Constant Pressure (7 = °K) 


in Cal Deg~* Mole 


CG, =a+bT—c/T’ 


Substance State 


AH? kcal per Refer- AF, , kcal per Refer- Range of Refer- 

mole at 298.1°K ence  moleat298.1°K ence a b x 10° ce x 107° Temperature °K ence 
Cc C (Graphite) - ~ - - 4.1 1.02 2.10 298 — 2300 25 
cocl, Gas —53.30 24 —50.31 24 14.51 - - - 24 
co, Gas —94.05 24 —94.26 24 10.55 2.16 2.04 298 — 2500 25 
co Gas —26.42 24 —32.81 24 6.79 0.98 0.11 298 — 2500 25 
GCL Gas —25.5 24 -15.3 24 23.34 2.3 3.6 298 — 1000 25 
ch Gas - - 8.82 0.06 0.68 298 — 3000 25 
Cb, 0, Cc —455.2 26,27 —442.9 26 21.88 28.2 298 — 800 25 
CbCl, Cc —190.6 5 - - - - 
CbCl, Gas —168.0* - ~—155.0 6 25+ 
Cc —210.2 7 31.9 2.9 7 
CbOC1, Gas —184.1 7 —174.8** 25.8 - 2.0 - 7 
Oo, Gas - - 7.16 1.0 0.4 298 — 3000 25 
Sn0, Cc — 138.8 24 —124.2 24 17.66 2.4 5.16 298 — 1500 25 
SnCl, Gas —117.9 28 —108.9 28 25.57 0.20 1.87 298 — 1000 25 
Ta,O, Cc —488.8 26, 27 —456.55 26, 27 29,2 10.0 298 — m.pt. 25 
TaCl, Cc -205.5 5 
TaCl, Gas —180.4* —168.0 6 31.6 - 1.9 8 


*Calculated from the solid values. 


**Calculated from S?,, value.’ 


+Estimated value. 


plotted in Fig. 1, while those with carbon as the re- 
ductant are represented in Fig. 2. The AF values 
with CCl, and COCI, as chlorinating agents are given 
in Fig. 3. The resultant AF 7 values of the chlorina- 
tion reactions with carbon as the reductant and chlo- 
rine as the chlorinating agent are given in Fig. 4. A 


method similar to the one reported earlier has been 
adopted to obtain the resultant AF curves for the 


chlorination of Cb,0,, Ta,O,, and SnO,.*® Similar 
overall AF? curves for TiO,, FeO, and Fe,O, have 


been included here from the earlier publication’® for 
the sake of comparison of the results. The standard 


Table Il. Coefficients for Free Energy and Heats of Reaction Equations 


The values of various coefficients given below make it possible to calculate AF rT and AHS. at different temperatures using Eqs. [1] and [2] 


Ab A Calculated Range of 

No. Reaction Aa 10 Ac x10 Temperature °K 
(A) Chlorination with Chlorine 
(a) In the absence of a reducing agent 

(1) 3/5 Cb,0,(c) + 3Cl, (g) 26/5 CbhCI,(g) + 3/2 0,(g) 72353 —7.8 -1.4 29.82 573 to 1773 

(2) Cb,0,(c) + 3Cl,(g) = 2CbOCI,(g) + 3/2 O,(g) 83163 14.00 — 13.0 2.56 108.30 573 to 1473 

(3) 3/5 Ta,O,(c) + 3C1,(g) = 6/5 TaCl, (g) + 3/2 0,(g) 75331 4.68 — 2.34 0.84 15.43 eS7stols73 
(b) In Presence of Carbon (Graphite) 

(4) 3/5 Cb,0,(c) + 3/2 C + 3C1,(g) = 6/5 CbCl, (g) 

+ 3/2 CO,(g) —68106 0.08 —7.69 — 2.13 20.65 573 to 873 

(5) 3/5 Cb,0, (c) + 3C + 3CL,(g) = 6/5 CbCI,(g) 

+3 CO (g) —3835 -1.52 -8.61 —8.01 —56.57 above 873 
(6) Cb,0,(c) + 3/2C + 3C1,(g) = 2CbOCI,(g)+3/2C0,(g) -57295 12.93 — 13.30 1.87 99.13 573 to 873 
(7) Cb,0,¢) + 3C + 3Cl,(g) = 2CbOCI,(g) + 3CO(g) 6974 11.33 — 14.30 - 4.01 21.96 above 873 
(8) 3/5 Ta,O,(c) + 3/2 C + 3CL,(g) 2 6/5 TaCl,(g) 

+ 3/2 CO,(g) —65127 3.61 — 2.24 0.15 6.25 573 to 873 
(9) 3/5 Ta,O,(c) + 3C + 3Cl,(g) 26/5 TaCl, (g) + 3CO(g) —853 2.01 — 3.15 -5.73 -71.03 above 873 
(10) 3/2 SnO,(c) + 3/2 C + 3Cl,(g) = 3/2 SnCl, (g) 
+ 3/2 CO,(g) — 105734 —4.92 — 0.88 — 7.06 65.28 573 to 873 
(11) 3/2 SnO,¢) + 3C + 3Cl, = 3/2 SnCl, (g) + 3CO(g) —41462 1.80 —12.94 —142.50 above 873 
(B) CCl, (g) as Chlorinating Agent 
(12) 3/5 Cb,0, (c) + 3/2 CCl, (g) = 6/5 CbCI, (g) 
+ 3/2 CO,(g) —28992 —2.32 —8.56 — 2.34 —47.37 573 to 873 
(13) 3/5 Ta,O,(c) + 3/2 CCl, (g) 6/5 TaCl,(g) 
+ 3/2 CO,(g) —26015 1521 -3.1 — 0.06 —61.80 573 to 873 
(C) COCI,(g) as Chlorinating Agent 
(14) 3/5 Cb,0,(c) + 3COCL,(g) = 6/5 CbCI,(g)+3C0,(g) —53810 5.0 —5.2 6.12 29.2 573 to 873 
(15) 3/5 Ta,0,(c) + 3COCI1,(g) = 6/5 TaCl, (g) +3CO, (g) —51070 8.52 2.9 8.40 16.32 573 to 873 
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enthalpy change (AH) values of chlorination reac- 
tions with carbon and chlorine, and with CCl, and 
COCI1, have been represented graphically in Figs. 5 
and 6 respectively. 


DISCUSSION 


Chlorination with Chlorine in the Absence of a Re- 
ducing Agent. The standard free-energy change val- 
ues, AF 7, for the chlorination of columbium and tan- 
talum pentoxides, as indicated in Fig. 1, are positive 
throughout the temperature range of 300° to 1500°C. 
This shows that chlorination of columbium and tanta- 
lum pentoxide by chlorine in the absence of a reduc- 
ing agent will not proceed. This finding, therefore, 
does not support the patent claims of Cuvelliez®?° 
and experimental findings of Kangro and Jahn." It 
may be pointed out here that the AF 7 values reported 
in Fig. 1 for the formation of CbOC1, from Cb,O, are 
in general agreement with the experimental findings 
of Morozov and Korshunov” and also the theoretical 
findings of Schafer and Kahlenberg.’ 

The free energy change values for the chlorination 
of FeO, Fe,0O,, and MnO by chlorine in the absence of 
a reducing agent are negative.”°> Hence, these oxides 
are likely to be chlorinated in the absence of carbon 
while Cb,0O,;, Ta,O,;, and TiO, will remain unaffected. 

Chlorination with Chlorine in the Presence of Car- 
bon. The standard free-energy change values for the 
reactions of chlorination in the absence of a reducing 
agent do not show the possibility for the chlorination 
of Cb,O,; and Ta,O,. It is, therefore, necessary to use 


140 
120;-- 
2 
« 
bed 
3 4295 +c 
+ 3 
40}— + 


tc 
Fig. 1—Standard free energy changes as a function of tem- 
perature for chlorination reactions with chlorine alone 
(for stoichiometry of the equations in all figures, refer to 
Table Il). 


a suitable reducing agent for taking up the oxygen 

from the oxides during the chlorination. It is shown 

in the earlier publication’® that carbon is the best 

reductant amongst the common reducing agents during 

the chlorination of ilmenite by chlorine. In the pres- 

ent publication, the AF and AH7 values have, there- 

fore, been calculated employing carbon as the reduc- 2 
tant and chlorine as the chlorinating agent for the 
chlorination of different oxides constituting colum- 
bite and tantalite. 

The resultant AF 7 values for the chlorination of 
Cb,0, , Ta,0, , TiO, , SnO,, FeO, and Fe,O, given in Fig. 
are all negative, showing the ease of total chlorina- 
tion of these oxides by chlorine in presence of car- 
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Fig. 4—Resultant standard free-energy changes for chlo- 
rination of different constituents of columbite and tanta- 
lite as a function of temperature with Cl, in the presence 


of carbon. 


bon at any temperature in the range of 300°to1500°C. 
Such an indication has been given by Kroll*° for the 
chlorination of columbite and tantalite. Experiments 
on total chlorination of columbium and tantalum ox- 
ides in tin slags, carried out by Block'* confirm the 


above theoretical findings. Further, the findings of 
Lind and Ingles,!? and also of Sue*® on the formation 
of both CbCl, and CbOC1, as products of chlorination 
of Cb,O,, find support from the data presented in Fig. 
4, curves 1 and 1(a). 

The curves 3, 4, 5,and6 given in Fig. 4 show that 
the AF 7 values for the chlorination of TiO,, FeO, 
Fe,0,, and SnO, respectively are more negative than 
those for Cb,O0,, curves 1 and 1(a), and Ta,O,, curve 
2. The former are, therefore, expected to be prefer- 
entially chlorinated in the presence of carbon; while 
the chlorination of Cb,0O,; and Ta,O,; can be expected 
to be relatively slow. Further, the appreciable dif- 
ference in the AF 7 values for the chlorination of the 
pentoxides of columbium and tantalum indicates the 
possibility of separation of these two elements by 
selective chlorination. But these expectations are 
not likely to hold entirely as pointed out later. 

Chlorination with Carbon Tetrachloride, Octachlo- 
ropropane, and Carbonyl Chloride. The chlorination 
reactions involving carbon tetrachloride and carbonyl 
chloride as chlorinating agents are given in Table II. 
It has already been pointed out that octachloropropane 
behaves like carbon tetrachloride in its chlorinating 
tendency. No thermodynamic data are, therefore, cal- 
culated for octachloropropane as a chlorinating agent. 
The standard free-energy and standard enthalpy 
change values, as a function of temperature for the 
chlorination of Cb,0, and Ta,O,, are given in Figs. 3 
and 6 respectively while those for TiO, and Fe,O, un- 
der identical conditions are given in Figs. 3 and 6 of 
the previous publication.'® The AF 7 values in Fig. 3 
of this paper are negative showing the ease of chlo- 
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rination of Cb,0; and Ta,O, with carbon tetrachloride 
and carbonyl chloride. The experimental findings of 
Ruff and Thomas,'® Schafer, Bayer, and Pietruck,'® 
and Atkinson, Steigman, and Hisky?’ for the chlorina- 
tion of Cb,0; and Ta,O, by carbon tetrachloride are 
in agreement with the above findings. Chlorination 

of Cb,0O,;, Ta,O,, or their minerals have not been in- 
vestigated employing phosgene. However, the AF ry 
values in Fig. 3 indicate more or less the same trend 
as that with carbon tetrachloride. Further, the stand- 
ard free-energy curves indicate the possibility of se- 
lective chlorination of Ta,O; as compared to that of 
Cb,0,. But this theoretical expectation with carbon 
tetrachloride and carbonyl chloride does not hold be- 
cause of other competing factors as indicated below. 

The investigations carried out on the chlorination 
of Cb,0;, Ta,O,, and TiO, with carbon tetrachlo- 
ride’5~'” indicate that Cb,0, has greater tendency of 
being chlorinated than that of Ta,O,; and TiO, at lower 
temperatures of 250°to350°C. This is because the 
temperatures at which chlorination commences are 
dependent on the rates of reaction and not entirely 
on the conditions of affinity. It may also be interest- 
ing to point out here that the more acidic the oxide 
in the G. N. Lewis sense, the greater the ease of its 
chlorination.’” Hence in a horizontal series of the 
periodic table, the ease of chlorination of the highest 
oxides of the transition metals increases steadily; 
while within a given group the ease of chlorination 
decreases with the rise in the at. wt. These consid- 
erations also explain the ease of chlorination of Cb,O; 
as compared to that of Ta,O,; and TiO, at lower tem- 
peratures. Further, the experimental findings of Ruff 
and Thomas,5 Schafer and coworkers,’® Atkinson and 
coworkers,’’ and also Chaigneau® show that CbCl, 
promotes the chlorination of Ta,O,; and TiO, at lower 
temperatures of 300°C, at which individually these 
oxides resist chlorination by chlorine in presence of 
carbon and also by carbon tetrachloride.’®*? From 
the above discussion it is seen that the greater ease 
of chlorination of Cb,O, and the chlorine carrying 
tendency of CbCl, prevent the preferential chlorina- 
tion of Ta,O; and TiO, and hinder the separation of 
columbium, tantalum, and titanium by chlorination 
methods. 

In dynamic methods of chlorination of mixtures of 
Cb,O, and Ta,O, in a stream of CCl,, COCI,, or chlo- 
rine in presence of carbon, if the products of chlorin- 
ation are continuously removed from the reaction 
zone, it may be possible to effect partial separation 
of the constituents at low temperatures of 250° to 
300°C for chlorination. 

Upgradation of Columbium Oxide Content by Chlo- 
rinating with Columbium Chlorides. It can be seen 
from Fig. 4 that curves 1 and 1(a) for the chlorina- 
tion of Cb,0; occupy higher positions than those of 
Ta,0,, TiO,, FeO, Fe,O,, and SnO,, showing the pos- 
sibility of chlorinating these oxides by columbium 
pentachloride or columbium oxychloride. This shows 
the possibility of upgradation of Cb,O, content of its 
minerals. A similar upgradation has successfully 
been employed by Pascaud** to remove the oxides of 
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iron, tin, and manganese from titaniferous ores by 
chlorinating them with the vapors of titanium tetra- 
chloride. There is sufficient experimental evidence 
from the work of Schafer et and Atkinson et 
showing the chlorination of other oxides by columbi- 
um chlorides. Chaigneau™ has also pointed out that 
the reaction of the following type takes place even 
around 225°C: 


Ta,0, + 5CbCl, = 2TaCl, + 5CbOCI, 


All these observations show the possibility of upgra- 
dation of the Cb,O, content of the oxides constituting 
columbite and tantalite by chlorinating them by chlo- 
rides of columbium. 

Activity Correction for Actual Conditions of Chlo- 
rination. In actual practice, it is AFp and not AF 7 
which determines the driving force of a chemical re- 
action. The relation between the two is given by the 
following equation, 


AFr = + RT1nQ [3] 


where Q is the activity quotient and RT In@ is a total 
“activity term” for products and reactants. In calcu- 
lations for standard free-energy changes, Q is usu- 
ally held at unity by assuming the activities of the 
reactants and products as unity. In such a case, AFr 
= AF;. But such is not the case in actual practice. 
For corrections, the activity term can be estimated 
from the curves given by Osborn,** Fig. 7 and Kel- 
logg,*° Fig. 1(a). 

Standard Enthalpy (AH7) Changes of Chlorination 
Reactions. The AH7 values for the chlorination of 
Cb,0,, Ta,O,;, and SnO, with carbon as the reductant 
have been represented graphically in Fig. 5. These 
exothermic values indicate the possibility of chlori- 
nation without external heating at low temperatures 
of 300°to 600°C. This finding has been confirmed by 
the experimental work of Niberlein*® who finds that 
external heating is unnecessary, once the chlorina- 
tion is started. The AH values given in Fig. 5 at 
higher temperatures indicate that the reactions will 
not be self-sustaining and will need external heating 
to maintain the desired temperatures of chlorination 
due to carbon monoxide formation. 

It was also found by Atkinson et al.’” that the rate 
of chlorination of Cb,O, with CCl, was slow at 250°C, 
but once the reaction commenced, the rate was much 
enhanced. This is obviously due to exothermic nature 
of the reactions as shown in Fig. 6. 
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Discussion: Institute of Metals Division 


Permeability and Diffusion of Hydrogen through Palladium 


M. van Swaay and C. E. Birchenall 


Trans. Met. Soc. AIME, vol. 218, pp. 285-289 


A. S. Darling (Johnson, Matthey & Co. Lid., Lab- 
oratories)— Because of its initial emphasis upon 
the production of membranes by powder metal- 
lurgy and by normal casting and rolling techni- 
ques, this paper is of considerable interest to 
those concerned with the design and application of 
industrial diffusion units. As the subsequent per- 
formances of the three grades of palladium were 
not compared in detail, it can perhaps be con- 
cluded that specific permeabilities were very 
Similar. A short table in which the absolute dif- 
fusion rates obtained by the Authors with their 
three grades of palladium were compared with 
those of other investigators'*** would, however, 
have been of particular value in view of the very 
variable results obtained with this membrane 
material. 

The Authors state early in the paper that the 
permeability of the thoriated samples decreased 
in much the same way as that of the nonthoriated 
samples. Later, they emphasize that sintered 
palladium without thoria was very susceptible to 
poisoning and did not respond as well as the other 
materials to the decontamination treatment. These 
results, which suggest that sintered membranes 
are less effective than those produced by normal 
methods, have considerable industrial implica- 
tions, and amplified experimental details would 
be very welcome. 

The results of the Authors differ in one impor- 
tant respect from those of other investigators. 
Thus, no ‘‘bleeding’’ was required to maintain a 
constant rate of diffusion, although Davis, Darling, 
and De Rosset found this to be necessary. Davis™ 
found that ‘‘bleeding’’ was necessary even when 
the hydrogen had already been purified by diffu- 
sion through a palladium tube, and it would be of 
value to know the purity of the gas stream emerg- 
ing from the purification train shown on Fig. 1 of 
the Authors’ paper. 

The Authors show that diffusion rates varied ac- 
cording to the square root of the pressure differ- 
ence providing that the palladium membrane was 
not contaminated in any way. This finding is in 
agreement with the results of those workers”*”?”**4 
who diffused their hydrogen through the membrane 
into a partly or completely evacuated system. Those 
workers who did not find this square-root law de- 
pendence did not have a partial vacuum on the down- 
stream-side of the membrane.” 

The difference between the two experimental con- 
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ditions appears to be significant, as the absolute 
diffusion rates per sq cm of diffusion area are 
lower when the square-root law dependence is not 
observed. While the effect could be attributable to 
poisoning of the membrane it is conceivable that a 
positive pressure on the downstream side of the 
membrane might influence the mechanism of dif- 
fusion. In view of the capricious behavior of pal- 
ladium, factors of this type, which are likely to in- 
fluence its industrial significance, should be care- 
fully considered. 

M. van Swaay and C. E. Birchenall (authors’ reply) 
— Our Eq. |9; may be compared with several others 
for hydrogen diffusion in palladium: 


D = 5.95 X 10° exp (-5770/R1)* 
D = 3.55 X 10°° exp (-5550/RT)* 
D = 4.3 107° exp (-5620/R7)° 


Other values are given in the literature, but in many 
cases surface poisoning may have affected the re- 
sults. 

No analysis was performed on the hydrogen gas 
stream after purification. It should be noted that 
the presence of liquid nitrogen traps near the heated 
membranes may have set up convection currents 
and provided the equivalent of ‘‘bleeding.”’ 

The question of whether a partial vacuum existed 
on the downstream side of the membrane is not clear. 
Does it imply that there is something unique about 
the permeability measured near one atmosphere 
pressure? We do not believe that there is. 

When square root pressure dependence is not ob- 
served, diffusion rates are not measured. Is ‘‘abso- 
lute diffusion rate per sq. cm. of diffusion area’’ 
equivalent to permeability ? The terminology is new 
to us. In any case we doubt very much that pres- 
sures of the order of several atmospheres can af- 
fect the mechanism of diffusion. 
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M. J. Fraser (Westinghouse Electric Corp.)—When 
presenting observations of surface microgeometry 
resulting from any given treatment such as thermal 
etching, ion bombardment, dissolution, and so forth, 


it is important to give, as completely as possible, the 
experimental conditions obtained. Without such knowl- 


edge, the observations have relatively little meaning. 
The microgeometry produced by thermal etching is 
known to be sensitive to the chemistry of the atmo- 
sphere present during the treatment. Although the 
authors specify ‘‘purified’’ atmospheres, their ob- 
servations would be more meaningful if they can give 
the composition of the atmosphere or the systems 
used to purify the gases. Further, there is always 
the possibility of active impurities coming directly 
from the furnace system. It would be helpful to know 
what type of furnace tube was employed. Were any 
other metals or ceramics present in the hot zone ? 

The observations of striated grains which are 
presented are concentrated upon six crystals. Four 
pertain to thermal etching in hydrogen ({100} within 
5 deg of the surface) and two pertain to thermal etch- 
ing in argon ({100} within 12 deg of the surface). 
X-ray analysis indicated that the predominant striae 
direction in the hydrogen-treated grains was <100>, 
while that of the argon-treated grains was <110>. It 
should be pointed out that these findings have no 
general significanee with regard to thermal etching. 
They may reflect texture components in the polycrys 
talline sample, but a simple thought experiment in- 
volving a cube intersected by a plane at a small 
angle to one face will demonstrate that any striae 
direction is possible between <100> and <110> in- 
clusive. That is, the striae direction is determined 
by the geometry of the crystal orientation relative 
to the surface plane. This might not be the situation 
where a {100} plane is very nearly coincident with 
the crystal surface or after very long times with 
larger angles, but neither of these conditions is ap- 
plicable to the present results. 

As the authors observe, surface irregularities are 
contoured by the striae traces. The sensitivity of 
contouring depends strongly on the orientation of the 
striating plane ({100}) relative to the surface. The 
nearer the coincidence, the more curved are the 


S. Floreen (International Nickel Co.)—One fairly sim- 
ple way to differentiate between embrittlement due to 
surface microcracks or due to a dislocation barrier 

effect might be to load a brittle rock salt crystal in 
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Observations on the Thermal Etching of Silicon Iron 
D. S. Hutton and W. C. Leslie 
Trans. Met. Soc. AIME, vol. 218, pp. 525-527 


Environmental Effects on the Mechanical Properties of lonic Solids with Particular Reference to the Joffe Effect 
R. J. Stokes, T. L. Johnston, and C. H. Li 
Trans. Met. Soc. AIME, vol. 218, p. 655 


striae with a given degree of surface irregularity. 
This orientation dependence of contouring sensitivity 
must be considered in comparing say Fig. 2 with 


Fig. 3. Since general undulations present in the initial 


surface should tend to be leveled as a result of the 
operation of surface diffusion or evaporation during 
thermal etching, one expects that the longer the 
treatment, the flatter, in a general sense, the sur- 
face. This is to be expected, regardless of the at- 
mosphere as long as thermal etching can occur and 
uncompensated evaporation from the specimen sur- 
face is not too strong. Therefore, it is probable that 
the argon treatment (72 hr) produced a flatter sur- 
face than the hydrogen treatment (6 hr) independent 
of any specific effects due to the two gases. 

Finally it should be mentioned that when an alloy 
whose components differ considerably in chemical 
activity is used for this type of study, one must con- 
sider the changing surface chemistry of the alloy 
during the thermal etching treatment. Silicon iron 
undergoes a compositional change at its surface 
under the conditions of the reported experiments, 
and the surface chemistry after 72 hours exposure 
will be quite different from that after 6 hours ex- 
posure. Therefore another variable must be con- 
sidered when drawing conclusions about the surface 
microgeometry. 

D. S. Hutton and W. C. Leslie (authors’ reply)— 

The experimental details requested by Dr. Fraser 
were included in the original draft of the paper, but 
were removed at the request of the reviewers for 
brevity. It is difficult for authors to reconcile these 
conflicting demands. The observations discussed in 
the paper were only incidental to another investiga- 
tion and a more extended treatment was not justi- 
fied. 

The hydrogen and argon were ‘‘purifjed’’ by pass- 
ing over copper gauze at 550°C, through P,O,, then 
over magnesium turnings at 475°C. The vertical 
furnace tube was zircon and the specimens were 
suspended by an iron wire. 

The authors did not intend to imply that the di- 
rections of the striae were significant except as an 
indication of crystal orientation relative to the sur- 


face. 


tension to some stress just below the fracture stress 
and then immerse the loaded crystal in water. Ifa 

surface film is retarding plastic flow then one should 
observe some plastic deformation of the rock salt as 
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the film is dissolved by the water. This type of effect 


has frequently been observed in studies of the effects 
of surface films on metal single crystals.’*~”° 

On the other hand, if microcracks were present 
on the surface the tensile stress should be highest 
at the roots of the cracks because of the stress-con- 
centration. Adding water might therefore cause an 
accelerated dissolution of the rock salt at the roots 
of the cracks because the stress is highest at these 
sites. In this case the rock salt should fracture when 
the microcracks have grown to a sufficient depth to 
cause brittle fracture. This type of mechanism has 
been used to account for the static fatigue failure of 


glass on exposure to environments which attack 
glass.” 

Thus two distinctly different effects aa be ob- 
served, plastic flow or stress-corrosion fracture, 
depending upon whether dislocation barriers or mi- 
crocracks are present on the surface. 


Se. N. Andrade and R. F. Y. Randall: Nature, 1948, vol. 162, p. 890. 
el 2 W. Mentor and E. O. Hall: Nature, 1950, vol. 165, p. 611. 
17_, J. Phillips and N. Thompson: Proc. Phys. Soc., 1950, ser. B, vol. 63, 


p. 839, 
18. N. Andrade and R. F. Y. Randall: Proc. Phys. Soc., 1952, ser. B, 


vol. 65, p. 443. 
°F, D. Coffin and A. L. Weiman: J. Appl. Phys., 1953, vol. 24, p. 282. 
20M, Metzger and T. A. Read: Trans. Met. Soc. AIME, 1958, vol. 212, 


p. 236. 
71R. J. Charles: J. Appl. Phys., 1958, vol. 29, p. 1549. 


Dispersion-Hardening in Binary Titanium-Copper Alloys 


D. N. Williams, R. W. Wood, H. R. Ogden, and R. I. Jaffee 


Trans. Met. Soc. AIME, vol. 218, p. 787 


D. W. Morgan, D. H. Polonis, and R, Taggart (Univer- 


sity of Washington)—Dispersion hardening in titanium- 


copper alloys is of particular interest to us in view 
of our current research activities in phase transfor- 
mations in this system. We should like to raise 
questions concerning several points in the paper. 

The flow sheet for fabrication and heat treatment 
(Authors’ Fig. 2) indicates that 0.045 in sheet is 
treated in air for a period of 30 min at 1625° F. Were 
any surface coatings used to reduce oxygen contam- 
ination at this stage? One might ask the same ques- 
tion about the 8-hr annealing at 1400°F. Contamin- 
ation during fabrication and heat treatment of such 
thin sections could be considerable without some 
protection. Although the authors state that no an- 
alyses were made, they note that contamination 
masks the distinction between base strengths of the 
different alloys. In this connection, what fabrication 
and heat-treatment procedures were used in obtain- 
ing the comparison specimens of unalloyed titanium? 
It would seem that oxygen contamination must cast 
doubt on the reliability of the proposed strength- 
mean free path relationship deduced from the data 
(Authors’ Fig. 5). 

It is usual to evaluate dispersion hardening on the 
basis of yield strength rather than ultimate tensile 
strength, and accordingly we have replotted the 
authors’ Fig. 1 to include yield strength. The yield 
strength data do not justify a discontinuity of 3 p at 
either 70° or 1000°F. Can the authors substantiate 
their conclusion 1) with additional evidence? Other- 
wise it seems that they have succeeded only in 
pointing out the possibility of a linear relationship 
between yield strength (or Uts) and the logarithm of 
the mean free path, comparable with that demon- 
strated for iron-carbon alloys (Authors’ Ref. 2). 

Work in our own laboratories has shown that the 
hardness of the phase Ti,Cu is 235 Vpn, and that of 
a 1.5 pct @t.) (2 pct wt) supersaturated solid solu- 
tion of copper in titanium is 190 Vpn. This small 
difference in hardness would suggest that Ti,Cu 
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should not be a very effective dispersion-hardening 
phase. 

D. N. Williams, R. W. Wood, H. R. Ogden, R. I. Jaffee 
(authors’ veply)—This discussion brings out some in- 
teresting points with respect to the interpretation of 
our results, and also raises some questions regard- 
ing the experimental technique. We shall consider 
the latter questions first. 

Contamination during heat treatment was prevented 
by performing all heat treatments in argon-filled 
Vycor capsules. Fabrication was done in air, with 
the usually observed scaling. Scale was removed 
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Fig. 7—Two methods of representing room temperature 

tensile-strength data as determined by least squares 


approximation. 


before heat treatment. Unalloyed titanium, fabricated 
in the same manner, showed properties indicating no 

significant contamination. The properties of unalloyed 
titanium are reported in the paper. 

The highest copper content alloys showed tensile 
strengths at equivalent dispersion distributions ap- 
proximately 8 ksi higher @t room temperature) than 
the lowest copper content alloys. The lowest copper 
content alloys were approximately 30 ksi stronger 
than the unalloyed base. The difference in the alloys 
may be partially due to contamination, perhaps re- 
sulting from some impurity in the copper melting 
stock. However, the much greater difference between 
the alloys and unalloyed titanium is hardly attribut- 
able to this source. 

Although yield strength is more often used than 
ultimate strength to measure dispersion hardening, 
the scatter in our yield-strength results was quite 
high, and the use of these results was, in our opinion, 
less reliable than the use of tensile strength. 


H. Herman and M. E. Fine (Northwestern Univer- 
sity)—The author is to be complimented on the qual- 
ity and completeness of his work. Of special interest 
to us was the exponent of time in the exponential rate 
equation, m = 0.28 + 0.03, since it is consistent with 
results for the early stage of quench-aging in Al-2 
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Precipitation Processes in Copper-Rich Copper-lron Alloys 
A. Boltax 
Trans. Met. Soc. AIME, vol. 218, p. 812 


The principal suggestion made in the discussion 
relative to the interpretation of the results is that 
the data can be as well represented by a straight line 
relationship when plotting strength vs log mean-free 
path as by the curve we presented. To illustrate that 
this is untrue, we have submitted the tensile-strength 
data at room temperature to a least squares analysis. 
First, it was assumed that all 27 points could be 
represented by a single straight line. The resulting 
curve is shown in Fig. 6 (solid line). The sum of the 
squares of the residual errors was 754.6 (ksi*). 
Next, it was assumed that the data were represented 
by two straight lines, one holding for mean-free 
paths between 1 and 3 (0 to 0.48 on the log scale) 
and one from 3 to 10 p (0.48 to 1.0 on the log scale). 
This curve is shown by a dashed line in Fig. 6. The 
sum of the squares of the residual errors for the 
dashed curve was 542.1. This would indicate that the 
second curve is more probable. The slight downward 
Slope of the curve at higher values of mean-free path 
would appear to result from the difference in base- 
strength between 4, 6, and 8 pct Cu alloys. Since the 
lower copper alloys tend to show higher mean-free 
paths, the curve would be depressed in this region. 
For this reason, we have drawn the curve as shown 
in the paper. 

Although not specifically mentioned in the discus- 
sion or the paper, it should be noted that a reason- 
ably good correlation of these data exists when 
strength is plotted vs the reciprocal of the mean- 
free path. This form of plotting is suggested by the 
Orowan theory of dispersion hardening. 

The suggestion that the low strength of the Ti-Cu 
compound may explain its relative ineffectiveness in 
dispersion hardening of titanium is interesting. How- 
ever, two factors prevent us from readily accepting 
this suggestion. First, we question whether the hard- 
ness measurement given truly represents the strength 
of the compound. It seems unusually low. Second, we 
have not yet seen a clear demonstration that the 
strength of the dispersed phase is a significant fac- 
tor in dispersion hardening. A considerable amount 
of data now exists that suggests that the effective- 
ness of dispersion hardening decreases as the strength 
of the matrix increases. Our results would tend to 
support such a conclusion. We would suggest that the 
high hardness reported for the matrix of Ti-Cu al- 
loys may be more significant than the low hardness 
reported for the compound. 


at. pet Cu, » = 1/3, first determined in this labora- 
tory.** In that work we attributed the early kinetics 
to attraction of vacancy - solute atom complexes to 
the plate-shaped zone due to the strain field about 
the zone and the lowering in free energy. 

To our knowledge, Hirano et al.** were the first to 
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propose that dislocation loops (formed from cluster- 
ing vacancies) could nucleate a new phase. This is a 
very interesting and important suggestion, but does 
not appear to be the case for Al-2 at. pct Cu, since 
the chief dislocation structure from the quenching 
are helixes rather than loops as found recently by 
electron-microscopy.* Furthermore, Panseri and 
Federighi** have recently shown that the number of 
growing zones in quenched Al-4.4 at. pct Zn appear 
to be independent of the quenching temperature, 7. é. 
independent of the density of any dislocation loops 
which may be present. 

For the case of the Cu-rich Fe alloys studied by 
Boltax there may be even less reason to expect the 
loops to act as nuclei. The defects which form due 
to the quench will probably not be stable for very 
long at 400°C, which is the highest aging tempera- 
ture used by Boltax obeying his kinetic law. Hirano 
et al.** found a heat evolution at about 200° to 250°C 
during isochronal annealing of quenched pure Cu and 
Al, which they attributed to ‘‘resolution’’ of disloca- 
tion loops. The degree of influence of alloying on the 


stability of these dislocations, however, is not known. 


Also, one must be concerned with the orientation of 
the defect configuration with reference to the mor- 
phology of the precipitate. 

For the 400°C aging Boltax finds excellent linear- 
ity in the time law plot for 10,000 min (almost seven 
days). If the dislocation loops act as sites of nuclea- 
tion it is not clear why the kinetics should conform 
to n = 1/3 for so long. 

On the basis of these points, we wish to suggest an 
extension of the idea proposed in our Al-Cu paper; 
that is, the kinetics are due to an interaction between 
solute atoms and the coherent precipitate. 

A. Boltax (author’s reply)—The author wishes to 
express his appreciation to Mr. Herman and Profes- 
sor Fine for their interesting discussion. Two of 
the points mentioned in the discussion will be exam- 
ined; first, the question of nucleation and second, the 
kinetics of precipitation. 


Herman and Fine’s suggestion that dislocation loops 


do not act as nuclei in Cu-Fe alloys because they 
would not be stable for a long time at 400°C may not 
be the case if all of the nucleation takes place during 
the first stages of aging or even during the quench 
from the solution temperature. In the kinetic model 
described in the paper, it was assumed that the num- 
ber of nuclei depends on the defect structure and thus 
the solution temperature. An experiment of the type 
performed by Panseri and Federighi** would be use- 
ful in checking this assumption. 

With respect to the explanation for the observed 
kinetics of precipitation, the mechanism suggested by 
Herman and Fine is reasonable and would be expected 
to be important in systems where there is a con- 
siderable strain field associated with coherent par- 
ticles. In systems where the lattice misfit between 
the coherent particles and the matrix is small, such 
as in the Cu-Fe system, a low level of coherency 
strain would be expected. In such cases, the defect 
which nucleated the particle, such as a dislocation 
loop, may exert a larger strain field than that due to 
coherency. Under these conditions the kinetics could 
be attributed to the interaction between dislocation 
loops and solute atoms. With regard to Cu-Fe alloys, 
it is difficult to evaluate whether or not the loops 
would remain stable for 10,000 min at 400°C, since 
little is known about the stability of dislocation loops 
when they are pinned by a cluster of solute atoms. 

The author was not aware of the paper by Hirano 
et al.*” and is grateful to Herman and Fine for bring- 
ing it to his attention. Finally, one correction should 
be noted in Eq. [15] which should be changed as fol- 
lows: 


[15] 


nK= ine... 


“tC. Chiou, H. Herman, and M. E. Fine: AJME Trans. Met. Soc., 1960, vol. 
218, p. 299. 
“*K, Hirano, Y. Takagi, and H. Maniwa: J. Phys. Soc. Japan, 1955, vol. 10, 
p. 587. 

“3G. Thomas and M. J. Whelan: Phil. Mag., 1959, vol. 4, p. 511. 

“*C. Panseri and T. Federighi: Acta Met., 1960, vol. 8, p. 217. 

“Sk, Hirano, H. Maniwa, and Y. Takagi: J. Phys. Soc. Japan., 1955, vol. 10, 
p. 909. 


The Role of Stress in Hydrogen Induced Delayed Failure 


E. A. Steigerwald, F. W. Schaller, and A. R. Troiano 
Trans. Met. Soc. AIME, vol. 218, p. 832 


D. N. Williams (Battelle Memorial Institute)— The 
authors have presented an extensive collection of 
arguments pertaining to the role of stress in hydro- 
gen embrittlement. The basic assumption of these 
arguments is that stress is essential as a driving 
force for diffusion of hydrogen. However, in view 

of the rapid diffusion rate of hydrogen in steel at 
low temperatures as evidenced by the ability to alloy 
with hydrogen by electrolytic charging, it seems un- 
likely to me that stress acts in this manner. Instead, 
I would like to suggest that stress may be essential 
for the nucleation of hydrogen in steel. I believe that 
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such an assumption would equally well satisfy the 
experimental data presented by the authors. 

I should also like to comment on the interpreta- 
tion of the data presented in Figs. 5 and 6. Fig. 5 
shows the effect of hydrogen content on ductility ina 
rupture test. The curve as drawn by the authors in- 
dicates an abrupt transition from ductile to brittle 
behavior at about 0.001 amp per sq in. ( ppm). The 
data points would equally well support a gradual 
transition from ductile to brittle behavior extending 
over the range from 0.0008 to 0.02 amp per sq in. 

(4 to 8 ppm). A gradual transition would be the ex- 
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pected behavior. If a gradual transition is assumed, 
the scatter of the data points in Fig. 6 might well be 
a result of the failure to include hydrogen content as 
a significant variable. I would be interested in learn- 
ing whether points to the right of the calculated 
curves in Fig. 6 tend to be lower in hydrogen content 
than those to the left. 

Also, I would appreciate further comment by the 
authors relative to certain data in Table Iand in Fig. 
10. The data in Table I are representative of one 
material annealed for slightly different times at 
300°F. If Ihave read the authors correctly, the 
stress level designated ‘‘A’’ is below the lower 
critical stress in each case. If so, one must assume 
that annealing has a tremendous effect on the value of 
the lower critical stress since it varied in these six 
cases from about 80 ksi to about 160 ksi. However, 
the authors have disregarded the apparently major 
effect of heat treatment in their discussion of the 
effects of strength level (p. 838) and have related 
lower critical stress variations directly to strength 
level (See Fig. 10). No importance is attached to the 
heat treatments required to reach these strength 
levels. These treatments are, I believe, of greater 
significance than the strength levels. Along this same 
line, an adjustment of lower critical stress for 
changes in yield strength, such as has been made in 
Fig. 11, is not justified if it is heat treatment rather 
than strength level which is significant. The scatter 
of the data points in Fig. 11 is too great to permit a 
choice between the corrected and uncorrected curve. 

Finally, I would like to emphasize a point which 
has probably not been adequately stressed in this 
paper. That is that most theories of hydrogen em- 
brittlement would result in the same basic equations 
presented by the authors, although the significance 
attached to the various constants might be quite dif- 
ferent. Agreement between theory and observation of 
the type presented in this paper cannot be taken as 
evidence that the theory is correct. It shows only 
that the theory is feasible. 

E. A. Steigerwald, F. W. Schaller, and A. R. Troiano 
(authors’ reply)—Our basic assumption in the delayed 
failure work is that the diffusion of hydrogenis stress- 


induced. This reasoning, of course, is supported not 
only by the present paper but by several previous 
publications”” which indicate that the delayed failure 
is reversible with reference to stress and which show 
that strain aging and yield point phenomena (whichare 
caused by stress-induced diffusion) can occur as a 
result of hydrogen. We do not understand what Dr. 


Williams means by nucleation of hydrogen. 
We do not agree with the discussor’s interpretation 


of the data in Fig. 5. The curve as he proposes it 
would be extremely biased (2 points above the line 
and 7 points below). In addition, subsequent data, 
including V-notch Charpy tests, have produced fur- 
ther support of the relationship as presented in 
Fig. 5. 

In reference to the comments on Fig. 6, the hydro- 
gen content was constant in this series of curves. Of 
course, if this were not true, the comparison pre- 
sented would have no meaning and Eq. 3 would not 
apply. 

The data in Table I were obtained from several 
different baking times. These baking time variations 
produced different average hydrogen contents, and 
hence variations in lower critical stress. The pur- 
pose of Table I is to show that grouping of hydrogen 
did occur below the lower critical stress for several 
different values of the lower critical stress. It should 
be emphasized that the specimens were baked at 300°F 
after charging, and not annealed, to produce the hy- 
drogen content. The use of the term ‘‘annealed’’ by 
the discusser is misleading and inaccurate. This 
baking treatment had no influence on the strength 
level of the uncharged steel which had been previ- 
ously tempered at 750°F. The continued reference 
to the influence of the 300 °F baking treatment on the 
strength level of the steel is confusing and completely 
irrelevant. In view of this, the discussor’s comments 
that heat treatment rather than strength level is the 
critical variable have no pertinence to the discussion. 

We regret that we cannot visualize how ‘‘most 
theories of hydrogen embrittlement would result in 
the same basic equations.’’ We would be pleased to 
examine the discussor’s rationalization of this state- 
ment. 


A Study on the Texture Formation in Rolled and Annealed Crystals of Silicon Iron 


Hsun Hu 


Trans. Met. Soc. AIME, vol. 221, p. 130 


C. G. Dunn (General Electric Research Labora- 
tory)—Dr. Hu’® has obtained a number of rolling and 
annealing texture results that partly agree with those 
of Dunn?” and Dunn and Koh’?® for experiments of a 
Similar nature. I would like to discuss some of the 
points of agreement as well as some of disagreement 
and then present some unpublished data as a contri- 
bution to the work on textures. 

Firstly, there is agreement on the components pro- 
duced during a 70 pct cold-rolling reduction of a (110) 
[001] single crystal; there is agreement on the forma- 
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tion of a (110) [001] recrystallization texture provided 
recrystallization occurs at 800°C or higher; and there 
is agreement on the formation of (120) [001] com- 
ponents provided recrystallization occurs below 
600°C. There is some disagreement on the low-tem- 
perature recrystallization since I also obtained a 

substantial amount of a (110) [001] component while 

the author obtained only (120) [001] components. I 
also discussed the differences between low- and 
high-temperature recrystallization (which included 
further annealing changes in the samples on long 
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time annealing at 980°C) from the point of view of 
both oriented nucleation and oriented growth and con- 
cluded that oriented growth alone seemed inadequate 
for an explanation of all the results observed. 

Secondly, if some mechanical twinning is ignored, 
the way the (111) [112] and (111) [112] components 
develop during the 70 pct reduction of a (110) [001] 
crystal should be revealed in the data on different 
percent reductions. In this connection an initial 
separation of (110) [001] into two orientations 12 deg 
apart was obtained by the Laue method for a crystal 
cold-rolled 10 pct.*® The explanation involved slip on 
a (112) plane for part of the crystal and slip on a 
(211) plane for the other part. This view of the slip 
systems admittedly is too simple, but it is instruc- 
tive for the present discussion. For example, let us 
calculate the angle of rotation 6 about the common 
(110) pole for one of the two components for reduc- 
tions of 10, 30, and 50 pct and the reduction required 
to reach 6 = 35.5 deg and a (111) [112] orientation. 
These numbers and the angle of separation (angle of 
relative rotation about the common axis) are the 
following: 


Angle of 
Reduction 6 Separation Observed Angle 
10 pct 7.5 deg 15 deg 12 deg (Ref. 4) 
30 pct 20 deg 40 deg _ 
50 pct 31 deg 62 deg - 
98.5 pet 35+ deg 70.5deg — 
70 pet 35+ deg 70.5 deg approx. 70.5 deg 


(Ref. 2) 


With a (110) pole as the axis of rotation, the se- 
quence of changes in a (110) pole figure is: 1) re- 
placement of six isolated poles by eleven isolated 
poles as soon as resolution is achieved, 2) con- 
tinued separation of the components, and 3) re- 
placement of eleven isolated poles by nine isolated 
poles when the (111) [112] and (111) [112] orienta- 
tions, or twin positions, are reached. Referring to 
pole figure data given by the author, we See nine re- 
solved (110) poles for Fig. 1(c) indicating the twin 
positions, but do not see eleven poles in Fig. 1(0) 
for a 50 pct thickness reduction, nor do we see any 
clear evidence toward the formation of two com- 
ponents in Fig. 1(@) when the reduction is 30 pct and 
the expected separation is large according to the 
above estimates. Some comments by the author on 
this apparent anomaly would be welcome. 

Thirdly, the reported effects of rolling a (110) 
[001] crystal first at 1000°C and then rolling further 
at room temperature are quite interesting. Accord- 
ing to Fig. 11, the hot rolling developed only one 
(111) [112] component, unless the operation of thin- 
ning the specimen for X-ray analysis removed the 
other component. The 70 pct hot-rolled crystal did 
not recrystallize during annealing at 1100°C, where- 
as a cold-rolled crystal may undergo both primary 
and secondary recryStallization during annealing at 
the lower temperature of 980°C, see Ref. 17, for 


the higher temperature of rolling may have developed 
a sharper deformation texture, and hence a lesser 
tendency for recrystallization,® I think information 
here on the state of the substructure would probably 
reveal a much lower energy configuration (substruc- 
ture information was reported for 1100°C annealing 
of a (111) [112] crystal after a cold-rolling reduc- 
tion of 7 pct, for example)” or indicate evidence 
of a lack of nuclei for recrystallization. When the 
hot-rolled crystal was finally cold rolled 70 pct and 
annealed, it was found to have a (110) [001] texture. 
In the discussion of this result, the author pointed 
out that Dunn and Koh” required much thicker (111) 
[112] oriented crystals for obtaining the (110) [001] 
recrystallization texture after a 70 pct cold-rolling 
reduction. However, Dunn and Koh particularly 
pointed out that the effect was associated with a 
higher percentage of widening of the thinner crystals 
and further developed this point in the discussion of 
oriented nucleation versus oriented growth for an 
explanation of the effect. The production of the 
(110) [001] texture would be interesting if the pres- 
ent thin (111) [112] pseudo crystal of the author had 
widened 20 pct or more during the cold rolling. 
Finally I would like to contribute some unpublished 
data obtained a number of years ago for a near (120) 
[001] crystal. The crystal was cold-rolled to a re- 
duction in thickness of 70 pct to 0.014 in. It widened 
7 pct. The central section of one part of the deformed 
crystal and central sections of other parts taken 
after the anneals were used in the (110) pole figure 
studies (X-ray work was done by R. G. Hirst of the 
Pittsfield Laboratory). The contour lines were 
plotted in times random units with pole densities as 
follows: 1/4, 1/2, 1, 2, 4, 8, 16, and so forth. The 


Fig. 14—Cold rolled specimen. Small circles give the ini- 
tial orientation, and solid squares and solid triangles give 
the orientation of the two components of the cold-rolled 


example. This is a rather surprising result. Although texture. 
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Fig. 15—After 1 min at 980°C. 


results are given in Fig. 14 for the cold-rolled 
sample; in Fig. 15 for the sample recrystallized 
during a 1 min anneal at 980°C; and Fig. 16 for the 
sample recrystallized completely during a 70 hr 
anneal at 560°C but also given the 1 min anneal at 
980°C. The central region with dotted lines was 

not determined experimentally and is not needed ex- 
cept for visualizing the complete pole figure. 

The present (120) [001] crystal, like the (110) [001] 
crystal, is divided into two components with rotation 
about a common (110) pole of the original orientation. 
The amount of rotation, however, of one component 
from the other is not 70.5 deg, but is about 56 deg. 
Thus there are eleven isolated poles instead of the 
nine that would have resulted had the open triangle 
position been reached for the twin positions. The 
result, therefore, is slightly different from results 
obtained by the author or by Walter and Hibbard,” 
who reported (132) [112] and (132) [112] components. 

One effect of recrystallizing the present samples 
is a measurable lateral shift of 7 deg of the common 
(110) pole (compare Figs. 15 and 16 with Fig. 14). 

If this shift is neglected, the recrystallization tex- 
tures agree with those reported by the author. How- 
ever, in the present case there is no effect of tem- 
perature on the recrystallization texture as there 
was for the rolled (110) [001] crystals. 

During a 7-hr anneal at 980°C, secondary recrys- 
tallization occured in a 0.014-in-thick sample which 
initially was recrystallized at 560°C, and the texture 


obtained was a single component closer to (110) [001]. 


In fact all the secondaries had the orientation of the 
resolved weak minor component marked H in Fig. 
16. Of further interest is the correlation here with 
the cold-rolled texture. The (110) pole concentration 
marked common in Fig. 16 is in the same position as 
the solid square near 5 O’clock in Fig. 14 for a pole 
concentration of one component of the deformation 
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Fig. 16—After 70 hr at 560°C and 1 min at 980°C. 


texture. This feature is similar to relationships re- 
ported previously.?? On the other hand both the author 
and Walter and Hibbard obtained ‘‘near’’ cube or 
cube-textures during prolonged annealing, indicating 
an additional difference for cold-rolled (120) [001] 
crystals. Although no cube component was found in 
Figs. 15 and 16, nor in further annealed samples, 

one was obtained during primary recrystallization 
when a near (120) [001] crystal was turned 90 deg 
and cold rolled in a [210] direction. As expected, the 
deformation process for cold rolling the (120) [210] 
orientation is more complicated, and more informa- 
tion about this and the rolling of (120) [001] crystals 
is perhaps needed. 

Hsun Hu (author’s reply) —I want to thank Dr. Dunn 
for his stimulating discussion of my paper. In regard 
to the question that no clear splitting of the (110) 
poles were shown in the pole figures determined for 
the (110) [001] crystal after 30 and 50 pct rolling re- 
ductions (Figs. 1(6) and 1(c) respectively in the orig- 
inal paper,” whereas a distinct separation of 12 deg 
was noted by Dr. Dunn from his transmission Laue 
photograph taken from a (110) [001] crystal after it 
was rolled 10 pct,” I think this is probably due to 
the surface effect. All of my specimens were etched 
until they were very thin (etched from both surfaces 
to 0.0015 in. thick) for pole figure determinations, 
whereas Dr. Dunn’s transmission Laue photograph 
was taken with the total specimen thickness (10 pct 
reduction from an initial thickness of 0.014 in.) with- 
out removing the surface layer. It is suspected that 
the rolling texture of the surface layer may deviate 
appreciably from that of the interior in certain 
crystals, and that such deviation in orientation be- 
tween the surface layer and the interior of a rolled 
sheet may become less at high reductions and at 
small final thickness. In order to test this idea, a 
crystal of 3 pct Si- Fe with an initial orientation of 
about 6 deg from (110) [001], which is very close to 
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(a) unetched specimen, showing a double (111) [112] type 
orientation. 


(6) specimen etched on both surfaces to 0.002 in. thick, 
showing a single (111) [112] orientation. 


Fig. 17—Transmission Laue photograph taken from an approximately (110) [001] crystal of 3 pet Si-Fe after cold rolling 
50 pet from 0.014 in. to 0.007 in. thick. Tungsten radiation, 50 Kv. specimen to film distance 3 cm. 


the orientation of crystal No. 16 used in the original 
paper?’ and has the same thickness as Dr. Dunn’s 
crystal (0.014 in.), was rolled 30, 50, and 70 pct to 
0.010, 0.007, and 0.004 in. thick respectively. In the 
30 or 50 pct rolled crystal, the transmission Laue 
photographs taken either from an area free from 
Neumann bands, or by integration over the entire 
specimen area, about 1/2 in. square, showed that 
from the unetched specimens thre are extra 

spots in the patterns. The integrated transmission 
Laue photographs of the 50 pct rolled crystal taken 
with tungsten radiation, 50 Kv, and at 3 cm specimen- 
to-film distance, are shown in Fig. 17, where (a) is 
from an unetched specimen, and (6) is from the same 
specimen after etching on both surfaces to 0.002 in. 
thick. If the orientation spread is neglected, the pat- 
tern shown in Fig. 17(a) consists of a double (111) 
[112] type orientation, whereas that shown in Fig. 
17(0) contains largely a single (111) [112] orienta- 
tion. For the 70 pct rolled crystal, such a simple 
transmission Laue pattern is inadequate for orien- 
tation analysis. A tilting technique was used to de- 
tect the presence of a single or a double (111) [112] 
type texture. In Fig. 18, the (200) poles of an initial 
orientation of (110) [001] are plotted in the stereo- 
graphic projection as open squares. When the (111) 
[112] and (111) [112] final orientations (as indicated 
by the open and filled triangles respectively) are 
reached by 35 deg rotations around the cross direc- 
tion from the initial orientation (as indicated by the 
arrows), these (200) planes can be brought into re- 
flection by tilting the specimen through an angle with 
respect to the X-ray beam so that the reflection 
circle will be in touch with the (200) poles of the 
(111) [112] type orientations. If MoK, radiation is 
used, the Bragg angle will be 6 = 14.3 deg; hence a 
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tilting angle of a = 23.5 deg will bring the (200) 
planes of the (111) [112] type orientations into re- 
flection. The integrated transmission X-ray photo- 
graphs of the 70 pct rolled crystal taken with un- 
filtered molybdenum radiation and at a tilting angle 
of 25.5 deg (because the initial orientation of the 
crystal is not exactly (110) [001]) are shown in Fig. 
19, where (a) is from the unetched specimen, (0) is 
after etching the specimen on both surfaces to 0.002 
in. thick, and (c) is from a specimen etched on one 
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(110) [001] 
A (i) [112] 
A (iii) (112) 


Fig. 18—Stereographic projection showing the technique 
used for obtaining relections from the (200) planes of the 
various orientations with MoK, radiation. 
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(a) unetched specimen. 


(b) specimen etched on both surfaces 
to 0.002 in. thick. 


(c) specimen etched on the surface 
only to less than 0.002 in. thick. 


Fig. 19—Transmission X-ray photographs taken with the technique illustrated in Fig. 2, from the same crystal after 
cold rolling 70 pct from 0.014 in. to 0.004 in. thick. Unfiltered molybdenum radiation, 50 Kv, tilting angle a = 25.5°, 


specimen to film distance 3 cm. 


All three patterns are practically the same, showing the presence of both (111) [112] and (111) [112] components. (Inten- 


sity maxima at 8 and 10 O’clock positions respectively). 


surface only to slightly less than 0.002 in. thick. 
These three X-ray photographs are practically iden- 
tical. The (200) plane of the (111) [112] orientation 
was brought into reflection with the characteristic 
radiations very nicely (intensity maxima at 8 
O’clock position), but for the (200) plane of the (111) 
[112] orientation only reflections of the white radia- 
tions were recorded in these photographs (high in- 
tensity at 10 O’clock position). This is probably 
due to the fact that the two (111) [112] type com- 
ponents developed from the approximately (110) 
[001] initial orientation of the crystal were actually 
somewhat unsymmetrical, so that simultaneous re- 
flections with the characteristic radiations from 
both components were not obtained at the tilting 
angle (25.5 deg) used. However, the presence of a 
double (111) [112] type texture in the various sec- 


Fig. 20—Transmission electron micrograph of the 70 pct 
hot-rolled crystal, showing very low density of disloca- 
tions. Most of the dislocations are clustered as narrow 
bands, consisting of very fine points. In many instances, 
they appear like very fine networks. X30,000. Reduced 
approximately 24 pet for reproduction. 
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tions of the 70 pct rolled crystal is evident as shown 
by the three photographs, Fig. 19. 

My hot-rolled (110) [001] crystal developed only a 
single (111) [112] texture after 70 pct reduction. 
Whether this is due to the fact that the crystal was 
enclosed in a steel block and rolled so that no ap- 
preciably different surface texture was developed, 
or that one component was probably removed by 
etching as suspected by Dr. Dunn, is not known. 
More experiments for the study of surface textures 
in both hot-and cold-rolled crystals of the same 
thickness would be very desirable. I am inclined to 
think that the double (111) [112] type texture observed 
in the 70 pct cold-rolled crystal is derived from the 
deformation bands. Results from the 0.014 in. thick 
crystal described earlier in this discussion appear 
to support such an interpretation. Unfortunately, no 
more hot-rolled specimens from my previous work 
are now available except the one that had actually 
been used for texture determinations. I agree com- 
pletely with Dr. Dunn’s interpretation of the extreme- 
ly weak recrystallization tendency of the hot-rolled 
crystal as being due to its very sharp deformation 
texture and very low strain energy. During a recent 
study of the recrystallization of Si- Fe crystals by 
transmission electron microscopy, this 70 pct hot- 
rolled specimen previously used for texture deter- 
minations was also examined. As shown in Fig. 20 
the dislocation density in this hot-rolled crystal is 
very low, and most of the dislocations are clustered 
into narrow bands, consisting of individual points 
(end view of dislocation lines). In many instances, 
they appear like very fine networks. This is to be 
compared with the very high density of dislocations 
in a 70 pct cold-rolled crystal, which appear as 
‘‘clouds’’ in the transmission electron micro- 
graphs.”5»26 

In regard to the subsequent cold rolling of the hot- 
rolled crystal, no measurement of the percentage 
widening was recorded. From my only available 
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specimen, which was previously thinned to 0.0015 in. 
thick for texture determinations, the estimated 
widening after 50 pct cold rolling* of the hot-rolled 

*Dr. Dunn erroneously stated that the amount of cold rolling was 70 
pct instead of 50 pct. 


crystal should be less than 10 pct. 

The results of Dunn and Koh?" on the recrystalli- 
zation textures of 70 pct cold rolled (111) [112] and 
(111) [112] crystals of different thicknesses showed 
that although their rolling textures were the same 
their recrystallization textures were different. 

They found that in the thin crystals, which widened 
20 pct or more upon 70 pct cold rolling, the recrys- 
tallization texture was mainly (120) [001] plus (230) 
[001], whereas in the thick crystals the widening 
that occurred after 70 pct cold rolling was only a 
few percent, and the recrystallization texture was 
mainly a simple (110) [001]. While Dr. Dunn’s cor- 
relation between widening and recrystallization 
texture may be real, the interesting question re- 
mains as to why Dunn and Koh’s rolling textures are 
the same despite the substantial difference in lateral 
flow during deformation. Also, if their rolling tex- 


tures of these crystals are the same, regardless of the 


amount of widening that occurred during deformation, 
why are their recrystallization textures different? 

I wonder whether this recrystallization texture 
anomaly is largely due to the effect of surface tex- 
ture. In those crystals that widened excessively (for 
unknown reasons) upon rolling, their surface texture 
might deviate considerably from their interior tex- 
ture. If such specimens were annealed without suf- 
ficient prior removal of the surface layer, those 
recrystallized grains formed earlier in the surface 


layer might grow into the central section of the sheet, 


thus dominating the recrystallization texture of the 
whole specimen. An indication of such a possibility 


is shown in the recrystallization textures of Dunn and 
Koh’s specimens A-1 and B-1 (Figs. 1 and 2 in Ref. 
27). These textures differ from a simple (110) [001] 
texture largely by lateral tilts. The large amount 

of widening that occurred in these crystals during 
rolling may have produced a surface texture later- 
ally tilted from the (111) [112] orientation. 

However, it is still not all understood why the 
thinner (0.025 in.) crystals of Dunn and Koh exhibited 
larger widening than did their thicker (0.050 in.) 
ones, while the author’s pseudo crystal of only 0.012 
in. thick widened less than did their 0.025-in-thick 
crystals? From these results, it can only be con- 
cluded that the amount of widening does not seem to 
depend on the thickness of the crystal. It will be in- 
teresting to see whether the recrystallization tex- 
ture of Dunn and Koh’s specimens A-1 and B-1 of 
Ref. 27 is a simple (110) [001], if the specimens are 
etched to 0.002 in. then anneal for recrystallization. 

Dr. Dunn’s results on the (120) [001] crystal are 
very interesting. Obviously, more study is needed in 
order to understand all of these results. I feel that 
intermediate textures during the annealing process 
would be more informative. 


*°Hsun Hu: Trans. Met. Soc. AIME, 1961, vol. 221, p. 130. 

7G. C. Dunn: Acta Met., 1953, vol. 1, p. 163, and Acta Met., 1954, vol. 2, 
p. 173. 

*®C. G, Dunn and P, K. Koh: AIJME Trans., 1956, vol. 206, p. 1017. 

19C. G. Dunn: AJME Trans., 1946, vol. 167, p. 373. 

2%. T. Aust, E. F. Koch, and C, G. Dunn: Trans. Met. Soc. AIME, 1959, 
vol. 215, p. 90. 

217. L. Walter and W. R. Hibbard, Jr.: Trans. Met. Soc. AIME, 1958, vol. 
212, p. 731. 

22C. G. Dunn and P. K. Koh: A/ME Trans., 1957, vol. 209, p. 81. 
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25H, Hu and A. Szirmae: Recrystallization of a Silicon-Iron Crystal as 
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26H, Hu: Direct Observations on the Annealing of a Silicon-Iron Crystal in 
the Electron Microscope, submitted for publication in Trans. Met. Soc. AIME. 

27C, G. Dunn and P. K. Koh: A/ME Trans., 1956, vol. 206, p. 1017. 


Phase Relations in the Titanium-Aluminum System 


Elmars Ence and Harold Margolin 


Trans. Met. Soc. AIME, vol. 221, p. 151 


A. J. Goldak and J. Gordon Parr (University of Al- 
berta)—While we appreciate the difficulties involved 
in any investigation of this system, and we wish to 
congratulate the authors on their comprehensive ef- 
forts, there are several aspects of their paper that 
are not clear to us. 

1) If the 6 phase is, in fact, isomorphous with 
Ti,Sn, it should not be designated Ti,Al. An A,B 
structure cannot be isomorphous with an ordered 
structure of the DO,, type. Anderko et al.' sug- 
gested that the structure be called Ti,Al, and we 
believe this to be a more reasonable designation. 


The confusion is compounded when the authors desig- 


nate the y phase Ti,Al—yet the composition limits 
of this phase (according to their diagram) are ap- 
proximately Ti,Al and Ti,Al. Further, while Pietro- 
kowsky is said to have pointed out that the structure 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


of the 6 phase is isomorphous with Ti,Sn, we under- 
stand that this was only a suggestion that was not 
confirmed. Margolin and Ence do not appear to have 
presented any evidence to support the suggested iso- 
morphism. 

2) In referring to the precipitation observed mi- 
croscopically during the initial breakdown of high 
Al @ during quenching, the authors state that ‘‘such 
precipitation is not likely to be detected by Debye- 
Scherrer techniques’’. We suspect that if the pre- 
cipitate was visible by optical microscopy, it must 
have at least one dimension of the order of 1 u or 
greater, and would therefore be readily detected by 
diffraction techniques. 

3) The authors state: ‘‘The basis for this sugges- 
tion (that 6 forms peritectically 6 + L—6) is the 
observation that the 8 + 6 and 6 phase fields were 
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observed up to 1450°C’’. Unless the authors used 
techniques that they have not described, the phase 
fields were not, in fact, observed up to this tem- 
perature. Their presence was rather implied from 
results obtained from samples cooled to room tem- 
perature from 1450°C. This is not a quibble. It is 
important to distinguish between what one observes 
and what one deduces. 


4) In discussing the transformation structure of y, 


ture similar to a. It is important to note that the fit 
of y’ is not as good as that of an a alloy containing 
4 pct Al’’. We do not understand what the authors 
mean by the ‘‘fit’’ of this structure. 

5) In their section of results, Ence and Margolin 
state: ‘Since the lines of y’ are rather sharp it im- 
plies that some slight distortion of the hexagonal 
structure exists’’. Ignoring the fact that this state- 
ment contains more than a ‘‘result,’’ we wish to know 
whether the observed sharp diffraction lines are 
positive evidence that some deformation is present, 
or that the deformation, if present at all, is not 
greater than some small amount. After all, sharp 
diffraction lines are generally not an indication of 
distortion. But if the distortion does exist, which 
phase is distorted: y or y’? 

6) The authors state that slopes of the y phase 
field boundaries imply a eutectoid reaction—which 


is, of course, a possibility. But their subsequent 
comment that ‘‘The transformation of y to a hexa- 
gonal structure quite similar to a would fit sucha 
construction’’ is less meaningful. What is the in- 
tention of this remark? 

7) The authors write: ‘‘In considering the trans- 
formation of y, the possibility of ordering comes 

to mind’’. We cannot be sure of what comes to the 
authors’ minds unless they are more specific. How- 
ever, while we hesitate to interpret the authors’ data 
Table I does suggest that y might be an ordered 
modification of a close packed hexagonal structure. 
Is y ordered? Is y’ ordered? Does y=y’ in- 
volve an order-disorder transformation? 

Ence and Margolin (authors’ reply) —The authors 
are pleased that their paper has received such close 
attention by the discussers and will deal with ques- 
tions raised in the order presented. 

1) In labelling the phase fields with a homogeneity 
range, we have used Greek letter symbols as is 
conventional. As pointed out in the paper, the sub- 
scripts ‘‘have been introduced to include a possible 
chemical formula within the homogeneity range of 
the intermediate phase.’’ The discussers have ap- 
parently ignored this. 


The discussers are apparently unaware of the fact 
that an A,B structure can exist as the DO,, structure 
type. We refer them to Ta,Si.”” The question of an 
ordered DO,, type structure is irrelevent, since 
there is evidence that the 2c position can randomly 
be occupied by Ta or Si. Further, there is consider- 
able doubt that Ti,Sn exists as a fixed composition,” 
and here, however, the discussers have raised no 
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the authors state that ‘‘y’ fits a hexagonal type struc- 


questions about an ordered structure existing over a 
range of compositions. Our results indicate that 6 
exists over a range of compositions. 

We agree with the discussers that we have not dis- 
cussed the basis for the suggested isomorphism of 
5 with Ti,Sn in this paper. The X-ray data were 
presented in an earlier paper.” If the discussers 
mean that we have not carried out a detailed struc- 
tural analysis, they are correct. Nevertheless, there 
is sufficient evidence to suggest that the 67;, 4; 
structure is isomorphous with Ti,Sn. The approxi- 
mate composition limits of y given by the discussers 
are too approximate. There is no quarrel with the 
lower limit, but the upper limit extends beyond 
Ti,Al to 26 at. pct Al (16.5 wt pct), and not to Ti,Al. 

2) By dealing with only a portion of the authors’ 
statements, the discussers appear to have missed 
several features. First, we have stated that we be- 
lieve the mottled structure of a to be due to initial 
precipitation of 5. We have not said that what we 
saw was in fact a 6 precipitate, because of the pos- 
sibility of exaggerated effects due to etching. If we 
consider the mottling of Figs. 9 and 10 to be 4, this 
would be extremely difficult to detect not only be- 
cause of the small amount but also because the 6 
structure is similar to a and could be detected only 
by the presence of lines which, in a pattern of pure 
6, would have low intensity. 

3) For an understanding of our procedure, we re- 
fer the authors back to the description of the experi- 
mental procedure in the paper. 

4) ‘*,.. the fit of y’ is not as good as that of an 
alloy containing 4 pct Al’’ means that calculated lat- 
tice spacings based on an a-Ti structure do not 
agree with observed spacing as closely as one 
would expect. 

5) We have asked ourselves why the y’ struc- 
ture ‘‘does not fit’’ an a-Ti type structure as well 
as is observed for alloys in the a field. A possi- 
bility is that y’ is not an a-Ti structure but a new 
structure, similar to a, which is produced by the 
transformation. It would be considered as a dis- 
torted a in the same Sense that indium tan be con- 
sidered a distorted fcc structure. 

Some evidence for irregularities (on the basis of 
an a-Ti type structure) in the transformation struc- 
ture of y have been reported by Saulnier and Crout- 
zeilles.”° 

6) In regard to the criticism that ‘‘this statement 
contains more than a ‘result’ ’’, a fact which the 
discussers have not ignored, it should be pointed out 
that it is within the authors’ discretion to insert a 
comment which is appropriate to the text at any point 
in the paper. 

This comment refers to the relationship between 
the structure of martensite in Fe-C alloys and bcc 
ferrite. 

7) If our postulation of the phase relationships in- 
volving y is correct, we would expect that y — vy’ 
transformation is one analogous to martensite for- 
mation. We have not been able to find evidence for 
ordering. Extra lines appear not when y transforms 
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to vy’ but when y is retained. Although 7’ may be 

different from a-Ti, we are not in a position to say 

that it represents an ordered y structure. 
Additional data on transformation and precipita- 


‘7w. B. Pearson: A Handbook of Lattice Spacings and Structure of Metals 
and Alloys. Pergamon Press, 1958. 

48M. Hansen and K. Anderko: Constitution of Binary Alloys. McGraw-Hill 
Book Co., New York, 1958. 

19F. Ence and H. Margolin: Compounds in the Titanium-Rich Region of 
the Ti-Al System. AIME Trans., 1957, vol. 209, p. 484, 


tion behavior of a Ti-8Al-8Zr-1(Ta + Cb) allow?! 
are believed to support the interpretation presented 
in the paper under discussion. 


?°A, Saulnier and M. Croutzeilles: Etude d’alliages titane-aluminium par 
micrographic et microdiffraction electroniques sur coupes minces. Fourth In- 
ternational Ccy ference on Electron Microscopy, Sept. 17, 1958. Springer- 
Verlag 1960, Berlin. 

sa Margolin and E. Ence: Constitution and Transformation Behavior of 
the Ti-8Al-8Zr-1(Ta+Cb) Alloy. To be published in the June Transactions 
Quarterly of ASM. 


Yield Point and Easy Glide in Silver Single Crystals 


Joachim J. Hauser 


Trans. Met. Soc. AIME, vol. 221, p. 305 


William F. Hosford, Jr. (Massachusetts Institute 
of Technology)—Dr. Hauser has used a very inter- 
esting method to study the interaction of dislocations 
on different slip systems, but it should be pointed 
out that the analysis of the experiments is subject to 
a serious criticism. He states that ‘‘the effect of the 
compression can be adequately described by one 
slip system.’’ The effect of frictional constraint 
during the compression makes this quite unlikely. 

When a block of metal is compressed its lateral 
expansion requires a sliding of the metal over the 
compression platens. The role of friction in the in- 
terface between the deforming metal and the platens 
is to increase the normal force required for the 
compression. Analyses’’'* have shown that, in 
general, the additional force, p, required for the 
compression is a function of ul/h where yp is the 
coefficient of friction, 7 is the length of the speci- 
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Fig. 1—Sketch of compression arrangement. 
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men in contact with the platens. For a constant co- 
efficient of friction, Bishop” shows that p should 
increase exponentially with yl/h for both plane 
strain and axially symmetric compression. 

For a compression specimen, Fig. 7, whose cross 
section perpendicular to the compression axis is a 
rectangle whith one dimension L, much larger than 
the other W, a much larger force would be required 
for appreciable flow parallel to L than for flow par- 
allel to W. Therefore lateral strain in the W direc- 
tion, € yw, Should be much greater than the lateral 
strain in the L direction €;. Since L/H = 14.5 for 
Dr. Hauser’s crystals, and since no lubrication was 
used, it seems questionable that appreciable length- 
ening of the crystals could occur. 

Because the theories of frictional constraint have 
been derived for isotropic polycrystalline materials, 
it was decided to make experimental measurements 
on a Single crystal. A section 3.590 in. long was 
sawed from an aluminum single crystal with a square 
section of 0.249 in., so that L/W = 14.4. This crystal 
was tested in compression between dry ground steel 
platens. Fig. 8 shows the orientation of the crystal 
and the axis of compression. The face for compres- 
sion was chosen so that the operation of the single- 
slip system which would be predicted in the absence 
of friction would lead to a larger strain in the length 
direction than in the width direction. The dimensional 
changes of the width and length as well as the height 
were measured frequently during the compression 
with micrometers. Width strains were calculated 
from the average of readings near each end and at 
the center. A plot of the length strain, €7, against the 
width strain € wis given in Fig. 9. The slope indi- 
cates that the €; amounted to only 2.5 pct of €y. 
Other compression tests on similar crystals with 
shorter lengths also showed severely limited elonga- 
tion. Even for a crystal with L/W=A.0, e7 was only 
about 26 pct of €w. Because of the frequent inter- 
ruptions of the tests for dimensional measurements 
should have decreased the frictional constraint by al- 
lowing a reseating of the platens, even smaller 
elongations under continuous testing seem probable. 

These tests on long narrow crystals show that es- 
sentially plane strain conditions prevailed. We may 
assume that Dr. Hauser’s crystals deformed simi- 
larly. That the compression can be described by the 


VOLUME 221, AUGUST 1961-885 


| 
ire 
te 


Fig. 2—Orientation of crystal for compression test. L, W, 
and H indicate the length, width, and height directions. 


required. To predict what slip systems would oper- 
ate under plane strain constraint would require a 
lengthy analysis similar to that used by Taylor™ for 
axially symmetric flow. It can be seen, however, 
that compression applied to one of the flat faces of 
the crystal should activate the same slip systems as 
compression applied to the flat face 90 deg away, al- 
though in the opposite directions. This explains why 
little difference was found between the effects of the 
X, and X’, compressions or between the effects of 
the X, and X’, compressions. A satisfactory ex- 
planation of difference between the X, and X’, com- 
pressions on the one hand and the Xg and X’, com- 
pressions on the other depends on determining the 
relative amounts of slip on the various slip systems 
acting during the compression, and should involve 
the total amount of crystallographic shear to accom- 
plish the plane strain compressions as well as dis- 
location arguments. 

Since the concept of Dr. Hauser’s experiments is 
extremely interesting, it might be worthwhile to 
make similar experiments in which the frictional 
constraint during compression was minimized. 
Studies of interface friction during compression’® 
suggest that this might be done by using shorter 
samples, by using a very good lubricant film such 
as teflon, and by frequently interrupting the com- 
pression. 

Joachim J. Hauser (author’s reply)—The analysis 
of Dr. Hosford which is certainly correct theoretic- 
ally does not, however, permit the physical conse- 
quences that he implies. The five slip systems re- 
quired by a Taylor analysis are usually never 
observed in a deformed polycrystal. Livingston and 
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action of a single-slip system seems highly unlikely. 
Under such conditions five slip systems are probably 


0.002 T T T T T T 


0.001 


LENGTH STRAIN, €, 


+ 
0 0.0! 0.02 0.03 0.04 0.05 0.06 0.07 


WIDTH STRAIN, ey 


Fig. 3— Length and width strains during compression of 
the aluminum single crystal with a length to width ratio 
of 14:4, 


Chalmers’® who studied the deformation of bicrystals 
in tension found that the secondary slip systems 
necessary to satisfy the compliance at the grain 
boundary could not be predicted by a Taylor analysis. 
Furthermore, they found that the secondary slip 
systems could be predicted by consideration of pile- 
ups and maximum resolved shear stress and that the 
secondary slip is only observed in the immediate 
vicinity of the grain boundary. Similarly, in the case 
of sideways compression of a single crystal, the non- 
homogeneous deformation caused by the friction 
along the compression blocks will be localized ina 
very thin region adjoining the surface. Indeed, sec- 
ondary slip was only observed in a very thin layer 
close to the surface and the major portion of the 
single crystal revealed only slip traces of the pri- 
mary slip system. Consequently, the major portion 
of the single crystal can be described by slip on a 
single slip system especially for the small strains 
investigated. 

From another point of view, Dr. Hosford states 
that there is very little difference between the Xp, 
and X’, compressions. However, in some experi- 
ments which were conducted subsequent to the pub- 
lication of the paper, it was found that Xg and X's 
compressions are very different. The compression 
along X’3 which activates system UK gives quali- 
tatively the same results as a compression along X, 
and X’,. This is consistent with the idea that the im- 
portant factor is that the slip plane activated by com- 
pression intersects the slip plane activated by the 
subsequent tension. 

A possible source of discrepancy between the ex- 
periments performed by Dr. Hosford and those de- 
scribed in the paper can be attributed to the differ- 
ence in orientations. During compression the axis 
of compression will change its orientation by rota- 
ting towards the pole of the active slip plane. Con- 
sequently, the axis of compression H in the alumi- 
num single crystal will most probably lead to 
multiple slip because of its proximity to the [110] 
direction. The axes of compression in the silver 
experiments on the other hand, will tend to produce 
Single slip defor mation. 


R, Hill: The Mathematical Theory of Plasticity, Oxford, Clarendon Press, 
1950. 

a F. W. Bishop: On the Effect of Friction on Compression and Indenta- 
tion Between Flat Dies, J. Mech. Phys. Solids, 1958, vol. 6, p. 132. 

*G. I. Taylor: Plastic Strain in Metals, J. /nst. Met., 1938, vol. 62, p. 307. 
8G. Pearsall: Friction and Lubrication in Plastic Compression, M. 1. T. 
Sc, 2 Thesis, February 1961. 

*©7. D. Livingston and B, Chalmers: Acta Met., 1957, vol. 5, p. 322. 
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Discussion: Iron and Steel Division 


End-Point Temperature Control of the Basic Oxygen Furnace 


W. J. Slatosky 


Trans. Met. Soc. AIME, vol. 221, p. 118 


W. O. Philbrook (Carnegie Institute of Technol- 
ogy)—Mr. Slatosky has presented an interesting and 
constructive paper that represents another step along 
the way of converting steelmaking from an art toa 
science. I am confident that his computer will be 
practical and successful and that with a very few 
months of experience it will provide a significantly 
better degree of control than his record of 65 pct of 
heats within range obtained with the slide-rule cal- 
culator. 

A paper such as this, with a lot of symbols and 
condensed mathematics, is difficult to comprehend 
quickly. Since I have had an oppo: tunity to study it 
carefully, perhaps my evaluation of its validity and 
accomplishments will save time for others. 

Mr. Slatosky has correctly used standard princi- 
ples of stoichiometry and heat balances, which are 
available to anybody, but he has also brought to them 
two original contributions: 

1) He has developed from operating data some 
empirical relations for predicting the final FeO 
content of the slag (at 0.5 pet C end-point) as a func- 
tion of slag basicity, lance height, and scrap, ore, 
and scale in the charge. This improves the accuracy 
of prediction of temperature or scrap requirement 
compared with assuming an arbitrary, constant FeO 
content at the end of each heat. There is no assur- 
ance yet that exactly the same relations will hold 
for other furnaces or practices, but similar corre- 
lations can be expected. 

2) He has combined calculations that are ordi- 
narily carried out laboriously as a number of indi- 
vidual steps into a single, simple linear equation 
that can readily be fed into a machine. This involved 
a tremendous amount of painstaking detail work as 
well as the imagination to see the possibility and work 
out the steps. While his particular Eqs. |3| and [6] are 
valid only for the furnace design, charge weight, and 
blowing time used at Aliquippa Works, only a few 
numerical values have to be changed to adapt it for 
other conditions. 

In order to arrive at a useable solution, Mr. 
Slatosky had to make some basic assumptions about 
the process that are similar to those used by others. 
He neglected variation in some process variables 
and assumed an arbitrary average value for waste gas 
analysis and temperature for want of more exact in- 
formation at the present time. All of these judgments 
are clearly stated. In addition, some thermody- 
namic data presently available are not adequate for 
the job, notably in relation to heats of formation and 
sensible heat in slag, and some expedient has to be 
adopted to get around the difficulty. Other people 
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might prefer slightly different judgments about these 
details and hence obtain somewhat different numeri- 
cal solutions. This is not of serious importance, 
however, because the errors accumulate in the ‘‘heat 
loss’’ term and are largely self-compensating for a 
constant heat time. 

Although the extended Eq. 1(a) in Appendix I was 
set up as a rate equation originally, for convenience 
in using an analogue computer as stated in the paper, 
the time dependence was removed by later mathe- 
matical manipulations and assumptions about the 
process. The final result is an integration of ele- 
ment and energy balances from initial to final states; 
this procedure is as legitimate here as in any other 
form of heat-balance calculation. The formal hand- 
ling of stoichiometry and thermochemistry appears 
to be correct, and it is assumed that any arithmeti- 
cal errors would have come to light in applying the 


‘calculations to furnace practice. 


Mr. Slatosky’s approach is not necessarily unique, 
in that other people might start with apparently dif- 
ferent equations or prefer another form of final equa- 
tion for another type of computer. However, he has 
presented an accomplished result that appears to be 
a theoretically sound and practically useful way of 
applying scientific principles and rapid computation 
for better control of steelmaking. His success will 
undoubtedly encourage himself and others to improve 
on the mathematical model and its use as better in- 
formation becomes available. 

John F, Elliott (Massachusetts Institute of Tech- 
nology)—The last comment by Mr. Richards that a 
calculator is quite unnecessary for an L-D operation 
requires a rebuttal. 

The L-D furnace is a very high capacity process 
which places a premium on close control. When one 
is making steel at rates between 100 and 200 tons 
per hr, one cannot afford the luxury of an extra 5 or 
10 min at the end of a heat correcting for an error 
that should never have been made in the first place. 
Mr. Slatosky’s paper is a very sound application of 
the simple principles of stoichiometry and the energy 
balance. It is a satisfactory and valuable start, but 
only the start of the development of methods of con- 
trol for this process. 

An analysis of the process shows that it should be 
very suitable to control by a computer. This is es- 
pecially the case when various grades of steel are 
to be made. In fact, it would seem that the organi- 
zations who are planning new and bigger installations 
of L-D vessels should consider carefully the advan- 
tages that would stem from computer control of a 
vessel with the operator present to do little more 
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than start, watch, and stop the operation. 

Pertinent information on such items as the tem- 
perature, composition, and amount of hot metal 
charged, character of scrap, delay since the last 
tap, aim composition and temperature at tap, and a 
variety of other data could be fed by card to the ma- 
chine or be recorded automatically. Data on previous 
heats would be stored in a memory circuit. The com- 
puter could refer to the past performance of the 
vessel on this particular grade of steel and then 
within seconds calculate the necessary furnace con- 
stant, recover factors, and so forth, and fix the op- 
erating variables of scrap charge, blowing time, and 
so forth, and then proceed to control the operation. 


The information necessary for this type of control 
must be known in any case for proper operation of 
the vessel. Proper integration of all factors is be- 
yond the competence of any human being in the time 
available, and the economic penalties for mistakes 
or even large uncertainties are very large. Conse- 
quently, it is not merely desirable that control by 
computer be investigated, but it is virtually manda- 
tory that it be used to obtain metallurgical and eco- 
nomic control of the process. 

It might be noted that variations in yield and slop- 
ping should be added to the list in the paper of factors 
leading to off temperature heats. 


The Austenite Solidus and Revised lron-Carbon Diagram 


M. G. Benz and J. F. Elliott 


Trans. Met. Soc. AIME, vol. 221, p. 323 


J. F. Elliott and M. G. Benz (Massachusetts Insti- 
tute of Technology)—In reviewing the available liter- 
ature on the peritectic reaction, 5 + liquid = y, the 
authors chose to accept the compositions presented 
by Adcock.** They selected the temperature horizon- 
tal for the peritectic reaction as that which intersects 
the austenite solidus, determined by their investiga- 
tion, at 0.16 wt pct C which is Adcock’s composition 
for y iron at the peritectic. This temperature hori- 
zontal is 1499°C, which is 3°C higher than Adcock’s 
choice. Adcock was uncertain of his temperature 
scale, and this choice permitted establishment of a 
temperature scale for his measurements. 

Recently, Buckley and Hume-Rothery*® have re- 
ported a study by thermal analysis of the Fe-C tem- 
perature-composition diagram. Information from 
this work has caused the authors to reconsider their 
treatment of the work of Adcock*® as outlined above. 
The authors now conclude that they should accept 


Adcock’s choice of the temperature for the peritectic 
reaction along with the compositions indicated in the 
following equation: 


The Peritectic Reaction at 1496 + 2°C 

5 (0.10 wt pct C) + liquid (0.51 wt pct C) = 

y (0.18 wt pct C) 
This changes but slightly the Fe-C temperature- 
composition diagram originally presented by the 
authors. Specifically, the fifth line of Table V and 
the peritectic regions of Figs. 5, 6, 7, and 9 should 
be changed in accordance with Eq. [1]. 

A brief discussion of this and other areas of agree- 
ment and disagreement with the authors of Reference 
2 has been submitted to the J. Iron Steel Inst. 
(London). 


35, Adcock: J. Iron Steel Inst., 1937, vol. 135, p. 281. 
36R, A. Buckley and W. Hume-Rothery: J. /ron Steel Inst., 1960, vol. 196, 


p. 403. 


[1] 


A Study of the Ti-Cu-Zr System and the Structure of Ti2Cu 


Elmars Ence and Harold Margolin 


Trans. Met. Soc. AIME, vol. 221, p. 320 


A. J. Goldak and J. Gordon Parr (University of Al- 
berta)—Margolin and Ence’s paper reached us only a 
few days after we had submitted a paper on the struc- 
ture of Ti,Cu to the AIME. 

Here, however, we only wish to point out an error 
in the paper (page 321): ‘‘Karlsson has reported the 
crystal structure of the first intermediate phase oc- 
curring in the Ti-rich portion of the Ti-Cu system 
to be face-centered tetragonal.’’ Karlsson actually 
reported the structure of Tis;Cu (i.e., ‘‘the first in- 
termediate phase’’) to be primitive tetragonal with 
four atoms per lattice point: Cu at 0, 0, 0; and Ti at 
1/2, 1/2, 0; 0, 1/2, 1/2; and 1/2, 0, 1/2. Thus, 
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Karlsson suggests a primitive lattice with an ordered 
arrangement of atoms located at corners and face- 
centers: Ence and Margolin suggest a random body- 
centered tetragonal structure--with which our results 
agree. 

E. Ence and H. Margolin (authors’ reply)—We do 
not agree that Karlsson has not reported the struc- 
ture of Tiz;Cu as face-centered tetragonal. The fact 
that Cu atoms are located at the corners and titanium 
at the face-centers does not indicate that the lattice 
is not face-centered. 

We are pleased that the discussers’ results agree 
with our own. 
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Technical Notes 


Dependence of Segregation of 
Impurities on the Crystallinity 
of Gallium 


Leonard R. Weisberg and P. R. Celmer 


Tue principle of fractional crystallization has been 
successfully used to prepare high-purity (99.999 pct) 
Ga. Hoffman and Scribner’ removed single crystals 
of gallium solidifying in a gallium melt, while Zim- 
merman? grew single crystals from the melt by the 
Kyropolous technique. In contrast, attempts at pu- 
rifying gallium by zone refining have been less suc- 
cessful. Richards* reported that despite the passage 
of 40 zones through a gallium ingot, there still re- 
mained 5 to 70 ppm each of Cu, Fe, Ca, Mg, Si, Al, 
and Ag. Previously, Detwiler and Fox‘ detected only 


one impurity, Pb, segregating in zone-refined ingots. 


These surprising results prompted an investigation 
of the factors controlling impurity segregation in 
gallium. Possible reasons for this were insufficient 
diffusion of impurities in the melt; recontamination 
of the melt by its oxide film which is not affected by 
the passage of the zone; reaction of gallium with the 
boat; sudden freezing of gallium following super- 
cooling, especially since gallium easily supercools 


to 0°C; and trapping of impurities at grain boundaries. 


Impurity segregation tests were carried out by 
directionally freezing gallium using the Bridgman 
method,* modified in that the molten gallium is low- 
ered out of a furnace into a slush of dry ice and 
trichloroethylene, thus minimizing supercooling. 
Since the gallium is contained vertically, the oxide 
film is in contact only with the tail end of the melt. 
It was found that Teflon makes an excellent crucible 
for gallium since it is quite pure, non-reactive, 
translucent, flexible, machinable, and is not wet by 


gallium. The gallium crystals could be grown at vari- 


ous speeds, and the melt could be vigorously stirred 
by a Teflon rod moving through the gallium in a ver- 
tical reciprocating fashion. Single crystals could be 
grown by placing a solid Teflon plug at the bottom of 


L. R. WEISBERG, Member AIME, is a Member of the 
Technical Staff, RCA Laboratories, Princeton, N.J. 
P. R. CELMER, formerly a Member of the Technical Staff, 
RCA Laboratories, is now with Materials Electronic Prod- 
ucts, Inc., Trenton, N.J. 
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Table |. Segregation of Impurities in Directionally Frozen Gallium 


Impurity Concentration in ppm 


Position in 


Conditions Crystal Sn Pb Cu Ag Si Al Mg 
No Stirring used Front 2 a 1 1 0.3 1 3 
Polycrystalline Tail 3 10 1 1 0.3 5 
Stirring used Front 3 5 1 5 
Polycrystalline Tail 10 10 2 1 I 2 §& 
No Stirring used Front 1 0.3 - 
Single Crystal Tail Ss 


the melt drilled out in such a way to cause the solid- 
ifying gallium to follow a winding path. Thus, even 
if many crystals are originally nucleated, only one 
grain will predominate. The grain structure of the 
gallium crystals was revealed by an etchant com- 
posed of equal volumes of HCl, HNO,, and HF, diluted 
with water to half strength. Emission spectrographic 
analyses were carried out on samples removed from 
the front and tail ends of the resulting gallium ingots. 
Typical results of this study are summarized in 
Table I. The rate of freezing in all three cases was 
about 1 in. per hr. It can be seen that even though 
stirring of the melt does help, it is even more impor- 
tant to grow a single crystal of Ga in order to obtain 
good segregation of impurities. The effect of crys- 
tallinity on the segregation of impurities was previ- 
ously observed® in the directional freezing of ger- 
manium; however, in this case, the effect was much 
less pronounced. This dependence of impurity seg- 
regation on the crystalline perfection of Ga may be 
related to its thermal conductivity which is the most 
anisotropic of all metals.” The anisotropic thermal 
conductivity can cause the solid-liquid interface to 
be nonuniform, thus leading to trapping of impurities 
during freezing,® and therefore reduced segregation. 
In conclusion, it is indicated that zone refining 
of gallium would be more successful if seeding and 
similar precautions are taken to insure single crys- 
tal growth. The authors are indebted to Mr. H. H. 
Whitaker for the spectrographic analyses and to Drs. 
B. Abeles and F. D. Rosi for helpful advice and en- 
couragement throughout the course of this work. 
This research was supported by the Electronics Re- 
search Directorate, Air Research and Development 
Command, under Contract No. AF33(616) -5029. 
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Orientation of Cast Beryllium 


F. A. Crossley, A. G Metcalfe, and R. P. Elliott 


per radiation) was applied to determine the orien- 
tation of the columnar grains of two vacuum cast 
beryllium ingots of 3 in. diam. Samples were 
mounted in a fixture as illustrated in Fig. 1, which 
permitted rotation and translation in order to ap- 
proximate the method used for wires. The speci- 
mens were aligned so that the major axes of the 


DIFFRACTED —_| 
BEAM 


AXIS OF ROTATION 
AND TRANSLATION 


INCIDENT 
X-RAY BEAM 


Fig. 1—Arrangement for developing a simulated texture 
pattern for vacuum-induction melted and cast beryllium 


ingot. 
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Tue texture method (utilizing monochromatic cop- 


columnar grains were parallel. Rotation was around 


GROWTH DIRECTION 


1120 


(1011) OUTERMOST RING 
(0002) MIDDLE RING 
(1010) INNERMOST RING 


Fig. 2—X-ray Debye pattern for simulated wire specimen 
from beryllium ingot compared with projected patterns 
for two possible crystallographic directions. 


the growth direction. After each translation the 
specimen holder was rotated 2 deg (1 deg for the 
samples from the second ingot) until a range of 30 
deg on either side of the vertical was covered. The 
speed of translation was 1 mm per sec. 

A representative Debye pattern is shown in Fig. 
2. The pattern was compared with theoretical pat- 
terns for various orientations. Also shown in Fig. 2 
is the disposition of reflections on the (1010), (0002), 
and (1011) Debye rings for the two possibilities that 
growth is either in the <1010> or <1120> direction. 
It is apparent that no significant preference for the 
direction of columnar growth is indicated. It is 
considered that the lack of a preferred orientation 
is due to the occurrence of the phase transforma- 
tion (reported by Martin and Moore’ to occur above 
1250 °C) which masked the original solidification 
orientation. 

This research was supported by the United States 
Air Force under Contract No. AF 33 (616)-5911, 
monitored by the Materials Central, WADD, Wright- 
Patterson Air Force Base. 
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Observations on the Decarburization 
of Mild Steel by Reaction with a 
Surface Scale 


Donald J. Knight 


Hear Treatment at 1500° F of a mild steel contain- 
ing 0.1 pct C, in an atmosphere which is oxidizing 

to both carbon and iron, results in the progressive 
oxidation of the metal surface with little or no 
change in the carbon content of the underlying metal. 
Further heat treatment of the scaled metal in either 
a neutral atmosphere or in a vacuum may or may 
not result in the decarburization of the metal depend- 
ing upon the physical nature of the scale. 

It is apparent that if a continuous layer of oxide is 
present on the steel surface, the reaction O,.,i. + 
Cmetal ~ COgas cannot progress since the so formed 
gas would be unable to leave the oxide/metal inter- 
face. Thus, in order for the reaction to progress, 
the oxide must be cracked or porous. 

Vacuum heat treatment at 1500° F of samples with 
a thick continuous oxide scale showed no decarburi- 
zation of the steel. However, when cracks were in- 
troduced mechanically into the scale prior to the 
vacuum heat treatment notable decarburization of 
the metal resulted and a structure as shown by Fig. 
1 obtained, z.e., reduction of the crack walls to 


ferrite. 


Mounting Material 


Metal 


Fig. 1—Ferrite layers formed along oxide cracks during 
the vacuum annealing of oxidized mild steel. Photomicro- 
graph. X500. Reduced approximately 36 pct for reproduc- 
tion. 
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Fig. 2—Suggested mechanism for ferrite layer growth. 


With reference to the diagram of Fig. 2, it would 
appear that a mechanism of the following type takes 
place. Carbon atoms arriving at an oxide/metal/void 
interface, such as ‘A’, Fig. 2(a), can combine with 
oxygen atoms from the scale and leave the reaction 
site as CO,as thereby reducing the oxide to metal. 

On a greatly magnified scale, Fig. 2(b), this will ap- 
pear as a ferrite projection along the crack wall. 
Carbon atoms entering this projection can react with 
oxygen atoms at point ‘C’, which is a new interface, 
and so on leading to a progressive growth of the fer- 
rite along the crack wall and to the surface, Figs. 
2(c) and 1. It would appear that the only means by 
which thickening of the ferrite film can take place 

is by a diffusion of oxygen through the ferrite film 
to react with carbon at the newly formed ferrite/ 
void interface. Since the diffusion rate of carbon is 
reportedly much greater than that of oxygen, and 
since there is a low probability factor of oxygen and 
carbon atoms arriving simultaneously at the same 
site on the ferrite/void interface, there will be a 
tendency for more rapid lengthening than thickening 
of the ferrite layer, as is observed. 
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Temperature Dependence of the 
Yielding Behavior of SAP-Type 
Dispersion Strengthened Alloys 


F. V. Lenel, G. S. Ansell, and R. A. Bosch 


Recent iy, Ansell and Lenel’ proposed a disloca- 
tion model to account for the yielding behavior of 
dispersion-strengthened alloys. The criterion for 
yielding used in this model was that yielding occurs 
when the shear stress due to arrays of piled-up 
dislocations fractures or plastically deforms the 
dispersed second-phase particles. Calculations 
based on this model predict that the yield strength, 
Oy s of a dispersion-strengthened alloy containing 
particles whose geometry permits them to be con- 
sidered as straight, z.e. not curved, barriers to 
dislocations follows the relation 


where yp and yp *are the shear moduli of the matrix 
and dispersed phase respectively, b is the Burger 
vector of a dislocation in the matrix, A is the mean 
free path between dispersed phase particles and C 
is a constant. This yield stress, 0,,, is closely ap- 
proximated in polycrystalline alloys by the propor- 
tional limit. The offset yield stress, Toy is the 
yield stress, 0,., plus the increase of stress due to 
strain hardening in the offset strain increment. 

Previous investigation’ has shown that Eq. [1] 
describes the yielding behavior of several different 
dispersion-strengthened alloys as a function of the 
mean free path between dispersed phase particles 
at a constant temperature. The purpose of this in- 
vestigation was to investigate the temperature de- 
pendence of the yielding behavior of dispersion- 
strengthened alloys. The alloys studied, MD2100 
and MD5100,” are SAP-type alloys containing flake 
shaped aluminum oxide particles dispersed in a 
matrix of commercial purity aluminum. 

The proportional limit and 0.2 pct offset stress 
of both of these alloys were determined as a func- 
tion of temperature over the temperature range 
from -190°to 500°C. All tests were conducted on 
an Instron tensile testing machine. Stress was 
measured by means of the Instron load cell. Strain 
was measured by means of SR-4 strain gages at- 
tached to the tensile specimens. Stress sensitivity 
was 80 psi. Strain sensitivity was 2x 107°. Fig. 1 
shows the values received for the proportional limit 
and 0.2 pct offset yield stress plotted as a function 
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Fig. 1—0.2 pct offset yield stress and proportional limit of 
MD2100 and MD5100 alloys plotted as a function of the 
homologous temperature of these alloys. 


of homologous temperature for both the MD2100 and 
MD5100 alloys. 

Inspection of Eq. [1] shows that of the terms which 
determine the theoretically predicted yield stress, 
Oys» only the shear moduli have an appreciable tem- 
perature dependence. From Eq. [1] the yield stress 
at any temperature T, 07, may be predicted from the 
yield stress at any arbitrary reference temperature, 
in this case 25°C, 025, by the relation 


VY 
[2] 
Mes 


where the subscripts T and 25 refer to the values of 
the property at test temperature and at 25°C, respec- 
tively. The temperature dependence of the yield 
stress predicted by Eq. |2], based on the observed 
value for the proportional limit at 25°C, is also 
shown in Fig. 1. In evaluating Eq. [2] the following 
data was used. The values for the shear modulus of 
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aluminum were interpolated from the data of Sutton® 
for the elastic constants of high-purity aluminum and 
can be considered reliable in this temperature range. 
Much less reliance can be placed in the values for 
the shear modulus of aluminum oxide which were in- 
terpolated from the date of Stravolakis and Norton* 
because of the scarcity of their data in this tempera- 
ture range. 

Referring to Fig. 1, it is seen that the agreement 
between the experimentally determined values of 
the proportional limits of these alloys and the theo- 
retically calculated yield strengths is as good as 
would be expected in view of the uncertainty of the 
available data for the shear modulus of aluminum 
oxide. 

A similar comparison between the experimentally 
determined 0.2 pct offset yield stress and the cal- 
culated yield stress shows no such agreement. The 
reason for this is that yielding in these alloys occurs 
at a strain which is much less than the strain as- 
sociated with the 0.2 pct offset yield stress. The 
offset yield stress given by Eq. [1] plus the stress 
increment due to strain hardening. Since the rate 
of strain hardening is very sensitive to test tem- 
perature, the variation of offset yield strength with 
temperature differs from the variation of the yield 
strength predicted by Eq.|2]. One could, however, 
from these data determine the temperature depend- 
ance of the strain hardening coefficient in the 0.2 pct 
strain range. 

The authors wish to acknowledge the support of 
the National Aeronautics and Space Administration 
for their support of this investigation. 
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The Hardening Mechanism in 


Nitralloy-N Steel 
G. C. Gould and H. J. Beattie 


J. B. Seabrook! recently published properties of a 
low-alloy Ni-Al age-hardening steel known commer - 
cially as ‘Nitralloy-N”. He mentioned three possible 
mechanisms of age hardening, viz. order-disorder 
in the matrix, order-disorder in a precipitate, and a 
precipitate that goes in and out of solution reversibly 
without losing coherency. The following results indi- 
cate that the last-mentioned of these mechanisms is 
the cause of age hardening in Nitralloy-N. 
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Fig. 1—Results of various heat treatments on hardness of 
Nitralloy after Seabrook.? 
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Fig. 2—Aging curves of martensitic and spheroidized ma- 
trix aged at 975°F. 
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The reversibility of the age hardening with a sub- 
critical solution temperature was demonstrated strik- 
ingly by Seabrook,” whose results are reproduced in 
Fig. 1. Aging for 22 hr at 975°F (525°C) can reharden 
the fully-tempered martensite to its original as- 
quenched hardness of R, 45. 

A Nitralloy steel was obtained from Seabrook! with 
the following analysis: 


C Cr Mn Mo Si Al 


C Ni 
0.24 0.51 0.43 0.24 0.33 1.94 


4.83 0.09 
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Fig. 3—Aging curves of martensitic and spheroidized ma- 


trix aged at 1075°F. 
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Regt dispersion that appears to precipitate during aging 
th and grow to a limited extent with aging time. An ex- 


traction replica from a Nitralloy-N specimen 
quenched from 1275° F (690°C) showed the presence 
of fine particles in smaller quantity than in the aged 
Lev specimens. Fig. 4 shows the equiaxed particles that 
characterizes most of the precipitate, and Fig. 5 
shows a fibrous form that appears less often. Se- 
both forms were a CsCl-type structure with a lattice 
parameter around 2.9A. An area similar to Fig. 4 
gives a powder pattern, while the fibers in Fig. 5 
produce in effect a “rotation” pattern, inset, Fig. 5, 


with [100] as the “rotation axis” that coincides with 
a the fiber axis. 

A spheroidized specimen that had been solutioned 

at 1275° F (690°C) and aged for 16 hr at 1075 F 
Fig. se tre sample spheroidized 24 hr at 1275°F, (580°C) was anodically dissolved in an aqueous elec- 
air cooled and aged 16 hr at 1075°F. X5,000. Reduced ap- trolyte of 5 pct HCl at 0.2 amp per sq in. Examina- 
proximately 25 pct for reproduction. tion of the residue by X-ray diffraction disclosed a 
mixture of the precipitation-hardening intermetallic 


Some of the material was carbide-spheroidized prior compound and the carbides Fe,C and M,,C,. The lat- 
to treatment for comparison with control specimens tice parameter of the intermetallic compound was 

in the martensitic condition. After being solutioned determined as 2.8874, which agrees perfectly with 

at 1275°F (690°C), the highest controllable subcritical the published lattice parameter value of the interme- 
temperature, specimens were aged from 1 min to 72 __ tallic compound NiAl.*® 

hr at 975°F (525°C) and at 1075°F (580°C), Figs. 2 and The electrolytic residue was further treated by 

3, respectively. The aging curves, Figs. 2 and 3, show immersion in a 0.25 pct aqueous solution of HCl at 

a similar effect with respect to the spheroidized and 90°C for 18 hr. X-ray examination of the resulting 
martensitic conditions, i.e., the hardness increase residue showed that the intermetallic compound had 


is the same for both conditions, but the initial hard- been preferentially dissolved without much attack of 
nesses are different. the carbides. A second successive treatment of the 
Microstructural differences between the as-solu- same kind and duration was shown by X-ray exami- 


tioned and aged conditions were not discernible at nation to cause further preferential dissolution of 
the optical level. the intermetallic compound, while a third successive 
Extraction replicas were prepared by electrolyti- | treatment made it disappear entirely. One more suc- 
cally etching the mechanically polished surface ina cessive treatment beyond this caused a weight loss | 
10 pct aqueous solution of H,PO,, applying 10 pct ni- of 10.6 pct of the residue, which serves to indicate 
trocellulose in amyl acetate, stripping, and transfer- the extent of carbide dissolution at each stage of the 
ring to a carbon replica. Examination of extraction chemical fractionation treatment described above. 
replicas in an electron microscope revealed a fine The filtrates from the first three treatments were 
analyzed chemically for iron, nickel, and aluminum, 
% Table I. As expected, the first filtrate has the high- 
/ . est Ni-Al concentration. These filtrate analyses do 
not account for all the weight losses of the residues 
during the treatments; spectrographic and further 


Table |. Fractional Analyses Of Electrolytic Residue 


Filtrate Analyses 


Treatment No. 1 2 3 
Weight Percentages* 
Al 13.3 5.8 6.5 
Ni 34,1 17.4 16.1 
Fe 18.5 50.0 51.5 
Total 65.9 73.2 74.1 
Atomic Percentages** 
Al 38.0 15.7 16.6 
Ni 40.3 21.8 19.1 
pee Fe 21.6 62.4 64.2 
Fig. 5—Stringer-like precip: itate in Nitralloy -N, X10,000. *Percent of residue weight loss after chemical fractionation. 
Inset: Electron diffraction pattern of stringers. Reduced **Atomic percentages are normalized to total 100. 


approximately 25 pct for reproduction. 
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quantitative analyses did not reveal other elements 
present in amounts that could account for this weight 
discrepancy. Thus, one can draw conclusions only 
from ratios among the three elements analyzed. The 
results, given in atomic percentages, Table I, indi- 
cate that the nickel:aluminum ratio remains fairly 
close to unity. 

The crystal structure, the lattice parameter, and 
the chemical analyses all indicate that the age hard- 
ening precipitate is the compound NiAl. 

The lattice parameter of the Nitralloy steel ma- 
trix is 2.872A. A coherent precipitation of Ni-Al 
would thus have a lattice disregistry of 0.5 pct. A 
previous investigation’ of an ordered fcc structure 
precipitating coherently in austenitic alloys indicated 
that below a 0.5 pct disregistry the coherency strain 
is not great enough to affect the morphology of the 
precipitate, while above 0.5 pct the particles have a 
characteristic shape and line up in parallel rows. 
The 0.5 pct disregistry in the present case then would 
be borderline, and the electron micrographs, Figs. 4 
and 5, indicate that this is the case. 

Since it has been shown! that longer times at this 
solution temperature do not cause higher maximum 
hardness, it is possible that a steel containing less 
than 5 pct Ni and 2 pct Al would have the same age 
hardening characteristics. A material containing 
3.5 pct Ni and 1.09 pct Al was spheroidized and aged 
for 4 hr at 975° F (525°C); the aging caused the hard- 
ness to increase from R, 21 to R, 31. This increase 
is comparable to the increase of the Nitralloy-N steel 
although the initial and final hardnesses are less be- 
cause of the lower alloy content. This suggests that 
less nickel and aluminum are necessary to yield suf- 
ficient precipitate for the maximum hardening incre- 
ment. 


J. B. Seabrook: Metal Progress, 1961, vol. 79, p. 80. 
2]. B. Seabrook: General Electric Report No. R58MSD323, April 15, 1958, p. 11. 
3w. B. Pearson: A Handbook of Lattice Spacings and Structures of Metals and 
Alloys, Pergamon Press, 1958, value quoted in kX units. 
‘w. C. Hagel and H. J. Beattie, Jr.: Trans. Met. Soc. AIME, 1959, vol. 215, 
p. 967. 


Mn Vapor Pressures in the 
Mn-Fe System 
J. H. Smith, H. W. Paxton, and C. L. McCabe 


Tue recent investigation of Butler, McCabe, and 
Paxton! on the vapor pressure of manganese gas in 
equilibrium with Mn-Fe alloys has been extended to 
include the iron-rich solutions and alloys in the two 
phase equilibrium region. The study of the phase 
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Table I. Equilibrium Mn Partial Pressure At 1185°K 


Mn Concentration, Orifice Area, Flux Mn Pressure 
at. Pct cm? x 107° g/cm? sec x 1075 atm x 107° 
74.5 4.08 3.57 3.74 
74.5 3.31 3.72 
7i.7 3.56 3.37 3.53 
69.7 25 3.29 3.44 
67.3 3.29 3.44 
67.3 2.87 3.24 3.40 
65.6* 4.41 3.3 3.28 
65.6* 4.33 3.10 3.24 
61.8 3.48 3.09 3.22 
61.8 3.33 3.01 3.15 
61.8 2.81 2.98 


*For this alloy an independent analysis was made by Armco Steel 
Corp. and the result was identical with the Carnegie Institute of Tech- 
nology value reported here. 


equilibrium by Kurnakov and Troneva? and the exten- 
sive reviews of the Mn-Fe system by Hansen,° and 
Hellawell* are not in agreement with regard to the 
location and extent of the equilibrium between the 
solid phases of fcc y and complex f in the tempera- 
ture range above the eutectoid temperature of ap- 
proximately 975° K where 8 decomposes to y and 
bec a. An evaluation of the existing equilibrium data 
is confronted with the conflicting results presented 
by various investigators who used techniques requir - 
ing a quenching treatment to retain the high-tempera- 
ture equilibrium or encountered temperature hyste- 
resis during thermal analyses. The difficulty of sup- 
pressing the transformation of the manganese-rich 
concentrations of the y-solid solution during quench- 
ing has been well established.*® 

To avoid this uncertainty the phase equilibrium 
was investigated at temperature by measuring the 
partial pressure of manganese gas in equilibrium 
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Fig. 1— Manganese pressure as a function of composition 
for Mn-Fe alloys at 1185°K. Single values are repre- 
sented by O while the range of multiple values is indicated 
by I. Raoult’s law for 6-Mn standard state is shown by the 
straight line. 
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ported in Table I and the manganese pressure data 
plotted in Fig. 1. Within the scatter of the data, it is 
1.00 evident that the y + £ field is quite narrow; indeed it 
is probably somewhat narrower than the suggested 
width of Hellawell* or Kurnakov and Troneva.? To 
make the data fit either of these diagrams exactly 


i O Butler,McCabe & Poxton 
@ This Investigation 


| 


3 70.75 would require marked curvature in the activity vs 
a composition curve, which does not contradict the re- 
2. sults but is not consistent with the usual description 


of solution behavior. The suggested curve in Fig. 1 
40.50 is probably adequate for most purposes. 

Additional single measurements for the solid solu- 
tions made at 1232°K to supplement those of Butler 
et al.’ are plotted in Fig. 2. Deviations from Raoult’s 


Mn Pressure (atmospheres x 10°) 


3 ite law are seen to be small throughout the entire compo- 
sition range, and the existence of a very narrow y+ 
field receives additional support. 
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The Knudsen effusion technique was employed and 


1 
has oes se ed en were pre- j. F. Butler, C. L. McCabe, and H. W. Paxton: Trans. Met. Soc., AIME, 1961, 
ared from electrolvti ; = vol. 221, p. 479. 
Pp ; ct ytic Mn ( pet) and Ferrovac ?N.N. Kurnakow and M. Y. Troneva: Izvest Sektora, Fiz. Khim Analiza, 1953, 
E Fe, and induction melted under a purified argon vol. 24, p. 146. 
3M. Hansen: Constitution of Binary Alloys, McGraw-Hill Book Co., N.Y., p. 665, 


atmosphere. The carbon, nitrogen, and oxygen con- 1958. 
: *A. Hellawe ll: The Equilibrium Diagram of the System Iron-Manganese, Insti- 
tents (maximum) were 0.016, 0.0022, and 0.075 wt pet, tute of Metals Annotated Equilibrium Diagrams No. 26, London, 1956. 
respectively. M. Walters, Jr. and C. Wells: vol. 23,.p: 727- 
A. Hell ll and W. H -Rothery: il, S0c., 1957, 1. 24Ya, 
The results for the 1185°K investigation are re- 


Correction to Volume 218 


Page 1125 
Discussion on Kunz and Bibb’s paper reads: T. S. Liu (Lockheed Aircraft Corp) 
Should read: T. S. Liu (Southwest Research Institute) and M. A. Steinberg (Lockheed Aircraft Corp.) 


Correction to Volume 221 


Page 295 
Title reads: A Thermodynamic Study of Dilute Solutions of Sulfur in Liquid and Lead 


Should read: A Thermodynamic Study of Dilute Solutions of Sulfur in Liquid Tin and Lead 


Errata 
Some Thermodynamic Properties of the Cadmium-Copper System, vol. 221, p. 527 
Appendix Table I reads: (First two lines) € 74.2 |200 | 0 0 
e+6 68.1+0.1 | 200 | 0 0 
Should read: 74.2 < |200) 0 0 


+6 68.1+0.1 < {200| 0 0 
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